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Section  1:  EXECUTIVE  SUMMARY 


The  research  is  concerned  with  the  mechanical  properties  of  ceramic/metal  bonded  systems 
and  with  establishing  criteria  for  interface  decohesion,  sliding  and  for  cracking  across  interfaces. 
The  research  is  closely  coordinated  with  other  DARPA/ONR  programs  at  UCSB  concerned  with 
advanced  composites.  The  research  has  application  to  the  mechanical  performance  of  biphasic 
systems,  including  metal  matrix  composites,  layered  materials  and  refractory  metal  toughened 
ceramics.  It  is  also  relevant  to  the  adhesion  of  ceramic  coatings  on  alloy  substrates,  the  joining 
and  brazing  of  metals  to  ceramics  as  well  as  the  mechanical  integrity  of  multilayer  capacitors  and 
ceramic  packages  for  electronic  devices.  A  central  issue  concerns  the  elucidation  of  relationships 
between  the  interface  fracture  energy  Fi  and  the  properties  and  dimensions  of  the  constituents 
and  interphases,  as  well  as  the  influence  of  plasticity  in  the  metal.  One  eventual  objective  is  to 
provide  models  that  allow  Fi  to  be  predicted  from  constituent  properties. 

The  basic  information  about  Fi,  as  well  as  the  sliding  resistance  t,  is  necessary  for 
interpretation  of  the  mechanical  performance  of  biphasic  systems.  The  interface  results  will  be 
used  to  manipulate  the  properties  of  these  materials  by  choosing  material  combinations  that 
exhibit  wide  ranges  of  Fi  and  x.  The  debonding  and  sliding  of  interfaces  also  influence  the 
mechanisms  that  dominate  stress  redistribution  in  composites  (MMCs,  CMCs,  IMCs). 
Mechanism  transitions  have  substantial  import  for  structural  performance.  The  creation  of 
mechanism  maps  and  their  dependence  on  Fi  and  t  represents  another  important  objective. 

The  basic  interface  studies  have  established  the  central  role  of  either  reaction  products  or 
interphases  on  the  interface  fracture  energy.  When  such  interlayers  develop  upon  forming  the 
bond,  Fi  is  typically  lower  than  the  magnitude  achievable  when  a  direct  bond  develops  between 
the  metal  and  ceramic.  In  the  absence  of  an  interlayer,  plastic  dissipation  is  encouraged  in  the 
metal  adjacent  to  the  interface,  leading  to  Fi  in  the  range,  lO-lO^Jm'^,  dependent  upon  the  metal 
yield  strength,  ao,  etc.  When  interlayers  form,  they  are  usually  brittle  and  decohesion  occurs, 
either  within  this  layer  or  at  one  of  the  interfaces.  Consequently,  Fi  has  magnitude  typical  of  the 
interphase  material  itself,  l-SOJm'^.  As  a  result,  when  defect-free  bonds  can  be  generated  without 
reaction  products,  superior  properties  are  achievable.  However,  in  some  cases,  bonds  can  only  be 
created  when  a  reaction  product  is  induced,  such  as  Si3N4/Ni.  Then,  it  is  important  to  maximize 
the  fracture  energy  of  the  reaction  product 

Few  interfaces  have  a  sufflciently  low  Fi  to  permit  controlled  debonding  in  biphasic 
composite  systems.  Among  the  few  are  interfaces  between  certain  refractory  metals  (particularly 
Mo,  Cr,  W)  and  either  oxides  or  intermetallics.  Usually,  these  systems  develop  oxide  interphases 
(MoC)2,  Ci^03,  etc.)  and  decohesion  occurs  (at  Fj  •  IJm*^)  between  the  refractory  metal  and  its 
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own  oxide.  While  the  underlying  principles  are  not  yet  understood,  the  observation  may  be 
exploited.  Two  phenomena  have  been  explored,  based  on  the  low  Fi  for  certain  refractory  metal 
biphasic  systems,  (i)  The  fracture  resistance  of  layered  systems  between  NiAl  and  Mo(Cr)  alloys 
produced  by  directional  solidification  (DS).  (ii)  Debonding  and  sliding  in  AI2O3/AI2O3  CMCs 
with  refractory  metal  Hber  coatings. 

Crack  growth  has  been  monitored  in  the  layered  DS  NiAl/Mo(Cr)  system.  Controlled 
debonding  occurred  at  the  interfaces,  consistent  with  a  small  Fi.  Stress  redistribution  effects 
associated  with  debonding  have  been  calculated.  The  results  have  been  correlated  with  the  high 
fracture  resistances  found  in  these  materials,  relative  to  NiAl. 

Composites  consisting  of  thin  Mo  coatings  on  sapphire  fibers  in  a  polycrystalline  AI2O3 
matrix  have  been  produced.  It  has  been  demonstrated  that  the  Mo  coatings  protect  the  fiber  upon 
composite  consolidation.  It  has  also  been  shown  that  debonding  occurs  at  the  interface  in  these 
composites,  consistent  with  the  low  F i.  However,  the  sliding  resistance  x  is  relatively  high 
(»  120  MPa)  and  controlled  by  the  shear  yield  strength  of  the  Mo.  Smaller  values  of  x  would  be 
preferred  for  optimal  composite  performance. 
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Section  2 

MECHANICS  OF  INTERFACES 
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EFFECTS  OF  FIBER  ROUGHNESS  ON  INTERFACE 
SLIDING  IN  COMPOSITES 
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.\bMracl — The  presence  ol'  aspeniies  at  the  hber-mainx  interlace  is  noted  expenmentallv  as  a  load  nse 
during  the  initial  suges  of  push-out  and  as  a  reseating  load  drop  during  push-back.  These  effects  are 
modelled  by  constdenng  the  elastic  deformauon  of  aspenues  at  the  interlace.  Duting  fiber  sliding,  the 
decorrelation  of  initially  malching  fiber  and  matnit  geometries  tesuits  in  an  asperity  pressure  at  the 
interface.  Fractal  models  of  interface  roughness  are  incorporated  into  an  equauon  of  fiber  sliding  that 
IS  found  to  accurately  reproduce  expenmenul  observations.  .Addiuonally.  an  asperity  wear  mechanism 
must  be  introduced  to  explain  the  effecu  of  fatigue,  the  variation  of  fiber  reseaung  «nih  slidmg  disunce. 
and  the  rapid  decay  in  sliding  stress  during  pnsune  fiber  push-out. 

— La  presence  d'aspmtn  a  I'interface  fibrematnee  est  consuiee  expenmentaletiient  comme  une 
elevation  de  charge  pendant  les  stades  iniuaux  de  la  poussee  et  comme  une  chute  de  charge  pendant  la 
poussee  inverse.  Ces  effeu  sont  moddism  en  consideraai  la  deformauon  elastique  des  aspentes  a 
I'interface.  Pendant  k  glissement  des  fibres,  la  decorrelauon  des  geometries  initialeincnt  assortics  des  fibres 
de  la  matnee  conduisent  a  une  picssion  d'aspenie  a  rinterfacc.  Des  modeles  fracuux  de  la  rugosite  de 
I'inietface  sont  inoorpores  dans  I'diuauon  du  glissement  des  fibres  qui  reproduit  avee  precision  ks 
observauons  expeiimentaks.  De  plus,  un  mecanisme  d'uaure  des  aaperitm  doit  etre  mtroduii  pour 
eaphquer  ks  effets  de  la  fatigue,  la  variation  de  remise  en  place  de  la  fibre  avec  la  distance  de  glissement. 
et  la  rapide  decroisaanee  de  la  conirainu  de  glissement  pendant  la  premietc  pousiee  sur  la  fibre. 

ZaMMaataamf— Rauhigkeiien  an  dcr  Gtenrfliche  zwiachen  Faaer  und  Matrix  marhm  sich  im 
Experiment  ala  Aiotieg  der  Last  wahrend  der  Anfangsphaae  des  Ausaefaens  und  ala  Lastabfall  dutch 
Wiedereiiiiaaien  wahrend  des  Zuruckachiebeas  bemerlcbar.  Diese  Effckic  wenlcn  inodcUbaft  beachiieben. 
indem  die  elastiache  Verformung  der  Rauhigkeiten  an  der  GrenzfUche  besefarieben  werden.  WUuend  des 
Gkitens  der  Faaer  fuhit  das  “Autrasten"  der  urspriinglicb  pasaenden  Faaer-  und  Matiixgcometiien  zu 
eiiicm  Druck  dutch  die  Rauhigkeiien  an  der  Gicnzflache.  Fraktak  ModeUe  der  Otimrflidwairauhigkeit 
werden  in  cine  Ckichung  der  Fasergkitung  eingebaut:  es  ergibt  sicb.  daB  dicae  dk  expefimeatelkn 
Beofaaebtungen  genau  wkderpbt.  Zusiizlich  muB  win  Rauhigkeiu-Abrkbmecfaannmua  cingefuhn  wer- 
den.  um  dk  ElTekie  der  Ermudung,  der  Variation  des  Einraaieiu  der  Faaer  mil  dem  Gkitweg  und  den 
raachen  AbfaU  in  der  Glettspamiung  wahtend  des  votatisgegangciien  Aimkhena  der  Faaer  erklitcn  zu 
kdnnen. 


1.  INTRODUCTION 

Fiber-reinforced  composites  gain  much  of  their 
toughening  from  the  frictional  sliding  of  fiben  (1-4]. 
Most  descriptions  of  sliding  have  employed  a  sliding 
stress,  r,  that  does  not  incorporate  the  microscopic 
roughness  of  the  sliding  surfaces  (3-7].  Reorat 
experimental  evidence,  however,  has  elevated  the 
role  of  interface  roughness.  In  particular,  certain 
features  of  fiber  push-out  and  pull-out  caimot  be 
explained  by  the  frictional  sliding  of  smooth  fibers. 
For  exampk.  after  a  fiber  has  been  pushed  through 
[Fig.  I(a)]  or  pulled  out  and  returned  to  its  original 
locatioru  it  experiences  a  reseating  load  drop 
[Fig.  1(b)]  [8-11].  This  load  drop  arises  from  the 
geometric  memory  of  the  fiber-matrix  debond  sur¬ 
face;  the  fiber  and  matrix  geometries  re-correlate  in 
their  original  orientation.  Furthermore,  fiber  push- 
out  IS  often  accompanied  by  an  increasing  load 
during  the  early  suges  of  sliding  [Fig.  1(a)]  [7, 1 1]:  a 


phenomenon  which  is  also  attributed  to  geometric 
decorrelation  during  fiber  displacement.  Additioiul 
evidence  for  roughneu  arises  from  effecu  associated 
with  cyclic  sliding  duting  fatigne  (Fig.  2)  [II].  This 
article  develops  a  simple  model  of  fiber  sliding  that 
incorporates  fiber  roughness,  which  may  be  used  to 
simulate  and  interpret  fiber  push-out  and  pull-out 
measuremenu.  The  model  shows  that  the  dewrrela- 
tion  of  initially  nutching  fiber  and  nuthx  geometries 
is  seemingly  responsible  for  many  of  the  observed 
phenomena. 

Jeto  et  ttl.  [8, 9]  first  noted  the  importance  of  fiber 
roughness  and  modelled  iu  effect  as  an  addition  to 
the  interfacial  clamping  pressure.  They  assumed  that 
the  fiber  and  matrix  geometries,  once  removed  from 
their  original  position,  would  create  a  uniform  asper¬ 
ity  pressure  that  simply  adds  to  any  existing  clamping 
pressure.  A  more  detailed  arulysis  of  asperity  inter¬ 
actions  was  presented  by  Carter  et  al.  [10]  wherein 
asperity  roughness  is  modelled  as  Hertzian  contactt. 
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Original  fiber  location 


leading  to  a  sinusoidal  modulation  of  the  sliding 
stress.  Kerans  and  Parthasarathy  (12)  include  asperity 
pressure  in  a  detailed  treatment  of  fiber  debonding 
and  sliding  duiing  both  push-out  and  pull-out  exper¬ 
iments.  They  note  that  asperity  pressure,  due  to 


roughness,  plays  an  important  role  in  fiber  sliding. 
.Additionally.  Kerans  and  Panhasarathy  (12] 
introduce  discussion  of  abrasion  during  fiber  sliding 
that  would  have  implications  dunng  the  sliding  of 
fatigued  fibers. 
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The  present  model  considers  an  elastic  asperity 
mismatch  akin  to  that  or  Jero  «i  at.  (8.9)  but 
includes  a  full  spectrum  of  fiber  roughness, 
represented  using  fractal  geometry.  As  such, 
computer  simulations  using  this  model  illustrate  all  of 
the  fundamental  aspects  of  sliding  along  a  rough, 
debonded  interface,  and  directly  demonstrate 
asperity  etfects  during  the  sliding  of  both  pristine  and 
fatigued  fibers. 


2.  SUOING  MECHANICS 

Fiber  sliding,  in  the  absence  of  roughness,  has  been 
analyzed  using  a  generalized  sliding  law  [S.  13] 

(I) 

where  r  is  the  sliding  stress,  /i  is  a  friaion  coefficient. 
<r,  is  the  compressive  stress  normal  to  the  interface, 
and  To  IS  a  constant  sliding  stress.  When  t„  and  Cj.  the 
mismatch  strain  between  fiber  and  matrix,  are  inde¬ 
pendent  of  location  along  the  fiber,  z.  the  push-out 
stress  on  the  fiber.  is  [S.  13] 

a  gii[exp(2ttflt//t)- l](l -/ ) 

where  /  is  the  fiber  area  fraction.  E  is 
Young  s  modulus.  R  the  fiber  radius,  and  t  is  the 
embedded  length  of  the  liber  (Fig.  3).  with  the 
subscripts  f  and  m  refernng  to  fiber  and  matrix. 


respectively,  and 

fl-v£(£,(H-v.)-|.£(l  -V)]-' 


V  \;i  j  ££„(!- 


/) 


t~h-d 


with  V  being  Poisson's  ratio  (assumed  to  be  the  same 
for  fiber  and  matrix).  £  is  the  composite  modulus,  h 
is  the  specimen  thickness  and  d  is  the  sliding  distance 
of  the  fiber. 


3  Schemaiic  I'f  tifier  sliding  and  ihe  assoaated 
seomcir. 
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Normoiizvd  fiDc^  flisoiactment 

Fig.  4  A  sinusoidal  interface  surface  results  in  a  similar 
modulation  of  the  sliding  stress. 

When  the  misfit  is  dependent  upon  because  of 
roughness  along  (he  debonded  interface,  the  push-out 
stress  IS  modified.  For  this  purpose,  is  re-expressed 

as 

(3) 

where  r,  is  the  thermal  expansion  misfit  and  is 
the  asperity  mismatch  between  fiber  and  matrix  along 
the  embedded  length  of  the  fiber  (Fig.  3).  If  the 
asperities  are  axisymmetric.  the  roughness  leads  to  a 
local  misfit  strain.  S(z)IR.  at  locations  where  asperi¬ 
ties  in  the  fiber  and  matrix  slide  past  each  other.  In 
essence,  the  asperity  induces  an  additional  pressure. 
p,  that  determines  t,:  mechanistically  arising  from  the 
geometric  decorrelation  of  fiber  and  matrix  during 
fiber  sliding.  As  such,  the  interfacial  shear  stress 
presented  in  equation  (I)  is  entirely  Coulombic 

T^p(c,  +  p)  (4) 

with.  To  =  —pp.  (Note  that,  because  p  is  compressive. 
T,  is  positive.) 

For  simplicity  of  presentation,  roughness  eflfects 
are  demonstrated  for  the  case  of  single  fiber  push-out 
with  vr»v„  and  small  /,  such  that  equation  (2) 
reduces  to 

(r„ »  Oo  exp(2pRt/R  —  1 ).  (5) 

The  integral  of  the  asperity  mismatch  over  the 
embedded  length  of  the  fiber  provides  the  asperity 
pressure.  Hence,  the  push-out  stress  given  by 
equation  (S)  becomes 

^  [exp(2pSf //?(!  -  d:i)}  -  1) 

-I-  (2£p/R^)exp(-2pBd/R) 

X  J  [exp(2M^r/fI)]j(2)d;  (6) 

where  d  is  the  push-out  distance  (Fig.  3). 
Consequently,  by  specifying  an  interface  roughness, 
ii(r),  the  push-out  stress  can  be  computed  from 
equation  |6). 


3.  SIMLL.vriONS 

Fiber  push-oui  simulations  are  conducted  that 
address  the  push-out  force  aner  me  debondmt  toad 
drop.  The  rougnness  oi  the  debonoed  interface  is 
modelled  using  fractal  algonihms  with  identical 
fractal  profiles  assignee  to  both  sides  of  the  debond. 
Once  assigned,  the  profiles  are  compared  at  each 
sliding  distance  to  determine  a  diametral  mismatch. 
<)(:),  at  increments  along  the  fiber  length.  Using 
equation  (6).  the  resulting  push-out  stress  is  deter¬ 
mined.  The  simulation  methodology  was  tested  by 
computing  the  push-oui  behavior  of  a  fiber  that  has 
a  single  wavelength,  axisymmetnc.  sinusoidal  profile. 
For  such  roughness,  a  sinusoidal  form  is  demon¬ 
strated  in  a  push-out  simulation  (Fig.  4).  More 
realistic  fiber  profiles  were  simulated  using  a  fractal 
geometnc  technique  known  as  fractional  Brownian 
motion  t/Bm)  (14-17],  a  technique  that  has  found 
widespread  use  in  the  simulation  of  natural  ge¬ 
ometries.  Evidence  for  the  utility  oi  f'Bm  modelling  is 
presented  in  Fig.  S.  which  compares  the  profile  of  an 
(SCS-6)SiC  fiber,  taken  using  a  profilometer 
(Fig.  S(a)]  with  a  fracul  representation  [Fig.  S(b)). 
The  use  of  fractal  modelling  enables  controlled 
simulation  of  fiber  “roughness."  and.  consequently, 
demonstrates  the  role  of  roughness  in  fiber  sliding. 

The  following  simulations  relate  to  push-out  curves 
measured  on  Ti  alloy/(SCS-6)SiC  fiber  metal-matrix 
composite.  These  simulations,  using  known  values  of 
elastic  moduli  and  roughness,  are  compared  directly 
with  experimental  results  (11].  The  elastic  constant.  B 
in  equation  (6)  was  computed  from  the  formulae  of 
Hutchinson  and  Jensen  [5].  Fiber  roughness  simu¬ 
lations  were  based  upon  a  fractal  analysis  of  SCS-6 
fiber  profiles,  providing  a  profile  fractal  dimension  of 

•  1.12.  The  fiber  and  matrix  surfaces  were  mod¬ 
elled  as  axisymmetric  surfaces  of  revolution,  resulting 
in  a  fiber  surface  dimension  of  2.12.  Profilometry  of 
(SCS-6)SiC  fibers  indicated  a  roughness  with  a  maxi¬ 
mum  amplitude  of  tenths  of  microns  [Fig.  S(a)]  and 
the  fractal  represenutions  were  scaled  accordingly. 

At  the  onset  of  fiber  sliding,  the  fiber  and  matrix 
geometries  are  in  perfect  registry.  Consequently,  the 
roughness  term  vanishes  from  equation  (6),  resulting 
in  an  equation  for  smooth  fiber  push-out.  Thus,  a 
coefficient  of  friction  was  determined  by  matching 
theory  and  experiment  at  the  point  of  initial  sliding. 
This  matching  for  the  results  on  Ti/SiC  (SCS-6) 
indicated  that  p  »  0.26. 

A  typical  set  of  simulauons  is  illustrated  in  Fig.  6. 
Various  behaviors  are  apparent,  dependent  on  the 
roughness  amplitude  distribution  sampled  within  the 
specimen  section  thickness.  Most  relevant  is  the 
frequent  appearance  of  rising  load  portions  of  the 
push-out  curve.  This  feature  is  observed  experimen¬ 
tally  (Fig.  1)  and  is  at  variance  with  the  behavior 
expected  for  smooth  fibers.  Furthermore,  the  extent 
of  the  rise  is  consistent  with  that  found  by  exper¬ 
iment.  as  illustrated  m  Fig.  7  After  rising  to  a 
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Fig.  S.  Comparison  of  actual  (a)  and  simulated  (b)  SCS-6  fiber  profiles. 


maximum,  experimental  push-outs  experience  a  rapid 
decrease  in  the  applied  load.  As  shown  in  Fig.  7, 
simulated  push-outs  are  found  to  consistently  remain 
higher  than  experimental  results.  Such  a  rapid 
decrease  in  push-out  load  caimot  be  modelled 
without  the  introduction  of  interface  wear,  a  process 
that  will  be  discussed  in  connection  with  fiber  teseat- 


Fig.  6.  Push-out  simulations  exhibit  the  same  qualitative 
behavior  as  experimental  push-ouu.  Each  curve  represents 
a  random  sampling  from  the  roughness  distribution. 


Fig.  7  Rough  fiber  push-out  simulations  resemble 
experimental  results  <A  •  210  pmi. 


ing  and  fatigue.  As  expected,  fibers  having  an  inter¬ 
face  roughness  amplitude  greater  than  that  for  SCS-fi 
fibers  exhibit  push-out  curves  with  larger  oscillations 
(Fig.  8). 

Consistent  with  previous  studies  of  push-out  and 
pull-out.  the  push-out  force  is  found  to  be  strongly 
influenced  by  the  friction  coefficient  over  the  fuU 


Fig.  8.  An  increase  in  roughness  ampUtude  has  a 
pronounced  effect  on  fiber  sliding. 


Fig.  9.  An  increase  in  the  coefficient  of  friction.  |i.  increases 
fiber  sliding  stress. 
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Fig.  10  An  increase  in  ihe  Poisson  s  ratio  increases  liber 
sliding  stress:  £  is  a  composite  Poisson  s  ratio  (equation  I2)|. 

push-oul  distance  ( Fig.  9).  but  only  moderately  de¬ 
pendent  on  Poisson's  ratio  at  initial  push-through 
(Fig.  10).  The  elTects  of  thermal  expansion  misfit  are 
of  particular  interest  i  Fig.  II).  As  expected,  the 
push-out  force  is  reduced  when  the  misfit  is  reduced, 
but  IS  still  finite  when  the  misfit  is  reduced  to  zero. 
For  zero  misfit,  the  push-out  curve  is  dependent 
entirelv  on  the  roughness  distribution.  Consequently, 
the  shape  of  the  curve  changes  when  different 
segments  of  the  roughness  distribution  are  included 
in  the  specimen  section  (Fig.  II).  The  behavior,  in 
essence,  governs  Xo  in  equation  (I). 

4.  INTERFACE  FATIGUE 

Expenments  on  interfaces  subject  to  cyclic  siding  in 
fatigue  have  revealed  push-out  behavior  that  departs 
significantly  from  that  of  their  pristine  counterparts 
(II]  (Figs  I  and  2).  The  initial  sliding  stress  of 
pre-fatigued  fibers  was  much  lower  and.  during  sub¬ 
sequent  push-out.  was  followed  by  substantial  load 
increase,  even  though  the  embedded  fiber  length  is 
decreasing  as  push-out  proceeds.  The  low  initial 
sliding  stress  is  attributed  to  interface  degradation 
during  fatigue,  while  the  subsequent  increase  in  liber 
stress  anses  from  an  asperity  mismatch  pressure. 
Thus,  in  addition  to  roughness,  the  simulation  of 
fatigued  fiber  sliding  requires  interface  wear. 


f  jiiBue  acaraaation  oi  ihc  nbcr-mairix  interface 
was  moaeileo  in  two  wa>s  smoothing  ano  fragmenta¬ 
tion.  The  first  simulation  technique  employs  a  low 
pass  filler  to  eliminate  chosen  scales  ui  roughness, 
akin  to  aspenty  wear.  Profile  filtering  is  performed  on 
the  Founer  spectrum  of  the  profile,  wi.jrein  a  low 
pass  cut-otf  frequency  is  chosen  and  the  profile  is 
reconstructed  using  onlv  those  wavelengths  below  the 
cut-olf.  In  these  simulations,  only  the  fiber  profile  is 
smoothed,  indicative  of  preferential  wear  at  the  fiber 
side  of  the  interlace.  Consequently,  the  fiber  and 
matrix  no  longer  alTord  a  perfect  match,  and  small 
gaps  form  between  the  fiber  and  matnx.  Aspenty 
filtenng.  however,  did  not  simulate  the  fatigued  fiber 
push-out  features  found  by  expenment. 

The  second  approach  entails  removing  a  thin  shell 
of  interface  matenal  from  around  the  fiber,  somewhat 
equivalent  to  relaxing  the  residual  thermal  stress,  but 
permitting  small  gaps  at  the  interface.  The  fragments 
formed  by  cyclic  sliding  arc  assumed  to  be  removed 
from  the  interface  and  become  relocated  between  the 
matnx  crack  surfaces.  The  results  of  these  simu¬ 
lations  (Fig.  12)  exhibit  correspondence  with  the 
expenmental  curves  (Fig.  2).  A  reduction  in  interface 
sliding  stress  upon  cyclic  sliding  caused  by  coating 
fragmentation  thus  appears  to  be  the  more  plausible 
degradation  mechanism. 

5.  HBER  RESEATING 

Perhaps  the  most  telling  evidence  of  fiber  geometry 
is  that  of  fiber  reseating  (8-11).  This  occurs  when  a 
fiber  has  been  displaced  within  the  matrix  and  then 
returned  to  its  original  location.  As  the  fiber  moves 
back  into  position,  the  reseating  is  accompanied  by  a 
considerable  load  drop.  This  phenomenon  has  been 
witnessed  in  at  least  two  matrices  containing  (SCS- 
6)SiC  fibers:  Ti(15-3)  and  glass.  The  present  simu¬ 
lation  procedure  is  inherently  reversible  and  always 
produces  fiber  reseating.  Yet.  expenmental  evidence 
suggests  that  the  fiber  is  worn  during  sliding  and  that 
sub^uent  reseating  is  affected  by  the  extent  of 
sliding  [II].  This  effect  can  be  simulated  by  introduc¬ 
ing  a  wear  mechanism  that  relaxes  the  clamping 


rib«r  diBOloctment  lani) 

Fig.  1 1 .  .A  change  in  ihe  thermal  misfit  at  identical  roughness 

changes  both  the  character  and  magnitude  of  the  sliding  Fig.  12.  Fatigue  simulated  by  relaxing  the  misfit  resembles 
stress:  q  is  ihe  thermal  expansion  misfit  stress,  y  >=  expenmental  results. 
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Another  sieniiicani  finding  is  the  change  in  inter* 
face  properties  caused  by  cyclic  sliding  in  fatigue.  The 
push*oui  simulations  are  found  to  have  the  same 
form  as  the  experimental  measurements  when  the 
fiber  coating  is  assumed  to  fragment  and  relax  the 
thermal  expansion  misfit  between  fiber  and  matnx. 
Such  fragmentation  has  been  observed  expenmen* 
tally.  This  reduction  in  sliding  stress  would  have  the 
detnmental  effect  of  accelerating  fatigue  crack 
growth  (18). 
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abstract 

The  dominant  influence  of  fiber  coatings  on  the  mechanical  performance  of 
brittle  mttrix  composites  is  addressed.  These  effects  are  described  in  terms  of 
two  independent  mechanical  parameters,  the  debond  energy,  T,.  and  the 
sliding  resistance  along  the  debond.  t.  Complications  associated  with  mode 
mixity.  roughness  arui  coating  microstructure  are  emphasized.  A  mechanics  of 
composite  behavior  based  on  these  parameters  is  described,  together  with 
measurement  approaches  that  allow  T,  and  x  to  be  evaluated  either  in  situ  or 
in  model  composites.  Key  prtdtlems  associated  with  fiber  coatings  are 
identified  and  discussed. 


NOMENCLATURE 


a  Matrix  flaw  radius 

d  Debond  length 

D  Matrix  crack  spacing 

£  Longitudinal  modulus  of  composites.  fE,  +  ( 1  —  f)E„ 

E,  Young's  modulus  of  fiber 

E„  Young's  modulus  of  matrix 

/  Fiber  volume  fraction 

Energy  release  rate  at  crack  tip 
H  Fiber  pull-out  length 

H  Roughness  amplitude 

J  J  integral 

3 
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Jfi  Matenui  resistance 

I  Wavelength  of  roughness 

L(,  Bridging  zone  length 

Z.C  Roughness  related  contact  zone  size 
Z.0  Scale  parameter 

in  Shape  parameter 

p  Longitudinal  residual  stress  in  matrix 
P  Load 

(/  Residual  stress  normal  to  interface 
R  Fiber  radius 

Fiber  bundle  strength 
5q  Scale  parameter  for  fiber  strength 

II  Crack  opening  displacement 

X  Elastic  mismatch  parameter 

r  'Composite'  fracture  energy,  F  «  /F,  +  ( I  —  /)F„ 

F,  Fracture  energy  of  fibers 

F,  Interface  fracture  energy 

F„  Fracture  energy  of  matrix 

F,  Mode  I  fracture  energy  of  interface 

d  Displacement 

£t  Misfit  strain 

p  Friction  coefficient 

V  Poisson's  ratio 

ff,  Debond  interaction  stress  on  fiber 

<T,  Matrix  cracking  stress 

dp  Peak  stress  on  fiber 

<Tp  Ultimate  tensile  strength 

T  Interface  sliding  stress 


1  INTRODUCTION 

Interfaces  have  a  dominant  effect  on  the  mechanical  properties  of  brittle 
matrix  composites,  such  as  fiber-reinforced  ceramics,  glasses  and  intermetal- 
lies.  Generally,  for  enhanced  crack  growth  resistance,  the  ini^ace  between 
the  fiber  and  the  matrix  must  be  'weak'.  Indeed,  'weak'  interfaces  are  a 
prerequisite  for  attainment  of  fracture  resistances  that  appreciably  exceed 
those  of  the  matrix,  whereupon  frictional  dissipation  along  the  debonded 
interfaces  becomes  the  primary  source  of  enhanced  ‘toughness*.  Conversely, 
creep  resistance  is  enhanced  by  having  a  'strong*  interface.  Consequently,  a 
rigorous  definition  of  ‘weak*  and  'strong*  nwds  to  be  esublished  for 
interfaces  of  interest.  Thermochemical  and  thermomechanical  consider- 


inttriaces  in  nher^rtmtorced  hnule  matrix  mmntisue^ 


A  4  A  A  A  * 


Fin.  i*  A  typical  'interlace'  in  a  brittle  matru  composite:  lai  schematic  illustration  showing 
a  debond  crack  rormed  following  matrix  cracking:  ibi  the  LAS/Nicalon  system,  with 
debonding  within  the  carbon  layer  caused  by  thermal  expansion  misliL 

atioQS  usually  dictate  that  the  'interface'  consists  of  one  or  more  thin 
coatings  between  the  fiber  and  matrix.  Also,  in  some  cases,  a  reaction 
produa  layer  forms  during  processing.  A  typical  'interface'  is  depicted  in 
Fig.  1.  The  intent  of  the  present  article  is  to  provide  a  framework  for 
expressing  and  characterizing  the  mechanical  response  of  interfaces  and 
relating  these  to  the  properties  of  brittle  matrix  composites.  With  this 
objective,  various  nondimensional  parameters  are  identified  and  their  role 
described.  These  include  (Table  1);  an  elastic  mismatch  parameter,  s:  debond 
parameter,  i?;  matrix  cracking  parameters.  Ji  and  a  pull-out  parameter. 
ft\  and  an  interface  roughness  parameter. 

Thf  fracture  properties  of  brittle  matrix  composites  are  governed  by 
matrix .  'ocking,  followed  by  interaction  of  these  cracks  with  the  fibers  and 
interfaces.*  Such  interactions  have  been  found  to  involve  two  independ¬ 
ent  interfac  mechanical  parameters:  the  debond  fracture  energy,  F,,  and  the 
sliding  resistance  along  the  debond  r.*"*  The  role  of  these  parameters  in 


TABLE  1 

A  Summary  of  Prominent  Non-dimeiuional  Parameien 


initial  debonding 

£?-r„r. 

Thermal  cracking 

Matrix  cracking 

Pull-out 

Jt  -iryff  L^T„E„ 

Interface  roughness 

Elastic  mismatch 

Debond  propagation 

C  -  r,  ERc\ 

Interface  separation 

I  Ci.  Ei  ans.  F.  W!  Zok.  J.  Dans 


composite  behavior  is  emphasized  and  relationships  between  f,.  and  the 
microstructure  of  the  interfaces  are  described.  A  specific  focus  of  this  article 
will  be  on  the  longitudinal  properties  of  unidirectional  composites.  While 
such  properties  are  only  a  small  subset  of  the  array  of  properties  that  govern 
the  performance  of  the  composite,  they  represent  a  prerequisite  (or  bnttle 
matrix  composites  having  attractive  structural  characteristics.  Notably, 
brittle  matrix  composites  are  only  of  structural  interest  when  unidirectional 
material  exhibits  relative  insensitivity  to  the  presence  of  notches  and  holes. 

The  use  of  F,  as  a  characterizing  parameter  for  the  interface  is  predicated 
on  the  mechanics  of  interface  cracks.^  It  has  been  demonstrated  that  such 
cracks  can  be  represented  by  a  combination  of  two  parameters,  an  enerev 
release  rate.  and  a  mode  mixity  angle,  tit  tdehned  such  that  u/  =  0  for 
opening,  mode  I.  cracks  and  0  »  n/2  for  shear,  mode  II.  cracksi.  These 
parameters  are.  in  turn,  influenced  by  elastic  mismatch  parameters:  the  more 
important  mismatch  parameter  at.  is  defined  as'  * 

a-(r,-£aV(£,  +  £,)  (I) 

where  E  is  the  plane  strain  modulus.  E/{\  —  with  E  being  Young's 
modulus  and  v  the  Poisson  ratio;  the  subscripts  I  and  2  refer  to  the  two 
materials.  Given  the  mismatch  a.  both  9  and  ^  relate  explicitly  to  the  stress 
and  displacement  fields  near  the  crack  tip  and  can  be  calculated  for  any 
loading  and  geometry  by  weU*estabIislied  numerical  procedures.*  '  *  *  With 
this  capability  for  determining  it  has  been  found  that  interface 
debonding  occurs  when  9  reaches  a  critical  value,  designated  the  debond 
fracture  energy,  F,.  An  important  complication,  however,  is  that  F,  usually 
depends  on  ijt,  through  various  crack/microstructure  interactions.*-**'** 

The  sliding  resistance  of  a  debonded  interface  has  not  been  rigorously 
studied,  but  progress  has  been  made  by  using  friction  concepu  to  esublish  a 
phenomenological  basis  for  progress.  The  sliding  resistance  has  thus  been 
expressed  as** 


T-to-w  (?<0)  ,,, 

T-To  (g50) 

where  q  is  the  stress  normal  to  the  interface,  p  is  the  friction  coefficient  and  Tq 
is  the  sliding  resistance  when  q  is  positive  (tensile). 


2  COMPOSITE  BEHAVIOR 

Unidirectional  brittle  matrix  composites  have  characteristics  that  generally 
lit  into  three  classes,  us  distinguished  by  their  tensile  load,  deflection 
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(al 


(b| 

Fif,  2.  Load/deflection  curves  and  fracture  behavior  oi  unidirecuonal  ceramic  matrix 
composites:  lal  Class  I  matenals:  (bl  Class  II  materials.  The  cross-hatched  area  represenu  the 
energy  per  unit  volume  that  goes  into  multiple  matrix  cracking,  interface  debonding  and 
frictional  sliding:  the  latter  is  typically  the  major  contnbution. 


response  and  their  fracture  behavior  (Rg.  2).  Class  I  materials  are  deemed 
‘tough’  and  exhibit  nonlinear  behavior  up  to  an  ultimate  load,  which  occurs 
at  tensile  strains  of  ~  0-5-1%.  A  load  drop  occurs  at  the  ultimate,  followed 
by  a  long  ‘tail’.  Such  materials  exhibit  damage  in  the  form  of  multiple  matrix 
cracking  and  their  behavior  up  to  the  ultimate  load  can  be  described  through 
continuum  damage  mechanics  (CDMK  which  is  based  on  the  mechanics  of 
matrix  cracking.  *  -i-  ‘  Class  II  materials  are  linear  up  to  a  load  maximum, 
followed  by  a  monoionically  decreasing  load  upon  continued  deformation. 
Such  behavior  arises  from  domination  by  a  sin^e  mode  I  crack.*’  The 
distinction  between  Class  I  and  Class  II  materials  is  shown  to  be  primarily 
governed  by  the  sliding  properties  of  the  interface  and  the  resulting  effects  on 
fiber  failure.  Class  III  materials  are  also  linear  up  to  a  load  maximum,  but 
fail  catastrophically.  In  these  materials,  the  fiber,  matrix  interlace  is 
sufficientiy  ‘strong*  that  debonding  during  matrix  cracking  is  precluded. 
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2.1  Debondiag 

The  first  interface  property  of  importance  is  the  ratio** 

Q  =  r,/r,  (3) 

where  F,  is  the  mixed-mode  interfacial  fracture  energy  (at  ^  %  ff/4)  and  F,  is 
the  mode  I  fracture  energy  of  the  fiber.  This  ratio  dictates  whether  cracks 
that  first  form  in  the  matrix  either  cause  interface  debonding  (Class  I/I  I)  or 
propagate  through  the  interface  into  the  fiber  (Class  III).  Plane  strain 
calculations  and  experiments  have  demonstrated  that  debonding  occurs 
provided  that  3  is  less  than  a  critical  value  This  critical  value 

depends  on  both  the  elastic  mismatch,  ot,  and  the  inclination  between  the 
matrix  crack  and  the  interface.  Trends  in  with  a  are  summarized  in  Fig. 
3a.  (The  debonding  calculations  have  been  conducted  for  small  puutive 
cracks  subject  to  plane  strain.  They  then  apply  with  equal  facility  to 
debonding  in  laminates,  as  well  as  the  debonding  of  fibers  in  a  matrix.)*  A 
typical  debonding  observation  when  presented  in  Fig.  3b.  When 

the  debonding  condition  is  satisfied,  the  composite  exhibits  'toughness',  in 
accordance  with  the  load/deflection  characteristics  depicted  in  Fig.  2a  and  b. 
Conversely,  when  the  debonding  condition  is  not  satisfied,  composite 
fracture  occurs  catastrophically.  Consequently,  for  brittle  matrix  com¬ 
posites,  a  ‘weak’  interface  is  de^ed  as  one  for  which  3  <  3^. 

22  Matrix  crackiog 

While  interface  debonding  is  a  prerequisite  for  obtaining  high  toughness  in 
brittle  matrix  composites,  the  debonding  can  either  adversely  or  beneficially 
influence  the  evolution  of  matrix  cracks.  Other  important  variables  in  this 
connection  are  the  fracture  energy  of  the  matrix,  F^,,  and  the  mismatch 
strain  between  fiber  and  matrix,  (as  governed  by  the  thermal  expansion 
mismatch  and  by  matrix  phase  transformations). 

When  debonding  does  not  occur,  3>3f,  the  cracking  stress  in  a 
composite  subject  to  longitudinal  tension  is  given  by 


where  2a  is  the  diameter  of  the  largest  matrix  flaw  and  F  is  the  fracture 
energy.  A  typical  fracture  surface  of  such  a  composite  material  (Fig.  4) 
indicates  that  the  fracture  is  coplanar,  with  no  beneficial  effect  imparted  by 
the  fibres  (unless  F, »  FJ.  The  above  result  is  obtained  when  the  matrix 
flaws  are  large  relative  to  the  fiber  spacing.  Such  behavior  is  similar  to  that 
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(a) 


(b) 

Fig.  3.  Debonding  in  6ber*reinforced  brittle  matrix  composites:  (a)  debond  diagram, 
(b)  debonding  in  a  carbon  coating  between  a  Nkaion  fiber  and  an  aluminosilicate  matrix. 
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Fig.  4.  A  fracture  surface  for  the  case  &  >  3’^:  silica  matrix  with  Nicalon  fibers. 


encountered  in  monolithic  ceramics  and  intermetallics,  in  the  sense  that 
toughness  is  still  low  and  the  cracking  stress  is  sensitive  to  flaw  size. 

When  debonding  occurs  the  matrix  cracking  stress  depends  on 

both  the  interface  sliding  stress,  t,  and  the  debond  energy,  F, .  A  lower  bound 
to  the  steady-state  matrix  cracking  stress  is  given  by,’ 


6xrj-^ErE^f^ 

(1  -f)EiR  , 


-PE/E^ 


(5) 


where  R  is  the  fiber  radius  and  p  is  the  longitudinal  residual  tension  in  the 
matrix.  Equation  (5)  applies  in  the  limit  ^  0,  as  well  as  when  the  matrix 

crack  length  exceeds  a  critical  length  (typically  about  5-10  fiber  spaciiigs) 
and  when  The  first  requirement,  ensures  that  F,  is 

sufficiently  small  that  it  does  not  contribute  to  the  second  requirement 
dictates  that  the  matrix  crack  be  large  enough  to  interact  with  many  fibers 
before  becoming  unstable; and  the  third  requirement  ensures  that  only  a 
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n 


small  fraction  of  the  fibers  fail  as  the  matrix  crack  extends,  resulting  in  Class 
I  behavior. 

A  range  of  glass  and  ceramic  matrix  composites  reinforced  with  SiC 
fibers^  that  have  either  carbon  or  BN  fiber  coatings  exhibit  longitudinal 
properties  in  good  accordance  with  eqn  (5).  Specifically,  the  first  matrix 
cracks,  as  well  as  nonlinearities  in  the  stress  strain  curves  are  observed  at 
stresses  about  equal  to  a^.  At  stresses  above  <t„  multiple  matrix  cracking 
proceeds  and  eventually  saturates  at  a  spacing,  d.  Final  fracture  occurs  at  a 
stress,  ffy  ^ /S^,  leading  to  the  stress/strain  characteristics  depicted  in  Fig. 
2(a).  Both  carbon  and  BN  coatings  seemingly  have  the  attribute  that  %  0 
and  T  is  small  (mostly  in  the  range  2-20  MPa,  depending  on  q\  such  that  the 
conditions  needed  for  eqn  (5)  to  operate  are  satisfied.  When  other  fiber 
coatings  are  used,  such  as  oxides  or  metals,  r  tends  to  be  larger,  often  leading 
to  a  Class  II  behavior. 

The  preceding  analysis  suggests  that  a  distinction  between  Class  I  and 
Class  II  behavior  can  be  made  in  terms  of  a  matrix  cracking  parameter. 


(6) 

Notably,  Class  I  behavior  is  obtained  when  Jf  <  For  this  case,  is  of 
order  unity  for  unnotched  specimens.  In  the  presence  of  notches,  J(^ 
decreases  with  an  increase  in  notch  length.  When  t  is  large,  such  that 
J(  >  Class  II  behavior  prevails,  wherein  a  single  mode  I  matrix  crack 
propagates  and  simultaneously  induces  fiber  failure.*’’’”  However,  fiber 
failure  does  not  normally  occur  at  the  matrix  crack  plane  (Fig.  S). 
Consequently,  fiber  pull-out  occurs,  leading  to  a  corresponding  increase  in 
fracture  resistance  with  crack  extension  (Fig.  6). 

The  important  issues  pertaining  to  the  resistance  curve  include  the  effects 
of  large-scale  bridging  (LSB)  and  the  fiber  pull-out  length,  In 

materials  that  have  attractive  mechanical  properties  {JilR  %  5),  the  following 
considerations  usually  pertain.  For  short  cracks  ( ^  1  mm),  the  crack  opening 
displacements  are  small  compared  with  Consequently,  the  tractions 
on  the  crack  are  approximately 


These  tractions  can  be  used  to  simulate  the  nominal  resistance  curve,  taking 
account  of  the  finite  specimen  geometry  and  associated  LSB  effects,  as 
illustrated  in  Fig.  6.  The  enhancement  of  fracture  resistance  due  to  pull-out  is 
characterized  by  the  parameter 


= 


5^  /  K 

R  V 


(8) 
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Fig.  5.  A  mode  I  crack  in  a  brittle  matrix  composite  subject  to  fiber  failure  and  pull-out; 
(a)  schematic;  (b)  observations  on  a  LAS/Nicalon  composite  for  two  different  crack  extensions. 
The  arrows  identify  the  fiber  failure  sites. 
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Fif.  6.  Mode  I  fraciure  resisuncx  curves  for  a  LAS/'Nicalon  composite  following  heat 
treatment  at  800°C  for  times  indicated  in  the  legend.  Also  shown  are  the  simulated  curves. 


where  is  the  bridging  zone  length.  The  magnitude  of  Jf  can  be  related  to 
either  the  resistance  curve  or  the  load/displacement  curve,  in  accordance 
with  the  procedure  indicated  in  Fig.  7.  An  important  question  concerns  the 
dependence  of  li  on  material  properties.  An  analysis  based  on  weakest  link 
statistics  predicts  the  scaling' ’ 

'  (9) 

where  m  is  the  shape  parameter,  and  Sq  and  Lq  are  scale  parameters  for  the 
fiber  strength  distribution,  such  that  Jf  takes  the  form 

¥) 

The  notable  feature  is  that  increases  with  r  at  a  rate  determined  by  m. 
However,  for  typical  values  of  m  ( -»  2  to  4).  the  sensitivity  to  t  is  small.  This 
trend  has  been  tentatively  validated  by  experiments  on  glass  ceramic  matrix 
composites.' but  the  analysis  requires  additional  experimental  assessment. 

An  additional  consequence  of  eqn  f5>  occurs  when  q  is  sufficiently  large 
that  a  a  -*  0-  Matrix  cracks  then  form  during  processing,  us  a  result  of  thermal 
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Fig.  7.  Procedure  for  measuring  (be  crack  surface  tractions  and  relating  to  the 
load/defleaion  properties  of  composite  structures. 


expansion  mismatch.  The  allowable  mishi  can  be  expressed  through  u 
parameter  iH.  defined  as^° 

(U) 

such  that  longitudinal  matrix  cracks  (also  referred  to  as  z-cracks)  occur  in  the 
absence  of  applied  loads  when  is  greater  than  a  critical  value  The 
magnitude  of  depends  on  both  the  fiber  volume  fraction  and  the  interface 
friction  coefficient.  but  is  typically  of  order  unity. 


3  INTERFACE  PROPERTIES 

As  already  described,  the  'interface'  in  brittle  matrix  fiber  composites 
consists  of  one  or  more  thin  coatings  and/or  matrix  reaction  product  layers 
(Fig.  1).  The  first  role  of  the  fiber  coating  is  ihermochemical.  This  objective 
requires  that  the  coating  prevent  reactions  with  the  fibers  from  occurring 
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during  composite  processing.  The  second  role  of  the  coating  is  thermomech- 
iimcal.  The  coating  must  allow  debonding  to  occur  l£/'  <  control  r  isuch 
that  the  pull-out  length,  li.  is  in  a  useful  range  for  high  toughnessi  and  must 
also  prevent  liber  degradation.  The  thermomechanical  issues  are  addressed 
in  this  article.  To  limit  the  scope  of  the  discussion,  it  is  noted  that  there  are 
only  two  commercially-available  liber  materials  that  satisfy  matrix  cracking 
requirements  in  viable  ceramic  glass  and  intermetallic  matrix 

composites.  These  are  AUOj  and  SiC.  For  these  libers,  observations  have 
indicated  that  the  coatings  can  be  classified  into  four  groups: (i)  ductile 
coatings  that  do  not  debond:  (iii  ductile  coatings  that  debond:  (iii)  bnttle 
coatings  that  debond  at  one  interface,  and  liv)  brittle  coatings  that  debond 
within  the  coating.  The  emphasis  here  is  on  the  latter  two.  because  these  are 
most  representative  of  the  coatings  that  have  application  at  elevated 
temperatures,  although  a  combination  of  coatings  may  prove  to  be  more 
elfective  in  some  cases. 

3.1  Mechanics  of  debonding  and  sliding 

The  debonding  problem  of  most  interest  in  brittle  matrix  composites 
involves  mixity  in  the  range,  ii/4<^<it/2.  In  this  range,  when  brittle 
coatings  are  used,  sliding  and  debonding  are  typically  interrelated.  For 
elastic  systems,  the  criterion  used  to  characterize  debonding  is  =  F,, 
where  T,  is  the  critical  value  of  the  crack  tip  strain  energy  release  rate.*-’*-** 
This  premise  is  also  used  here,  but  it  is  emphasized  that  there  has  been  no 
direct  experimental  validation  for  fiber  coatinp.  For  d'  >  0.  the  apparent 
interface  fracture  energy  T,  >  r„.  because  of  shielding.  The  most  likely 
shielding  mechanism  for  brittle  coatinp  on  brittle  fibers  in  a  brittle  matrix 
involves  asperity  contact  when  the  debond  is  non-planar.^^  .Analysis  of  such 
shielding  identifies  a  nondimensional  roughness  parameter 

Z-W/T.  (12) 

where  H  is  the  amplitude  and  /  the  wavelength  of  the  roughness. 

A  comprehensive  mechanics  of  debonding  and  sliding  in  fiber  composites 
resides  in  knowledge  of  the  size  of  the  roughness  induced  contact  zone.  L.. 
compared  with  the  debond  length,  d.  For  cases  wherein  «  d.  small-scale 
contact  conditions  apply  and  debonding  can  be  addressed  as  an  elasticity 
problem,  which  entails  evaluating  and  equating  to  *  Conversely, 
for  large-scale  contact.  L,  -» d,  the  mechanics  are  nonlinear  and  are 
addressed  by  allowing  sliding  over  the  contact  zone,  while  also  requiring  that 
''iin  =  r,  ‘'‘  For  brittle  matrix  composites,  the  latter  approach  is  usually 
more  appropriate  and  has  been  used  to  model  the  sequential  phenomena  of 
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Fif.  8.  A  schemalic  fiber  puU<out  curve  indicaung  the  various  nondimensional  parameters 

that  govern  the  process. 


wake  debondiag  and  sliding,  followed  by  fiber  failure  and  pull-out.  The  basic 
characteristics  are  summarized  in  Fig.  8  for  a  composite  in  which  the  misfit 
causes  the  interface  to  be  in  residual  compression.  The  details  are  governed 
by  six  nondimensional  parameters:  Z  =  aiEcr,  —  Z,  =  n^iEcr. 

G^rjERe^,T  =T/£eT,  V  =  u/ iter,  where  d  is  the  stress  on  the  fiber  between 
the  crack  faces,  with  the  subscript  t  referring  to  debond  initiation  and  p  to  the 
peak  stress,  as  illustrated  in  Fig.  8.  These  nondimensional  parameters 
characterize  the  debond  initiation  stress,  the  peak  stress,  dp,  and  the  crack 
opening,  u.  These  quantities  in  turn,  can  be  used  to  determine  complete 
expressions  for  the  matrix  cracking  stress,  a,  (the  magnitude  of  Op  given  in 
eqn  (S)  applies  for  Q  -*  0),  as  well  as  the  pull-out  contribution  to  the  crack 
extension  resistance.  Explicit  formulae  applicable  when  E^  E„  —  E,  are: 


*1  (yVi^r  2fcs  [t'  + 
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where  c-,.  b^  and  a,  are  coefficients  of  order  unity  tabulated  by  Hutchinson 
and  Jensen.** 

The  physical  picture  that  underlies  these  formulae  is  as  follows.  .As  the 
load  is  applied  to  the  hbers,  debonding  proceeds  in  conjunction  with 
trictional  sliding,  such  that  a  nonlinear  stress/displacement  relation  is 
obuined.  The  initial  debond  stress  (at  zero  displacement)  is  determined  by 
r,.  whereas  the  slope  of  the  curve  is  governed  primarily  by  r.  .At  a  stress  6^. 
Poisson  contraction  of  the  fiber  causes  the  interface  to  separate  near  the 
matrix  crack  and  further  debonding  and  sliding  occur  at  constant  load.  For 
most  brittle  matrix  composites,  fiber  cracks  occur  before  is  reached,  as 
indicated  by  the  dashed  curve  in  Fig.  8.  Fiber  cracking  is  followed  by  a  load 
drop  and  a  pulNout  tail.  The  latter  is  governed  by  t  and  the  pull-out  length. 
li.  us  discussed  earlier.  It  is  noted  here  that,  for  purposes  of  simulating  the 
mode  I  fracture  resistance  of  Class  1  composites,  the  behavior  at  small  crack 
opening  displacements  is  found  to  be  most  important. 

3 J  Measwcment  methods 

3J.1  In  situ 

The  properties  of  interfaces  within  actual  composites  have  been  assessed  by 
several  different  approaches,  with  the  objective  of  separately  determining  t 
and  r , .  Each  method  relies  on  measurements  of  load  and  displacements  and 
then  uses  a  model  to  infer  the  interface  properties.  Experience  has  identified 
those  approaches  which  provide  information  most  consistent  with  the 
overall  mechanical  properties  of  the  composite.  These  approaches  are 
emphasized  here. 

For  Class  I  materials,  r  can  be  estimated  from  the  saturation  crack 
spacing,  D,  using 


T  *  (1  -f)U'„E,E„R^/fED^y'^  (14) 

Some  typical  values  of  t  obtained  with  this  approach  are  summarized  in 
Table  2.  The  table  also  provides  a  comparison  between  the  values  of  the 
matrix  cracking  stress,  predicted  by  using  t  in  eqn  (4)  and  the  measured 
values.  Confidence  in  the  method  is  provided  by  this  consistency  check.  For 
these  materials,  a  more  rigorous  evaluation  of  r  involves  measuring  the 
matrix  crack  opening  displacement,  u,  as  a  function  of  applied  stress, 
whereupon  T  is  uniquely  related  to  the  hysteresis  in  u  between  loading  and 
unloading.-  *  These  measurements  can  also  be  used  to  obtain  the  residual 
stresses.  Finally,  t  can  be  obtained  on  individual  fibers  from  push-through 
measurements.---^*  Evaluation  of  F,  is  more  difficult:  in  principle.  F,  can  be 
determined  from  the  load/displacement  measurements  obtained  following 
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Table  2 

ProperuM ol'Typical  Unidirecuonat Class  1  Ceramic anu  Glass  Matrix  Cumpusitcs 
(All  with  Nicalon  Fibers  ana  C  Intcriaccsi 


Matrix 

r  iMPat 

"0 

i.MPa) 

Calcutaieti 

Measurtd 

LAS  Iceramici 

20 

270-310 

290  +  20 

LAS  Iglassi 

70 

240-300 

240  +  20 

CAS 

90 

140-160 

160+20 

AluminosiiiciKe 

90 

240-290 

240  +  20 

Soda  lime  glass 

120 

-.10  to  -'0 

<0 

matrix  cracking  (eqn  13(c)),  as  well  as  from  push-through  tests.  However, 
this  capability  has  not  been  verified. 

For  Class  11  materials,  a  more  sophisticated  measurement  capability  is 
needed  to  obtain  r  and  F, .  In  some  cases,  push-through  tests  can  be  used,  but 
a  limitation  is  imposed  by  the  size  of  the  indentation  compared  with  the  fiber 
diameter.  More  generally,  r  could  be  evaluated  from  the  opening  profile  of  a 
model  1  matrix  crack,  subject  to  a  measurement  method  that  provides 
sufficient  displacement  resolution  (in  the  order  001  fua).  An  estimate  of  r  can 
also  be  obtained  from  the  distribution  of  fiber  pull-out  lengths.^  ^  A  good 
in-situ  method  for  evaluating  F,  has  not  been  devised.  Tests  conducted  on 
'model  composites'  have  been  used  to  infer  this  information. 

3.2.2  Model  systems 

Experiments  to  obtain  r  and  F,  have  been  conducted  by  using  relatively 
large  diameter  AI2O3  or  SiC  fibers  ( /{ 50  embedded  in  various  matnees. 
Fiber  coatings  and  appropriate  heat  treatments,  which  can  drastically  alter 
the  interface  morphology,  may  be  used  to  approximate  the  interfaces 
present  in  actual  composites.  In  this  case,  single  fiber  pull-out  and  push- 
throu  jch  tests  can  be  us^  (Fig.  9(a)  and  (b)),  wherein  the  load  on  the  fiber  and 
the  '-eljtiive  displacement  between  the  fibers  and  matrix  are  measured. 
Subje-n  10  independent  knowledge  of  the  residual  stress  and  the  elastic 
properties,  the  pull-out  analysis'*  allows  both  t  and  F,  to  be  determined  for 
4* « 11/2.  Both  r  and  F,  can  be  determined  from  a  single  tesL  However, 
there  are  major  difficulties  associated  with  producing-  the  specimens  and 
successfully  introducing  sharp  precracks  at  the  interface.  The  major 
limitation  of  the  push-through  test  arises  because  the  interface  is  axially 
compressed  during  loading  and  large  loads  are  needed,  especially  when  t 
becomes  large  ( >  10  MPa).* 

Other  test  methods  can  be  used  to  determine  F,  at  4*  %  r/4  (a  phase  angle 
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of  importance  for  establishing  i/.  as  outlined  in  Section  2. 1 1.  A  mixed-mode 
Ilexure  test***  and  a  modified  Hertzian  indentation  test  I  Fig.  9(cl  and  id))*' 
are  particularly  useful  in  that  the  samples  are  easiiy  produced  and  the  tests 
are  relatively  simple  to  perform.  In  addition,  these  tests  are  not  restricted  to 
interfaces  with  small  t.  Thus,  the  fracture  resistance  of  a  greater  number  of 
interfaces  can  be  obtained.  These  specimens  can  be  produced  by  a  method 
which  includes  coating  planar  matrix  and  fiber  substrates  and  diffusion 
bonding  in  a  sandwich  geometry.  Each  of  these  tesu  has  the  obvious 
disadvantage  that  it  cannot  be  used  to  determine  r.  However,  both  are  good 
screening  tests  to  establish  debonding  in  systems  of  interest  and  to  identify 
useful  fiber  coatings.  To  date,  much  of  the  information  pertaining  to  fracture 
properties  of  interfaces,  shown  in  Fig.  10  and  Table  3.  has  been  obtained 
using  such  tests. 


cMmtIn* 


Kig.  9.  Sdiematics  oi  test  specimens  used  to  evaluate  tlte  mechanical  properties  oi' 
interlaces:  lai  liber  push-through:  Ibl  fiber  pull-out. 
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Fi^  9— could,  (c)  mued-mock  flexure:  (d)  interficiiil  cone  creek. 


TABLES 

Summary  of  Sapphire  Fiber  Coaiingt  end  Their  Observed  Properties 
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Fig.  10.  Results  of  inietfaoe  fracture  energy  nwasurements  of  vahous  coaungs  on  basal 
plane  sapphire.  The  results  are  presented  in  terms  of  the  coating’s  ability  to  satisfy  the  debond 

criterion. 


MicrosinictlirmI  effects 

For  either  SiC  or  AUOa  fibers,  reiativeiy  few  coatings  are  known  to  satisfy 
debonding  requirements,  Q  after  the  system  has  been  subjected  to 
the  temperatures  and  pressures  experienced  upon  composite  processing. 
Interface  debonding  has  only  been  definitely  found  for  certain  refractory 
metal  coatings  on  Alj03,  especially  molybdenum.  These  interfaces  have  a 
fracture  energy  F,  %  2-S  Jm~  ^  for  tfr  %  n/4.  Debonding  within  the  coating  has 
been  found  for  carbon  and  BN  coatings  on  SiC  fFig.  3(b))  with  F  %  0-  IJm  ~ 
as  well  as  for  various  highly-porous  oxide  coatings  on  A1203  (Fig.  1 1(a)).  The 
latter  requires  porosities  of  -^30%.  whereupon  F  %  3-16  Jm~^.  reflecting 
effects  of  porosity  on  the  fracture  energy  of  oxides.  However,  at  sites  where 
grains  of  the  oxide  coating  are  bonded  to  the  AI1O3,  thermal  expansion 
misfit  and/or  phase  transformations  induce  appreciable  residual  stress  in  the 
fiber  (Fig.  1 1(b)).  which  can  seriously  degrade  the  fiber  strength.  Some  glass 
coatings  (F  s>f-8Jm~*)  also  allow  debonding  with  both  SiC  and  AUO3 
fibers.  ‘  ”  The  surface  morphology  of  the  fibers  represents  another  important 
microstructural  vanable.'*  Surface  roughness  appears  to  have  primary 
importance  for  the  magnitude  of  the  sliding  stress. 
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Fig.  11.  (a)  A  porous  ZrOj  coating  on  Ai203:  debonding  occurs  within  the  coating, 
(b)  A  TEM  view  revealing  residual  stress  in  the  AI2O). 

4  REMARKS 


The  basic  role  of  interfaces  in  brittle  matrix  composites  has  been  defined  in  a 
consistent  manner,  based  on  a  mixity  dependent  debond  energy,  F,  (ij/),  and  a 
sliding  stress,  r.  A  fundamental  mechanics  of  interface  behavior  in 
composites  has  been  devised  in  terms  of  these  parameters,  including  the 
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effects  of  interfaces  on  both  distributed  damage  and  discrete  cracking. 
However,  a  number  of  important  problems  have  yet  to  be  solved  by  this 
approach:  particularly,  multiple  matrix  cracking  in  composites  with  com¬ 
plex  architecture  subject  to  multiaxial  loads.  Systematic  progress  on  this 
issue  is  expected  in  the  next  several  years. 

The  major  problem  in  brittle  matrix  composites  concerns  fiber  coatings 
that  provide  acceptable  values  of  r  and  F,,  subject  to  thermochemical 
compatibility  requirements  and  the  avoidance  of  fiber  degradation.  The 
material  choices  known  to  satisfy  these  requirements  (carbon,  BN, 
molybdenum)  are  all  subject  to  oxidative  degradation  at  high  temperatures. 
Some  porous  oxide  coatings  that  obviate  this  problem  appear  to  provide  an 
opportunity,  but  further  research  is  needed  concerning  their  influence  on 
fiber  strength  and  degradation,  coupled  with  a  study  of  their  microstructural 
stability. 

A  fundamental  chemical  understanding  that  guides  fiber  coating 
development  is  lacking.  Indeed,  it  seems  ironic  that  the  avoidance  of 
debonding  is  a  problem  when  coatings  are  deposited  at  low  homologous 
temperatures,  whereas  the  encouragement  of  debonding  is  a  problem  at 
elevated  temperatures.  The  implication  is  that  kinetic  issues  are  of  major 
importance,  such  that  all  fiber  coatings  which  debond  are  non-reactive, 
refractory  materials  (C,  BN,  W,  Mo)  that  only  experience  moderate 
homologous  temperatures  upon  composite  processing.  Additional  research 
is  needed  to  explore  this  rationale  for  selecting  fiber  coatings. 

The  basic  mechanics  of  interface  debonding  has  been  established,  leading 
to  an  understanding  that  mixity  effects  are  important  and  that  plasticity  as 
well  as  roughness  has  a  central  role  in  mixity  effects.  However,  there  is  still  no 
appreciation  of  the  mechanisms  whereby  mode  II  debonding  occurs  and 
how  this  relates  to  material  properties.  Given  that  mode  II  debonding  is  a 
dominant  phenomenon  in  brittle  matrix  composites,  the  mechanisms 
involved  require  systematic  study.  Finally,  frictional  sliding  along  debonded 
interfaces  within  composites  needs  to  be  more  comprehensively  addressed. 
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Kinking  of  a  Crack  out  of  an  interface:  Roie  of  in-Piane  Stress 
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A  crack  lying  in  the  interface  between  two  brittle  elastic 
solids  can  advance  either  by  continiied  growth  in  the  inter¬ 
face  or  by  kinking  out  of  the  interface  into  one  of  the 
adjoining  materials.  This  competition  can  be  assessed  by 
comparing  the  ratio  of  the  energy  release  rates  for  interface 
cracking  and  for  kinking  out  of  the  interface  to  the  ratio  of 
interface  toughness  to  substrate  toughness.  The  stress  paral¬ 
lel  to  the  interface,  ok,  influences  the  energy  release  rate  of 
the  kinked  crack  and  can  significantly  alter  the  conditions 
for  interface  cracking  over  substrate  cracking  if  sufficiently 
large.  This  paper  provides  the  dependence  of  the  energy  re¬ 
lease  rate  ratio  on  the  in-plane  stress.  The  nondimensional 
stress  parameter  which  emerges  is,  <ik(a/£*  where 
a  is  the  initial  length  of  the  kink  into  the  suMratc,  £«  is  a 
modulus  quantity,  and  F,  is  the  fracture  energy  of  the  inter¬ 
face.  An  experimental  observation  of  the  cracking  of  reac¬ 
tion  product  layers  in  bonds  between  Ti(Ta)  and  AliOi  is 
rationalixed  by  the  theory.  (Key  words:  crack  growth,  inter¬ 
faces,  kinking,  stress,  fibers.) 

I.  Introduction 

IN  AN  earlier  paper  (He  and  Hutchinson,*  hereafter  desig¬ 
nated  by  HH),  a  study  was  made  of  the  tendency  of  a  crack 
in  an  interface  to  either  remain  in  the  interface  or  kink  out 
(Fig.  1).  The  ratio  was  determined  where  is  the 

energy  release  rate  for  crack  advance  in  the  interface  and  ‘df** 
is  the  energy  release  rate  for  the  crack  kinking  into  the  sub¬ 
strate  maximized  with  respect  to  the  kink  angle  w.  The  com¬ 
petition  between  interface  cracking  and  substrate  cracking 
then  depends  on  whether  is  greater  or  less  than  the 

toughness  ratio.  r,/r„  where  F,  and  F,  are  the  interface  and 
substrate  toeghnesses,  respectively. 

The  analysis  in  HH  is  an  asymptotic  one  in  which  the  pre¬ 
diction  of  is  accurate  when  the  length  a  of  the 

kinked  crack  segment  is  very  small  compared  to  all  other 
lengths  in  the  problem,  including  the  length  of  the  parent  in¬ 
terface  crack  itself.  If  there  is  a  stress  oo  in  the  sub^rate  par¬ 
allel  to  the  interface  (Fig.  1)  due  to  either  residual  stress  or 
applied  loads,  then  an  additional  nondimensional  length 
parameter,  not  considered  in  HH,  becomes  important: 

V  =  (1) 

where  E,  is  a  modulus  quantity  defined  below.  The  role  of 
this  parameter  in  the  competition  between  kinking  and  con¬ 
tinued  interface  cracking  is  the  subject  of  this  paper.  An  ex¬ 
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perimental  observation  of  the  cracking  at  the  reaction  product 
layer  formed  upon  bonding  Ti(Ta)  to  Al-Oj  is  used  to  illus¬ 
trate  the  phenomenon. 

II.  Stress  Intensity  Factors  and  Energy  Release  Rates  for 
a  Kinked  Crack 

As  in  HH.  it  will  be  assumed  that  the  putative  length  a  of 
the  kinked  crack  is  very  small  compared  with  ail  other  geo¬ 
metric  length  quantities  and.  in  particular,  small  compared 
with  the  length  of  the  parent  interface  crack.  Under  these 
circumstances,  an  asymptotic  problem  can  be  posed,  as  de¬ 
picted  in  Fig.  1(B).  Notably,  a  semi-infinite  interface  crack  is 
loaded  remotely  by  the  singular  crack  tip  field  associated  with 
the  interface  crack  of  Fig.  1(A),  with  stress  intensity  faaors 
Kt  and  Kz  and  by  the  stress  ao  parallel  to  the  interface  located 
in  the  material  into  which  the  crack  kinks.'  In  an  application, 
the  stress  intensity  factms  K,  and  K}  are  regarded  as  the  ap¬ 
plied  stress  intensities  and  are  determined  for  the  interface 
crack  in  the  actual  geometry. 

Plane  strain  cracks  are  considered,  and  the  two  materials 
bonded  at  the  interface  (Fig.  1)  are  assumed  to  be  isotropic 
and  elastic.  The  two  elastic  mismatch  parameters  of  Dunduis 
governing  plane  strain  problems  are 

a  =  (£,  -  £:)/(£,  -l-  Ez)  (2) 

P  =  |[a.(1  -  2yz) 

-  #12(1  -  2j'i)]/[mi(1  -  vr)  +  Mtfl  "  *'■)]  (3) 


'Only  the  stress  component  in  the  miterial  into  which  the  kink  eitends 
has  any  effect  on  the  change  in  energy  release  rate. 


Ki.  Kz.^,  -0, 


(A) 


(B) 


Fig.  I.  Notation  and  conventions;  (A)  interface  crack,  (B)  kinked 
crack. 
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where  E.  u-  i*nd  f  denote  Youngs  modulus,  shear  modulus, 
and  Poissons  ratio,  respectively,  and  £  =  £/(l  -  r’l.  The 
condition  a  =  ^  =  0  refers  to  a  homogeneous  system.  An 
"oscillation  index"  t.  which  appears  below,  depends  only  on  /j 
according  to 


A  general  discu.ssion  of  elastic  interlace  cracks  has  been 
given  by  Rice.'  For  a  specific  problem,  the  complex  interface 
stress  intensity  factor  necessarilv  has  the  dimensional  form 
(with/  =  (-1)'-) 

K  =  Ki  +  IK;  =  (applied  stress)  •  (5) 

where  L  is  a  length  (e.g..  the  parent  crack  length  or  layer 
thickness)  and  £  is  a  dimensionless  function  of  parameters 
characterizing  the  in-plane  geometry  and  of  a  and  The 
tractions  on  the  interface  ahead  of  the  interface  crack  tip 
(still  with  a  =  0)  are  given  by 

<^22  +  iiri2  =  /f(2irxi)"' ^1'  (6) 

When  /3  =  0,  and  thus  e  =  0  so  that  x'*  =  1.  Ki  and  K2  can  be 
regarded  as  conventional  mode  1  and  mode  2  stress  intensity 
factors,  i.e., 

0-22  =  Ki(2vxr'' 

a, 2  =  J<2(2wx,)~'^  (7) 

As  emphasized  in  Ref.  3,  the  clarity  in  interpretation 
achieved  by  taking  /3  to  be  zero  is  often  worth  the  small  sacri¬ 
fice  in  accuracy. 

It  will  be  useful  for  later  purposes  to  introduce  the  “phase” 
ih  of  the  stress  intensity  factors.  With  L  defined  in  Eq.  (S), 

Ks  K,  +  iK2  =  \K\e'*L-'’  {8a) 

or 

tan  III  =  UKL"]/R,[KL‘]  (8f>) 

In  particular,  when  /3  =  0 

ih  =  tan-‘  (Ki/K,)  (9) 

and  ih  provides  a  measure  of  the  relative  amount  of  mode  2  to 
mode  1  of  the  loading  on  the  interface  crack. 

The  energy  release  rate  for  advance  of  the  crack  in  the  in¬ 
terface  is 

%  =  (Aff  -I-  /:!)/£.  (10) 

where 

1  fl  - 

cosh*  ve  \  1  -h  a 

The  stress  component  <xo  has  no  effect  on  %,  since  it  acts 
parallel  to  the  advancing  crack. 

The  tip  of  the  putative  crack  kinking  into  the  substrate  in 
Fig.  1(B)  experiences  conventional  mode  1/mode  II  stressing 
characterized  by  stress  intensity  factors  Kt  and  Kn.  The  rela¬ 
tionship  between  the  intensity  factors  of  the  kinked  crack  and 
those  of  the  parent  interface  crack  is  expressed  compactly  as 

K,  +  iK,,  =  c/fa"  -I-  dKa"'  +  b<T„a'  -  (12) 

where  (*)  denotes  the  complex  conjugate.  Here  c,  d.  and  b  are 
dimensionless  complex  functions  of  ui,  a.  and  p.  The  aigu- 
ment  leading  to  the  K  terms  in  Eq.  (12)  is  based  primarily  on 
simple  dimensional  considerations  given  in  HH.  The  <7n  term 
can  be  justified  solely  on  the  grounds  that  Ki  and  Ku  depend 
linearly  on  ar»  and  that  the  only  length  quantity  in  the  elastic¬ 
ity  problem  is  a. 

The  calculations  oi  b  =  bi  -v  /£,  use  the  integral  equation 
formulation  of  HH.  The  present  results  were  obtained  using 


—  =  i[  *  ‘ 

£,  ■  2  [fi  £2 


the  previous  numerical  scheme  simply  b.  changing  the  "load¬ 
ing  on  the  crack ■■  to  be  that  associated  with  tr„.  Curves  ot  b, 
and  b;  as  functions  of  ut  for  various  a.  all  with  p  =  0.  are 
shown  in  Fig.  2.  There  is  virtually  no  dependence  of  b,  and  b; 
on  p.  For  example,  the  values  computed  with  p  =  a/4  differ 
from  those  computed  with  B  =  U  by  no  more  than  about  I'T^. 
(The  connection  p  =  a/4  corresponds  with  =  1/3, 

typical  for  many  material  combinations.)'  An  approximate  so¬ 
lution  for  the  case  of  no  clastic  mismatch  is  readily  obtained 
from  the  formulas  given  in  Ref.  S.  That  approximation  is 

b|  =  2(2/ir)'  •  sin'  w 

b;  =  i2/ir)' •  Sin  2a(  (13) 

and.  as  shown  by  the  dashed  curve  in  Fig.  2,  gives  a  good 
approximation  for  a  =  ^  =  0  when  ai  is  less  than  about  60°. 

The  real  and  imaginary  parts  of  c  =  cr  -1-  ici  and  d  = 
dn  +  tdi  have  been  tabulated  as  functions  of  w  for  a  wide 
range  of  combinations  of  a  and  pf  When  p  =  0,  Eq.  (12)  can 
be  written  as 

/fi  —  (Cr  +  dfi)K,  —  (C|  +  d\)K2  +  biffoa'^  (14) 

/fii  —  (t'l  ~  di)K\  +  (Cr  —  dn)K2  +  b2<roa'^  (15) 

The  energy  release  rate  of  the  kinked  crack  is 

%  =-{Ki+  Kb/E  2  (16) 

such  that,  with  Eq.  (12) 

%  =  ('«,),.0 

+  2aoa'-R^b(cKa“  +  dKa-")]/E} 

+  (bj  +  bDala/Ei 

(17) 


where 

('S.),.o  =  {(kl*  +  W)KK  ■)•  2R,(cdK^a^)/E2  (18) 

This  last  quantity  is  the  energy  release  rate  when  cro  =  0.  The 
ratio  of  the  two  release  rates  is  obtained  from  Eqs.  (10)  and 
(17)  using  Eq.  (8)  as 

‘S./'S,  =  r\toui)  +  if'Xw.ii)  +  7,y«W)  (19) 

where  77  is  defined  in  Eq.  (1)  and 

r  =  (d  +  a)/(l  -  ^')){kl'  +  Ml'  +  2R,[cde^ 

/"'  =  2((1  -K  a)/(l  -  p^mMce-*  -F  de-^ 

/'«  =  ((1  -I-  o)/(l  -  p^))(b]  A  bl) 


Kinkmg  Angl«  (0 


Fig.  2.  Curves  of  bi  and  b-  as  a  function  of  w  for  various  a.  The 
dashed  line  curve  i'  ihe  approximation  (1.^). 
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(//  =  il/  +  f  In  ia/L) 

The  functions  are  independent  of  the  magnitude  of  K 
but  depend  on  the  phase  ili  of  the  interface  stress  intensity 
factors,  as  well  as  on  the  kink  angle  lu.  if  0  =  0.  these  func¬ 
tions  are  independent  of  the  putative  crack  length  a.  and 
therefore  6./'^.  depends  on  a  only  through  tj.  When  ^  *  0. 
there  IS  an  additional  eery  weak  dependence  on  a  through 
term  t  In  la/L)  in and In  what  follows,  the  focus  is  on 
material  mismatches  with  0  =  0,  either  exactly  or  approxi¬ 
mately.  This  choice  averts  the  (usually  nonessential)  compli¬ 
cations  associated  with  the  weak  c  In  (a/L)  dependence.  Some 
assessment  of  the  effect  of  nonzero  0  values  can  be  obtained 
from  the  results  presented  telow  by  simply  accounting  for  the 
contribution  e  In  {a/L)  to  il>.  This  term  amounts  to  a  phase 
shift  in  ill.  Some  further  discussion  of  how  this  dependence 
affects  the  behavior  when  oq  vanishes  is  given  in  HH. 

III.  Interface  Cracking  versus  Kinking 

The  role  played  by  <7o  on  the  competition  between  contin¬ 
ued  interface  cracking  and  kinking  into  the  substrate  is  illus¬ 
trated  in  Figs.  3  and  4.  The  ratio  as  calculated  from 

Eq.  (19),  is  plotted  in  Fig.  3  as  a  function  of  the  kink  angle  ai 
for  the  case  a  =  0  =  U.  The  parent  interface  crack  is  loaded 
with  equal  amounts  of  mode  1  and  mode  2  (ik  =  45°).  The 
stress  On  begins  to  have  an  appreciable  effect  on  the  release 
rate  ratio  when  [tiI  is  about  1/10;  furthermore,  when  |ti|  is  1/4. 
the  ratio  is  increased  or  decreased  by  about  50%,  depending 
on  the  sign  of  <7o. 

The  ratio  is  plotted  as  a  function  of  ik  in  Fig.  4, 

again  for  the  case  o  =  0  =  0.  Here,  “S,”"  is  the  value  of  “S, 
maximized  with  respect  to  the  kink  angle  m.  As  detailed  in 
HH  for  the  limit  n  =  0,  the  value  of  oi  at  which  <0,  is  maxi¬ 
mized  usually  corresponds  very  closely  (but  not  exactly)  to  the 
direction  of  the  kink  corresponding  to  Ku  =  0.  A  significant 
difference  between  these  two  directions  occurs  only  when  the 
material  into  which  the  crack  kinks  is  substantially  stiffer 
than  the  other  material,  and  then  only  when  the  loading  on 
the  interface  crack  is  heavily  mode  2. 

Consider  the  role  of  in-plane  tension  (17  >  0)  with  the  aid  of 
Fig.  4.  Determine  'Si/‘SJ“'.  given  the  mode  of  loading  as 
specified  by  ik  and  the  value  of  1;  based  on  estimates  of  initial 
flaw  size  a  and  o-q.  Let  be  the  mode-dependent  interface 
toughness  and  F,  =  KkIEi,  the  mode  I  toughness  of  the  sub- 
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Fig.  3.  Energy  release  rate  ratio  as  a  function  of  the  kinking 
angle  w  for  various  values  of  the  residual  stress  parameter  rf: 

i/(  =  Ian  iK-IKA  =  45°  and  o  =  (3  =  0 
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Fig.  4.  Ratio  of  interface  energy  release  rate  to  maximum  energy 
release  rate  of  kinked  crack  as  a  function  of  the  phase  of  loading 
lb  s  tan  '  (Ki/K,)  for  various  values  of  the  in-plane  stress  parame¬ 
ter  tj  a  =  0  =  U  The  interpretation  as  the  transition  toughness 
ratio.  r,/r,.  applies  only  for  t|  >  0.  The  datum  is  discussed  in  Sec¬ 
tion  IV. 

strate  material.  If 

r/r.  <  (20) 

the  interface  crack  meets  the  condition  for  continuing  ad¬ 
vance  in  the  interface  at  an  applied  load  too  low  to  advance 
the  flaw  into  the  substrate.  Conversely,  if  the  inequality  in 
Eq.  (20)  is  reversed,  the  flaw  initiates  a  kink  at  an  applied 
load  lower  than  that  necessary  to  advance  the  crack  in  the 
interface.  The  transition  toughness  ratio  separating  interface 
cracking  from  substrate  kinking  is  given  by 

(ri/r,)rRANSITIOH  —  (21) 

The  curves  in  Fig.  4  thus  provide  the  transition  toughness 
ratio  for  a  given  mode  of  loading  and  a  given  rj.  Note  that  at 
the  transititm,  ‘Si  can  be  replaced  by  F,  in  the  expression  (1) 
for  7j-  Pot  ihis  case,  once  substrate  cracking  is  initiated, 
increases  as  the  crack  grows,  further  increasing  the  driving 
force  on  the  tip  of  the  crack,  and  the  kink  becomes  unstable. 

In-plane  compression  in  the  substrate  (rj  <  0)  leads  to  very 
different  behavior.  In  this  case,  *6,  decreases  with  increasing 
a,  and  cracks  which  kink  into  the  substrate  tend  to  arrest.  To 
further  examine  this  phenomenon,  let 

A  =  F./r.  -  (%/^r),.o  (22) 

If  A  <  0,  interface  cracking  occurs  and  substrate  cracks  will 
not  be  initiated.  If  A  >  0,  sufficiently  small  flaws  will  initiate 
kink  cracks  but,  because  t}  decreases  (as  a  increases),  these 
will  subsequently  arrest  when 

‘Sr  =  F.  (23) 

Now  imagine  a  three-dimensional  interface  crack  front  en¬ 
countering  small  flaws  in  the  substrate.  When  <ro  is  compres¬ 
sive  and  A  >  0,  it  is  possible  to  have  interface  cracking  (with 
'0,  =  Fj)  and  still  initiate  small  cracks  which  kink  into  the  sub¬ 
strate  and  then  arrest  upon  growth  to  a  length  governed  by 
Eq.  (23). 

The  effect  of  elastic  mismatch  on  ‘S,/‘0"“  is  shown  in 
Figs.  5  and  6  for  {a  =  0.5,  0  =  0)  and  (a  =  -0.5,  0  =  0), 
respectively.  All  other  things  being  equal,  increasing  the  rela¬ 
tive  compliance  of  the  material  into  which  the  crack  kinks 
increases  the  energy  release  rate  of  the  kinked  crack,  and 
thus  increases  the  tendency  for  substrate  cracking. 

To  facilitate  estimation  of  the  effects  of  in-plane  stress,  the 
lowest  order  influence  of  i}  on  the  release  rate  ratio  is  ex¬ 
pressed  as 

0  /'Sr'  a  (‘S,/'«s"’*’‘),.n  -  v/ia.ik) 


(24) 
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Fig.  5.  Energy  release  rate  ratio  versus  ilifoT  a  -  O.S.  fi  =  0 


This  result  is  obtained  from  Eq.  (19)  with 
('«./‘Sr),.o  =  l//'®’(a>’a») 

/  =  ‘•'V.1^)'  (25) 

where  w*  is  the  value  of  to  which  maximizes  /'®'(<a,t(t).  Curves 
of  and  /  as  functions  of  ilt  for  various  a  (with 

=  0)  are  shown  in  Figs.  7(A)  and  (B).  Comparison  of 
Eq.  (24)  with  the  full  numerical  results  in  Figs.  4  to  6  reveals 
that  the  approximation  retains  accuracy  to  within  about  10% 
for  |tj|  <  0.2. 

Biai^d  on  this  approximation,  the  transition  toughness  ratio 
shifts  with  tensile  in-plane  stress  according  to 

(ri/r,)rRANsrrioN  *  (‘Si/^?“)ii»o  ~  (26) 

When  <ro  is  compressive,  the  length  of  the  arrested  kink 
cracks  can  also  be  estimated  using  Eq.  (24)  when  |ri|  z  0.2. 
Suppose,  as  discussed  eatlier,  that  A  in  Eq.  (22)  is  positive. 
Using  Eq.  (24)  with  the  arrest  condition  (Eq.  (23))  gives 

-V  =  (-«^o)  (aAE.Fi))*'’  s  A//  (27) 

IV.  Experimental  Illustration 

An  experimental  illustration  of  the  importance  of  the 
above  calculations  concerns  cracking  in  a  diffusion  tnmded 
system  between  Ti(Ta)  and  AI203.  Upon  diffusion  bonding, 
brittle  reaction  products  form  in  this  system,  consisting  of  vari¬ 
ous  intermetallics,^'*  including  the  y,  ai,  and  <r  phases  in  the 
Ti,  Al,  Ta  ternary.  These  layers  are  typically  3  ^xm  thick 


Fig.  6.  Energy  release  rate  ratio  versus  i(r  for  o  =  -0.5,  0  =  0 


(B) 

Fig.  7.  (A)  Energy  release  rate  ratio  versus  it  s  tan"'  {Ki/Ki)  for 
7)  =  0.  (B)  Coefficient  of  lowest  order  contribution  of  n  to  energy 
release  rate  ratio  in  Eq.  (24).  In  both  cases,  0  =  0. 

(Fig.  8).  Interface  fracture  energy  measurements  have  been 
made  on  this  system  using  a  notched  flexural  specimen.^  Two 
observations  and  measurements  are  relevant.  When  precrack¬ 
ing  is  conducted  in  three-point  flexure,  the  crack  introduced 
into  the  AhOj,  which  extends  normal  to  the  interface,  pene¬ 
trates  the  reaction  product  layer  and  arrests  at  the  reaction 
product/Ti  interface  (Fig.  8(A)),  referred  to  as  the  R/M  inter¬ 
face.  Subsequent  to  precracking,  when  the  specimen  is  loaded 
in  four-point  bending,  cracks  nucleate  at  the  AUOs/reaaion 
product  interface,  referred  to  as  the  C/R  interface,  and 
propagate  along  that  interface  (Fig.  8(B)).  The  associated 
propagation  load'  indicates  a  fracture  energy  for  this  inter¬ 
face  of  r  17  J  -  m~^.  Also,  periodic  branch  cracks  are  emit¬ 
ted  into  the  reactioii  product  layer  as  the  primary  crack 
extends  along  the  interface.  These  branch  cracks  arrest  at 
the  R/M  interface  (Fig.  8(B)).  Cross  sections  suggest  that  the 
branch  cracks  tunnel  across  the  reaction  product  layer,  start¬ 
ing  from  the  free  edge.  It  is  apparent  from  these  results  that 
the  R/M  interface  has  a  relatively  high  fracture  energy  and  is 
not  a  factor  in  the  fracture  process.  Independent  measure¬ 
ments  of  the  fracture  energy  of  reaction  products  in  Ti/AI, 
refractory  metal  ternary  systems,  such  as  the  <r  phase,’  indi¬ 
cate  values  in  the  range  Fr  40  to  SO  J  -  m~^.  This  multiplic¬ 
ity  of  fracture  behaviors  can  be  rationalized  using  the  preced¬ 
ing  calculations. 

During  precracking,  with  the  mode  I  crack  in  the  AI2O3 
normal  to  the  interface,  the  fracture  energy  ratio  between  the 
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Tatm  • 

(A) 


(B) 


Fig.  8.  (A)  A  precrack  that  extended  in  the  AI2O3  normal  to  the 
interface  and  propagated  through  the  reaction  product  interface  in 
a  Ti(Ta)/Al203  bond.  (B)  A  mixed-mode  crack  extending  along  the 
Al203/reaction  product  layer  interface.  Also  shown  are  periodic, 
inclined  branch  cracks  in  the  reaction  product  layers  formed  upon 
interface  crack  extension. 


reaction  products  and  the  C/M  interface  is  r./Fu  »  1/3.  This 
ratio  is  in  a  range  consistent  with  the  observed  crack  penetra¬ 
tion  into  the  reaction  products."’  Upon  subsequent  loading, 
when  crack  extension  occurs  along  the  C/R  interface,  the 
phase  angle  tl>  is  approximately  50  For  this  case,  with 
7/  =  0  and  r/Fu  =  1/3.  Fig.  4  would  indicate  that  the  crack 
should  remain  at  the  C/R  interface.  However,  if  a  tensile  mis¬ 
fit  stress  exists  within  the  reaction  product  layer.  Fig.  4  indi¬ 
cates  that  77  =  0.5  would  allow  the  formation  of  branch  cracks 
Based  on  the  elastic  properties  of  the  Ti/AI;Oi  system,  the 
requirement  for  branch  cracking  becomes.  '  = 

1  MPa  ■  m'  ■.  Since  the  branch  cracks  tunnel  in  from  the  edge. 
c  should  be  about  equal  to  the  reaction  product  layer  thick¬ 
ness  (  —  3  Mnt).  whereupon  the  misfit  stress  should  be 
<Tii  >  600  MPa.  Such  levels  of  misfit  stress  arise  from  the 
thermal  expansion  mismatch  between  either  the  y-TiAl  or  the 
a  reaction  layer  with  either  the  AFOi  or  the  Ta(Ti). 

V.  Conclusion 

In-plane  stresses  can  have  a  major  influence  on  the  behav¬ 
ior  of  interface  cracks.  In  particular,  tensile  in-plane  stress 
acts  in  conjunction  with  flaws  near  the  interface  to  destabi¬ 
lize  interface  cracks  and  causes  them  to  depart  from  the  in¬ 
terface.  Conversely,  compressive  in-plane  stresses  stabilize 
interface  cracks  and  essentially  deactivate  flaws  around  the 
interface.  Such  issues  are  important  in  the  failure  of  bonds 
when  either  reaction  layers  or  coatings  subject  to  misfit 
stresses  are  present,  and  in  fiber  fracture  from  interface 
debonds  in  brittle  matrix  composites.  The  calculations  are  il¬ 
lustrated  by  observations  of  branch  cracks  within  a  reaction 
product  layer  formed  in  the  Ti(Ta)/Al203  system. 
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DESIGN,  ANALYSIS  AND  APPLICATION  OF  AN 
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Abamct — An  improved  fiber  push-through  test  has  been  designed  and  used  to  obtain  neu-  information 
about  interfaces  in  composites  consisting  of  matrices  of  a  Ti  alloy  and  a  borosilicate  glass,  both  reinforced 
with  SiC  fibers.  Interpretation  of  these  results  is  accomplished  through  an  analysts  of  coupled  debonding 
and  push-through,  followed  by  push-back.  The  sliding  stress  is  found  to  vary  with  push-out  distance  and 
to  be  substantially  reduced  in  the  vicinity  of  a  fatigue  crack  in  the  Ti  matrix  composite.  These  eflects  are 
attributed  to  asperity  wear,  matrix  plasticity  and  fragmentation  of  the  fiber  coating  around  the  debonded 
interface.  Reseating  effects  on  push-back  have  been  demonstrated,  but  have  been  found  to  diminish  as 
the  relative  fiber-matrix  displacement  increases.  Fiber  roughness  has  been  identified  as  an  important 
aspect  of  interface  sliding. 


Rtenc — Un  essai  ameliore  d'enfoncement  des  fibres  est  propose  et  utilise  pour  obtenir  de  nouvelles 
informations  sur  les  interfaces  dans  des  composites  formes  de  matrices  en  alliage  de  titane  et  en  verre  au 
borosilicate,  toutes  deux  renforc^  par  de  fibres  de  SiC.  L'interpretation  de  ces  resultats  est  effectuee  par 
une  analyse  de  la  separation  et  de  I'enfoncement  coupl«.  suivi  d'une  poussM  en  sens  inverse.  On  trouve 
que  la  contrainte  de  glissement  varie  avec  la  distance  d'enfoncement  et  qu'elle  est  r^uite  considmblement 
au  voisinage  d'une  fissure  de  fatigue  dans  le  composite  a  matrice  de  titane.  Ces  effeu  sont  attribues  a 
I'usure  des  asperites,  a  la  plasticite  de  la  matrice  et  a  la  fragmentation  du  revetement  des  fibres  autour 
de  la  surface  de  s^ration.  Oes  effets  de  remise  en  place  lots  de  la  poussee  en  sens  inverse  sont  observe, 
mais  ils  diminuent  lor^ue  le  deplacement  relatif  fibre.matrice  augmente.  On  montre  que  la  rugosite  de 
la  fibre  est  un  aspect  important  du  glissement  interfacial. 


yinwnunfnfaiiiig — Ein  verbesserter  Faser-DurclistoB-Test  wird  entworfen  und  angewandt,  um  neue 
Informationen  fiber  Grenzflachen  in  Verbundwerkstoffen  zu  erhalten.  deren  Matrix  entweder  aus  einer 
Ti-Legierung  Oder  einem  Borsilikat-Glas,  beide  verstarkt  mit  SiC-Fasem,  besteht.  Mit  einer  Analyse  der 
gekoppelten  Prozesse  Abldsen  und  DuichstoBen.  gefolgt  von  Zurfickschieben.  werden  diese  Ergebnisse 
interpietiert.  Die  Gleitungsspannung  andert  sicb  mit  der  Ausziehlange  und  ist  in  der  Nahe  eines 
Ermfidungstisses  in  dem  Werkstoif  mit  Ti-Matrix  betriichtlich  verringert.  Diese  Einflfisse  werden  dem 
Abrieb,  der  Plastizitat  in  der  Matrix  und  dem  Bruch  des  Faserfiberzugs  im  abgeldsten  Gtenzflachenbereich 
zugeschrieben.  Effekte  der  Wiedereinlagerung  beim  Zurfickschieben  werden  gefunden,  sie  verscbwinden 
aber  mit  steigender  relativer  Verschiebung  zwiscben  Faser  und  Matrix.  Es  wird  gezeigt,  dafi  die 
Faserrauhigkeit  ein  wichtiger  Aspekt  der  Grenzflachengleitung  ist. 


1.  INTRODUCTION 

Fiber  push-through  tests  have  been  widely  exploited 
as  an  approach  for  measuring  the  sliding  properties 
of  fiber-matrix  interfaces  in  composite  materials 
[l-S].  The  advantages  of  this  method  include  relative 
simplicity  in  testing  and  a  capability  for  conducting 
experiments  at  elevated  temperatures  [6].  The  disad- 
vanuges  are  concerned  with  interpretation  of  the 
measurements,  because  of  relatively  complex  defor¬ 
mations  that  occur  during  the  loading  and  sliding 
processes.  The  first  intent  of  the  present  study  is  to 
provide  a  further  development  of  the  push-through 
test,  in  conjunction  with  an  analysis  that  allows 
determination  of  the  interface  sliding  stress,  i.  The 


second  objective  is  to  apply  the  technique  to  inter¬ 
faces  between  SiC  (SCS-6)  fibers  and  a  /?-Ti  (15-3-3) 
alloy  matrix,  before  and  after  fatigue  crack  growth 
[7],  as  well  as  interfaces  between  SiC  (SCS-6)  fibers 
and  a  borosilicate-glass  matrix. 

Previous  studies  on  the  push-through  test  have 
relied  primarily  on  the  peak  load  for  initial  push- 
through  as  a  measure  of  “debonding.”  Push-back  has 
been  used  to  provide  a  measure  of  the  sliding  stress, 
T.  along  the  debonded  interface.  The  magnitude  of  t 
has  been  calculated  from  the  force.  P,  and  displace¬ 
ment.  d.  from  the  expression 

X  =  Pl2nR{h  -d)  (1) 


1243 


1244 


WARREN  ei  at  INTERFACE  PROPERTIES  IN  COMPOMTFv 


v^here  R  i>  the  fiber  rudiub  and  it  is  the  section 
thickness.  More  comprehensive  analvsis  of  coupled 
dcbonding  and  sliding  (s,  9]  dunng  push-through 
allows  substantial  additional  information  to  be 
gained  from  push-through  and  push-back  tests  when 
appropnatelv  moditied  and  instrumented.  Solutions 
for  pull-out  [8]  and  push-through  [9]  for  coupled 
debonding  and  sliding  have  been  characterized  b>  a 
debond  enerB>.  F .  a  sliding  stress,  t.  and  a  thermal 
expansion  misfit  strain,  if  Some  of  the  salient  results 
are  summarized,  as  needed  to  relate  the  push-through 
force.  P.  to  the  displacement,  d.  in  terms  of  r  and  <t 
The  basic  solutions  are  described  in  terms  of  a  fnction 
law 


T  =  To  -  na, 


(2) 


whet  u  is  the  friction  coefficient  and  a,  is  the 
compressive  stress  normal  to  the  interface.  During 
initial  push-through,  stable  debonding  proceeds  with 
frictional  sliding  occurring  behind  the  debond  lip. 
This  is  followed  by  a  load  drop  and  push-out  resisted 
by  friction.  Results  are  presented  for  the  following 
conditions;  (i)  the  Poisson's  ratio  of  the  fiber  and 
matrix  are  the  same,  (ii)  the  misfit  strain  in  the 
axial  and  radial  directions  are  the  same  and,  (iii)  the 
radial  stress  is  zero  at  the  outer  boundary  (Type  1 
conditions)  [8, 9], 

The  load-displacement  behavior  during  debonding 
is  sensitive  to  the  initial  debond  length  which,  in  turn, 
is  affected  by  the  sectioning  process  and  the  misfit 
strain.  However,  after  the  debond  has  propagated 
completely  along  the  interface,  since  there  is  no 
contribution  from  debonding,  the  load.  P.  becomes 


where 


P  <folcxp(2/ifl///f)- 1) 


1-F 

(l-/)£„J  R  j 

£/£„ 

V 

jt  £(!-/) 

£  =  v£/((l  -(-v)£f-F(l  -v)£l 

(3) 


with  £  being  Young's  modulus,  v  Poisson's  ratio  and 
t  =h  —d.f  with  the  subscripts  m  and  f  referring  to 
matrix  and  fiber,  respectively.  For  the  special  case. 
^t=0,  equation  (4)  reduces  to  equation  (I)  with 
T  =  To.  whereupon  P  decreases  linearly  with  d.  How¬ 
ever,  when  ^  0,  £  is  slightly  non-linear.  This  gen¬ 
eral  solution  has  been  implemented  in  a  companion 
paper  [10]  to  predict  the  effect  of  fiber  roughness  and 
of  misfit  on  the  push-out  force.  The  results  will  be 
invoked  in  this  article  to  interpret  some  of  the 
experimental  measurements. 


tit  should  be  noted  that  /  in  these  formulae  is  not  the  fiber 
volume  fraction,  but  rather  the  ratio 
^  area  of  fiber 

total  area  of  composite 

This  implies  that  /  is  always  small  (typically  I0~*). 


:.  PI  SH  THKOl  (,ll  M>T 


2  /  f)i 

For  nbers  hjving  eiuie.-  a  rj.jiivciv  kirgo  uiamcicr 
or  large  values  ot  F  ano  or  -  'unsianiiai  lorees  are 
needed  to  displace  the  n'e^rs  In  Nuen  cases,  the 
indenter  design  ana  the  loaainc  arrangement  needed 
to  obtain  usclul  information  are  partieuiarlv  import¬ 
ant.  .Manv  previous  stucie'  have  L;^ea  sharp  indcniors 
that  penetrate  the  fiber  T'Vo  pronlems  arise:  in  at 
high  loads,  cracks  are  introducea  into  the  fibers  that 
can  influence  the  measurements,  nil  at  moderate 
displacements,  the  indenior  comes  into  contact  with 
the  matrix,  curtailing  further  measurements.  To  obvi¬ 
ate  these  problems,  cyiindricai  indentors  are  preferred 
and  used  in  conjunction  with  the  apparatus  schemat¬ 
ically  illustrated  m  Fig.  1  The  test  is  performed  by 
prepanng  a  thin  section  of  the  composite.  This 
section  IS  located  on  an  .Al  alloy  base  containing  a 
220 Jim  diameter  hole,  with  the  fiber  of  interest 
placed  over  the  hole,  .-k  small  SiC  cylinder.  100 jrm 
diameter,  is  emplaced  on  the  fiber  ex  situ  in  an  optical 
microscope,  A  small  rod  located  within  the  hole  is 
maintained  in  intimate  contact  with  the  fiber  and 
connected  to  a  cantilever  beam  with  an  attached 
strain  gauge.  This  device  measures  the  displacement 
at  the  bottom  of  the  fiber  during  push-through. 
Loads  are  applied  to  the  indentor  through  a  flat 
AUOj  plate  connected  to  a  load  cell,  which  monitors 
the  force.  P.  This  system  can  be  located  within  a 
furnace  for  high-temperature  measurements.  Two 
additional  features  of  this  design  are  noted.  The  use 
of  a  relatively  small  diameter  hole  minimizes  bending 
stresses.  However,  loads  are  limited  to  ~40N, 
because  at  larger  loads,  either  cone  cracks  form  in 
the  Sic  fibers  or  the  SiC  indenior  fractures. 

2.2.  Materials  and  specimens 

Tests  were  conducted  on  composites  consisting  of 
(SCS-6.  eVD)  SiC  fibers  in  either  a  Ti  alloy 
(Ti-15V-3  Al)  or  a  borosilicate  glass  (Coming  7741) 
matrices.  The  elastic  and  thermal  properties  of  the 
specimens  are  listed  in  Table  1.  In  both  cases,  speci¬ 
mens  were  ground  and  polished  with  a  final  I  jim 
diamond  finish.  Two  different  specimen  thicknesses 


^iternol  lood 
-  rod 

Fibtr-v  /  Comoositd  motoriol 


Fig.  I.  Schematic  diagram  of  the  fiber  push-through 
apparatus. 
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Table  I .  Properuci  of  the  iwo  matrices 


Ti-15-J  SiC 

Glass  SiC 

Modulus.  £. 

ll5CPa 

70  GPa 

Composite  modulus,  £ 

196  CPa 

70  GPa 

Poisson's  ratio.  v„ 

0.33 

020 

Thermal  expansion  coefRcteni. 

76*  10  *C  ' 

3.25  X  10  'C  ' 

Thermal  mismatch  strain, 

4.5  X  10  ' 

70  X  10  * 

Radial  thennal  mismatch  stress,  an 

-300  MPa 

-60  MPa 

Volume  fraction  of  fibers,  p 

0.35 

6*  X  10* 

Area  of  fiber,  area  of  specimen.  / 

4.5  X  10  * 

6  8  X  10  ‘ 

Fiber  properties 

Modulus  £, 

360  GPa 

Poisson's  ratio,  v, 

0.17 

Thermal  expansion  coefficient,  a, 

2.6  X  10  *  C  ' 

were  used  for  each  composite:  210  and  410  /<m  for  the 
Ti  alloy,  1.5  and  2.1  mm  for  the  glass.  Fibers  were 
pushed  out  to  a  range  of  displacements  up  to  80  pm 
and  then  pushed  back.  The  loads  and  deflections  were 
continuously  monitored.  Some  tests  were  conducted 
on  the  Ti  alloy  matrix  composite  which  had  been 
subjected  to  fatigue  cracking  at  a  stress  amplitude 
Atr  31 300  MPa  and  an  R  ratio  =  0.1  [7].  This  fatigue 
schedule  lead  to  matrix  crack-growth  without  fiber 
failure.  A  push-through  specimen  was  prepared  from 
a  450 pm  thick  section  of  material  parallel  to  the 
matrix  fatigue  crack  (Fig.  2).  Tests  were  conducted  on 
fibers  at  different  locations  relative  to  the  fatigue 
crack  front. 


load  is  found  following  pop-through,  for  the  first 
2 -3  pm  of  fiber  displacement.  This  is  followed  by  a 
load  that  usually  diminishes  as  the  push-through 
displacement  increases.  Upon  push-back,  the  load  at 
which  fiber  displacements  resume,  P,  (Fig.  4),  is 
usually  somewhat  smaller  than  the  termination 
load  upon  push-through,  P^.  Thereafter,  the  load 
remains  essentially  constant  until  the  fiber  reaches 
the  original  location.  At  that  location,  there  is  a 
small  load  drop,  AP^*  associated  with  the  fiber  re¬ 
seating  into  its  initial  position,  as  observed  in  pre¬ 
vious  studies  [3,4].  The  relative  load  drop,  &P4IP, 
usually  decreases  as  the  initial  push-through  distance 
increases  (Table  2). 


3.  RESULTS 
3.1.  Pristine  materials 

A  variety  of  experimental  results  have  been 
obtained.  Typical  results  obtained  on  pristine  ma¬ 
terial  are  presented  in  Figs  3  and  4.  An  increase  in 
load  occurs  associated  with  elastic  bending  and  stable 
debonding.  A  load  drop,  AP,  often  accompanies 
debond  pop-through.  The  magnitude  of  AP  increases 
as  the  section  thickness  increases  (Table  2).  This  load 
drop  may  be  used  to  estimate  the  intefacial  debond 
energy  (see  Appendix).  Frequently,  an  initial  rise  in 


Fig.  2.  Schematic  of  the  fatigue  specimen  showing  the  notch 
root  and  fatigue  crack  growing  from  the  root.  The  fibers  are 
perpendicular  to  the  fatigue  crack,  with  a  center-center 
spacing  «2S0/<m. 


Fig.  3.  Two  examples  of  force-displacement  results  for 
push-through  and  push-back  on  the  Ti-I5-3/SiC  material 
(specimen  thickness  410  ;<m). 
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Fig.  4.  Force-displacement  results  for  push-through  and 
push-back  of  the  glass/SiC  material  (specimen  thickness 
1.5  mm). 


A  comparison  of  the  results  for  the  two  different 
matrices  reveal  important  differences.  The  Ti  matrix 
composite  exhibits,  (i)  consistently  larger  value  of  the 
push-out  force,  (ii)  a  substantially  larger  push- 
through  load  drop,  AP,  and  (iii)  greater  differences  in 
the  relative  push-back  force,  PJPi-  Also,  the  relative 
load  decrease  that  occurs  as  the  push-out  process 
proceeds  is  larger  for  the  Ti  matrix  composite.  Con¬ 
versely,  the  relative  reseating  load  drop,  £iPJP,  is 
larger  for  the  glass  matrix  system. 

Observations  of  fibers  following  initial  push- 
through  using  scanning  electron  microscopy  (SEM) 
indicated  that  sliding  in  the  Ti  matrix  system  occurs 
at  the  interface  between  the  fiber  coating  and  the 


T»ble  2.  (a)  Reseating  lo«d  drop 


Relative  load  drop, 

(N) 

(pm) 

Ti  matrix 

5 

0.5S 

10 

0.36 

20 

0.13 

(b)  Push-through  load  drop 

Load-drop,  AP  (N) 

(pm) 

Ti  matrix 

410 

7,3 

210 

S.l 

reaction  product  which  forms  ai  the  inierface 
(Fig  5(a)].  whereas  in  the  borosilicaie  matrix  system, 
debonding  and  sliding  proceeds  at  the  fiber-coating 
matrix  interface  [Fig.  5(b)]. 

3.2.  FaiigufJ  muicria! 

The  specimens  prepared  following  fatigue  crack 
propagation  exhibited  different  push-out  character¬ 
istics.  At  fiber  locations  ahead  of  the  fatigue  crack-tip 
(B  in  Fig.  2).  the  push-through  characteristics  are 
essentially  the  same  as  these  on  pristine  spiecimens. 
However,  adjacent  to  the  notch  (A  in  Fig,  2).  the 
push-through  force-displacement  curves  have  the 
form  depicted  in  Fig.  6.  Subsequent  to  elastic  deflec¬ 
tion  and  a  small  load  drop,  push-out  commences 
at  a  relatively  low  load  but  the  push-through  load 
increases  for  push-through  displacements  of  the 
order  of  30 /im.  Thereafter,  the  load  decreases  with 
increasing  displacement. 

Push-back  tests  have  the  same  features  exhibited  by 
pristine  specimens:  an  essentially  constant  load,  simi¬ 
lar  in  magnitude  to  that  reached  upon  termination  of 


Poshea-boeti 


Pushed- out 


C-  inttrloee 


Reaction  product 


Fig.  5.  SEM  micrographs  of  fibers  after  push-through,  (a) 
the  Ti-I5-3/SiC  composite,  (b)  the  glass/SiC  composite — 
note  the  glass  fragments  adhering  to  the  fiber,  (c)  fatigued 
Ti  matrix  sample — note  the  extensive  damage  to  the  coating. 
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Fiber  displacement,  d  (**m)  Fiber  displacement ,  d  (fim) 

Fig.  6.  Force-displacement  results  for  push-through  and  push-back  in  the  fatigued  Ti-15-3  SiC  material. 

push-through.  However,  there  was  no  load  drop  Ti  matrix  system  has  a  sliding  stress  about  an  order 
associated  with  reseating.  Observations  of  the  sliding  of  magnitude  larger  than  that  for  the  glass  matrix 
interface  indicate  extensive  fragmentation  of  the  fiber  material.  Also,  the  decrease  in  r  with  sliding  displace- 
coating  (Fig.  S(c)].  ment  is  much  larger  for  the  Ti  system.  Attempts  to  fit 

the  load-displacement  results  to  equation  (3)  with 
4.  ANALYSIS  consistent  t„  and  /r  have  yielded  unacceptable  corre¬ 

lations.  The  problem  is  illustrated /or  the  glass  matrix 
Preliminary  representation  of  the  sliding  behavior  system  in  Fig.  8.  First,  by  using  the  misfit  £t  and  the 
is  made  using  equation  (I).  as  plotted  on  Fig.  7.  The  elastic  properties  for  this  composite  (from  Table  1), 


Ii’  1’  :»»  V*  4i>  -40  .^n 

Fiber  dispUccRwnt.  diMmi  Fiber  dtsptacemmt.  d  <umi 


Fig.  7(a-d).  Caption  ooeriettf. 
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Fig.  7(e.n 

Fig.  7.  Values  of  the  sliding  stress  r  as  a  function  on  push-through  and  push-back:  la.bl  Ti  matrix 
composite,  (c.dl  glass  mainx  composite.  (e.O  Ti  matrix  after  fatigue. 


a  fit  of  equation  (3)  to  the  initial  push-through  force 
indicates  that  n  %  0.2  and  t.,  %  2  MPa.  Then,  by 
maintaining  and  r„  at  these  levels,  equation  (3) 
predicts  a  substantially  smaller  load  reduction  upon 
push-out  than  indicated  by  the  expenments.  This 
situation  differs  from  that  found  when  initial  push- 
through  measurements  are  made  as  a  function  of 
embedded  lengths  (Fig.  9).  wherein  all  measurements 
involve  small  displacements  (<2/im).  The  inference 
is  that  either  or  tg  or  both  are  diminishing  as 
push-out  proceeds.  An  assessment  of  the  degradation 
is  made  (Fig.  10)  by  either  regarding  n  as  constant 
and  evaluating  the  reduction  in  tg  or  vice  versa.  Based 
on  an  analysis  elaborated  in  a  companion  paper  [10], 
the  preferred  interpretation  is  that  ig  decreases.  This 
analysis  relates  Tg  to  fiber  roughness.  It  explains 
various  unexpected  phenomena,  such  as  the  fre¬ 
quently  found  rise  in  initial  push-out  stress  (Fig.  3)  in 
terms  of  a  geometric  decorrelation.  It  also  demon¬ 
strates  that  Tg  decreases  as  the  amplitude  of  the 
roughness  decreases.  The  implication  regarding  the 
results  presented  for  the  glass  matrix  system  in  Fig.  10 
is  that  wear  of  the  interface  asperities  occurs  as  the 
interface  slides  during  push-out.  causing  Tg  to  dimin¬ 


ish.  Direct  measurements  of  asperity  amplitudes 
would  be  needed  to  verify  this  interpretation. 

The  much  larger  reduction  in  t  in  the  Ti  matrix 
system  cannot  be  explained  by  the  same  asperity  wear 
mechanism,  because  the  extent  of  aspenty  wear  that 
would  be  needed  to  correlate  with  the  expenments  is 
unacceptably  large  [10].  The  interpretation  most  con¬ 
sistent  with  the  measurements  [Fig.  7|a)].  is  a  re¬ 
duction  in  misfit  strain  with  push-out.  probably 
caused  by  plastic  expansion  of  the  matrix  around  the 
fiber,  as  asperities  slide  over  each  other. 

The  large  reduction  in  initial  push-out  stress  in¬ 
duced  upon  fatigue  crack  growth  (Fig.  6)  has  also 
been  related  to  a  diminished  misfit  strain  [10].  In  this 
case,  fragmentation  and  removal  of  the  fiber  coating 
[Fig.  5(c)]  is  regarded  as  the  major  source  of  the 
reduced  misfit.  The  subsequent  increase  in  push-out 
load  is  qualitatively  consistent  with  this  interpret¬ 
ation.  but  the  magnitude  is  larger  than  this  mechan¬ 
ism  could  predict.  Further  study  is  needed  to 
understand  these  details. 

The  reseating  effect  on  push-back  has  been  noted 
and  explained  [3.4]  in  terms  of  asperities  on  the 
debonded  interface.  One  notable  addition  provided 
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Fig.  8.  A  comparison  of  push-through  measurements  for  the 
glass  matnx  system  with  prediction  based  on  equation  (4) 
with  ft  and  t„  held  constant. 


Efnbcdded  length  <mmi 


Fig.  9.  A  comparison  of  push-out  data  as  a  function  of 
embedded  length  with  the  prediction  of  equation  (3)  [S] 

(t„  =  0.  /I  =  0.2). 
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Fig.  10.  Change  in  sliding  parameten  with  push-out  for  a 
glass  matrix  system;  (a)  fixed,  t„  (b)  fixed  p. 


by  the  present  study  concerns  the  reduction  in  the 
associated  load  drop  with  increase  in  the  push- 
through  displacement  in  the  Ti-15-3  matrix  material 
(Table  2).  This  observation  is  consistent  with  the 
above  speculations  that  the  matrix  in  this  material  is 
being  plastically  deformed  during  push-through. 

5.  CONCLUDING  REMARES 

Based  on  the  development  of  an  improved  push- 
through  test,  some  important  sliding  characteristics 
of  interfaces  in  metal  and  glass  matrix  composites 
have  been  identified.  In  particular,  changes  in  sliding 
behavior  caused  by  monotonic  and  cyclic  sliding 
displacements  have  been  revealed.  Qualitative  com¬ 
parison  with  a  sliding  model  based  on  fiber  roughness 
and  friction  [10]  have  provided  some  insight  about 
the  origin  of  these  effects.  Changes  in  monotonic 
sliding  resistance  r  are  larger  for  metal  (MMC)  than 
glass  (CMC)  matrix  composites,  suggesting  that  re¬ 
lease  of  misfit  by  matrix  plasticity  is  important  for 
MMCs  whereas  asperity  wear  dominates  for  GMCs. 
The  effects  of  fatigue  seem  to  involve  fragmentation 
of  the  fiber  coating  that  also  reduces  the  thermal 
expansion  misfit  and  reduces  r. 


Some  of  the  changes  are  substantial  and  have 
important  implications  for  matrix  cracking  in  com¬ 
posites,  subject  to  either  monotonic  or  cyckc  loading: 
processes  that  have  high  sensitivity  to  t.  The  details 
that  govern  the  sliding  induced  changes  in  r  have  not 
been  elucidated  and  require  further  study. 
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APPENDIX 

Estmaiing  the  Interface  Debond  Energy,  F, 

Liang  and  Hutchinson  [9]  have  shown  that  a  load  drop, 
dP,  occurs  after  the  debond  has  propagated  completely 
along  the  interface  (for  r,  >  0), 

. «■> 

where 


•  {l+y)  +  {\-v)EIE, 

4EEfH\  +y)E,  +  (l  -y)E] 

’“(1  -/)(l-t-v)£Ll£^-Kl-2v)£] 

In  (Al),  the  first  teim  in  parentheses  reflects  the  release  of 
resMuaJ  stress  when  the  debond  propagates  completely 
along  the  interface  while  the  second  term  reflects  the  contri¬ 
bution  to  the  load  induced  by  the  bond. 

Measurements  of  AP  enable  Pj  to  be  estimated  provided 
that  tj  is  independently  known.  As  a  first  approximation,  we 
assume  that  the  axial  mismatch  strain  is  entirdy  relieved 
when  the  thin  composite  sections  are  sliced:  tj  •  0.  Values 
of  Fj  are  then  estimated  for  the  Ti  matrix  composite 
in  which  debonding  occurs  within  the  fiber  coating.  For 
this  case  (Fig.  7(a)],  r  >  90  MPa  and  the  mismatch  stress 
Of  —  300  MPa  (Ta^  1)  giving  p  -  0.3.  With  this  value  for 
p,  the  measur^  push-through  load  drops  (Table  2)  give 
r,  in  the  range  4-7  Jm~^.  A  more  complete  aiialysis 
awaits  a  numerical  solution  that  includes  the  influence  of 
sectioning  presently  under  development  P]. 
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AkMract — Cracks  in  thin  films  caused  by  residual  tension  are  examined.  Attention  is  focused  on 
film  cracking,  subiect  to  either  interfiMe  debonding  or  substrate  cracking.  For  crack  channeling 
along  the  fil^  the  driving  force  is  found  to  depend  on  the  channel  cross-section,  as  governed  by 
the  fracture  properties  of  the  interface  and  the  substrate,  in  addition  to  known  eflects  of  film 
thickness,  rcsiduai  stress  and  elastic  moduli.  The  critical  film  thickness  needed  to  avoid  cracking  is 
determined  to  be  lower  if  the  crack  extends  into  the  substrate.  Conditions  for  thin  film  spalling  and 
constrained  debonding  arc  prescribed.  Finally,  the  T-stress  is  used  to  account  for  crack  branchiag 
in  substrates. 


1.  INTRODUCTION 

Thin  films  deposited  on  a  substrate  are  usually  subject  to  residual  stress,  with  a  misfit  strain 
Eq.  For  example,  if  the  thermal  expansion  coeflScient  of  the  film  differs  from  that  of  the 
substrate,  the  misfit  strain  is  biaxial,  having  magnitude 


«e  « (fif-fi.)Ar,  (1) 

where  AT  is  the  temperature  drop  and  b  the  thermal  expansion  coeflkient ;  the  subscripts 
f  and  s  indicate  film  and  substrate,  respectively.  The  misfit  stress  in  the  film  is  also  biaxial, 
with  magnitude 


(To  “  8oAf/(l  —  Vf),  (2) 

where  E(  is  the  Young’s  modulus  and  Vr  the  Poisson's  ratio.  The  residual  stress  is  tensile 
when  the  thermal  expansion  coefiicient  for  the  film  is  larger  than  for  the  substrate,  and  is 
given  explicitly  by  eqn  (2)  when  the  film  is  much  thinner  than  the  substrate.  Thin  films  in 
residual  tension  are  considered  in  this  paper. 

Many  cracking  patterns  in  film-substrate  systems  have  been  observed  and  analysed 
(Evans  et  al.,  1988 ;  Hutchinson  and  Suo,  1992).  A  crack  nucleates  from  a  flaw  either  in 
the  film  or  at  the  edge,  and  propagates  both  towards  the  interface  and  laterally  through  the 
film.  Depending  on  the  material,  the  crack  nuy  stop  at  the  interface  (Fig.  la),  penetrate 
into  the  substrate  (Fig.  lb),  or  bifurcate  onto  the  interface  (Fig.  Ic).  These  cracks  then 
channel  laterally.  After  the  channel  length  exceeds  a  few  times  the  film  thickness  h,  a  steady 
state  is  reached,  wherein  the  entire  front  and  the  cross-section  in  the  wake  maintain  their 
shape  as  the  crack  advances.  When  the  steady-state  channel  extends  by  unit  length,  the 
potential  energy  decreases  by  (Suo,  1990 ;  Ho  and  Suo.  1991) 

*  =  (3a) 
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Fig.  I.  (a)  A  chaonding  crack  within  a  thin  film,  (b)  A  channeling  crack  penetrating  into  the 
wbatrate.  (c)  A  channeling  crack  with  interface  debonding. 


or  by  (Gilk,  1985;  Hu  and  Evans,  1988) 


«  =  (3b) 

where  j(x)  is  the  separation  of  the  cracked  film  in  the  wake,  9(a)  is  the  energy  release  rate 
of  a  plane  strain  crack,  and  the  integration  in  eqn  (3b)  is  over  all  cracks  in  the  cross-section 
of  the  wake. 

Previous  studies  have  assumed  that  the  channel  bottom  is  a  sharp  crack  front  lying 
on  the  interface  (Fig.  la).  However,  in  practice  a  film  crack  may  either  extend  into  the 
substrate  (Fig.  lb)  or  bifurcate  along  the  interface  (Fig.  Ic),  depending  upon  the  relative 
fracture  energies  of  thin  film,  substrate  and  interface.  Such  microscopic  features  relax  the 
constraint  of  the  system  and  increase  the  separation  j(x)  which,  in  turn,  increases  the 
driving  force  4r.  Consequently,  the  loss  of  constraint  lowers  the  critical  residual  stress 
needed  to  drive  the  channel  crack.  Explicit  determination  of  these  effects  is  the  subject  of 
this  article. 

Consider  an  ideally  constrained  channel  in  the  film  (Fig.  la).  The  potential  energy 
decrease  for  the  channel  to  extend  unit  length,  4r,  equals  the  energy  released  at  the  channel 
front,  A  9^.  Dimensional  arguments  lead  to 


=  (alh^lE,)!.,  (4) 

where  £(  =  £1-/(1  —vr),  and  £  is  dimensionless  and  depends  on  elastic  mismatch,  as  cal¬ 
culated  by  Beuth  (1992)  for  the  channel  confined  in  the  film. 
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Table  I.  Fracture  energies  for  typical  fUm  substrate  combin- 
ations 


Maienal 

Fracture  energy 

Film/suburaiet 

Si 

6 

F.S 

GaAs 

2^ 

F.S 

SiO, 

6 

F 

SiC 

20 

F 

Si.N, 

10-40 

F 

A1,0, 

10-30 

S 

Cu 

10* 

F 

Al 

10* 

F 

Ni 

10* 

F.S 

Polyimide 

10* 

F 

t  F  refers  to  film.  S  refers  to  substrate. 


Let  fr  be  the  fracture  energy  of  the  iihn,  and  define  a  non-dimensional  cracking  number, 
flc.  as 

CK  “  aihl£,r,.  (5) 

The  channel  grows  if  =  Consequently,  for  the  ideaUy  constrained  channel  to  grow. 
Of  -  I  /£.  Once  Oe  has  been  established,  it  defines  a  critical  film  thickness  below  which  film 
cracking  is  prohibited 

h,  =  CKiEfFM).  (5a) 

Determination  of  CK  is  the  principal  objective  of  this  paper. 

The  material  properties  that  dominate  the  conditions  for  film  cracking,  through  their 
influence  on  the  magnitude  of  (X,  are  the  system  fracture  energies  and  the  elastic  mismatch 
parameters.  The  relevant  fracture  energies  F  are  rjTt  and  rjFt,  where  the  subscripts  i,  f 
and  s  refer  to  the  interface,  film  and  substrate,  respectively.  Typical  values  for  Fr  and  F, 
ate  indicated  in  Table  I  for  substrate  and  film  combinations  of  technological  interest.  The 
interface  fracture  energy  F^  is  sensitive  to  details  regarding  the  substrate  surface,  as  well  as 
the  film  deposition  and  post  annealed  processes.  Values  in  the  range  01-100  JM~^  have 
been  measured  for  various  systems  (Reimanis  et  al.,  1991 ;  Evans  et  al.,  1990). 

2.  PLANE  STRAIN  PROBLEMS 

The  elastic  mismatch  is  characterized  by  the  two  Dundurs’  parameters 

(l-v.)//A-(l-Vf)/l<f  o  I  (l-2vJ/Ai.-(l-2vf)/;tf 
“  (l-v.)//i.+  (l-Vf)//if’  ^"2  ^ 

where  n  is  the  shear  modulus  and  v  the  Poisson’s  ratio.  For  typical  film/substrate  com¬ 
binations.  a  and  P  tend  to  be  interrelated,  such  that  P  »  a/4  (Evans  et  al.,  1990)  with  a 
ranging  between  0  and  0.7.  In  the  computational  results  reported  below,  Vf  s  y, »  j  (equi¬ 
valently,  P  =  a/4). 

The  plane  strain  problems  pertaining  to  the  wake  of  the  channel,  shown  in  the  insets 
of  Fig.  2.  provide  the  information  needed  to  determine  the  potential  energy  decrease  for 
channel  cracking,  'll.  Each  material  is  taken  to  be  isotropic  and  linearly  elastic,  the  substrate 
is  semi-infinite  and.  by  using  Eshelby  arguments,  the  stress  intensity  induced  by  the  misfit 
stress  must  equal  that  induced  by  an  applied  traction  of  the  magnitude. 

For  linear  elastic  problems,  the  plane  strain  energy  release  rate  9  is  quadratic  in  the 
residual  stress  and  dimensional  considerations  show  that 

Sf  =■  (aihl£f)fo,  (7) 

where  tu  is  a  dimensionless  number  depending  on  alh,  a  and  p.  A  few  mathematical 
considerations  capture  the  main  features  of  the  solution,  as  follows. 
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where  (u,  is  the  dimensionless  number  defined  in  eqn  h.  and  the  fitting  parameter 

A;  is  listed  in  Table  2.  The  pre-factor  ensures  that,  as  r\^  ->  x  eqn  ( 14)  approaches  the 
solution  of  an  edge  crack  in  a  semi-infinite  plane  loaded  by  a  pair  of  point  forces  (Tada  et 
al.,  I98S).  Since  the  residual  stress  is  localized  in  the  lilm.  the  energy  release  rate  decreases 
rapidly  as  the  plane  strain  crack  extends  into  the  substrate. 

2.3.  Interface  crack 

When  the  crack  extends  along  the  interface  (Fig.  2c).  even  though  stresses  are  oscil¬ 
latory  at  an  interface  crack  tip,  the  energy  release  rate  ‘S,  still  has  the  usual  interpretation. 
Finite  element  calculation  provides  the  following  approximation : 

cu,  =  [l-i-;.,exp(-;.4v '?.)].  (15) 

where  to,  is  the  dimensionless  number  defined  in  eqn  (7)  and  =  a,ih.  The  two  parameters, 
iia  and  /4,  used  to  fit  the  finite  element  solutions  are  listed  in  Table  2.  The  pre-factor  ensures 
that  the  s>:lution  is  exact  For  systems  having  films  stifler  than  substrates  (a  >  0), 

Oil  monotonically  decreases  to  a  constant  level,  w,  =  O.S.  For  such  systems,  the  interface 
debonds,  unless  the  crack  can  either  blunt  or  extend  into  the  substrate.  For  more  compliant 
films  (a  <  0),  a  maximum  (Oi  exists,  suggesting  a  condition  wherein  debonding  could  not 
occur  provided  that  the  interface  toughness  exceeds  a  critical  level. 

3.  CHANNEL  CRACKS 


3. 1 .  Brittle  substrates 

When  the  substrate  is  brittle,  the  crack  in  the  film  may  penetrate  into  the  substrate 
(Fig.  lb).  Thus,  “ff  can  be  obtained  by  sul»tituting  eqns  (13)  and  (14)  into  eqn  (3b)  to  give 

q/£  r*  r«,'* 

^  ^  “  L  ti>. dn,.  (16) 

For  a  unit  advance  of  the  channel,  the  potential  energy  is  balanced  by  the  energy  needed 
to  create  crack  surfaces 


«  =  Arf-(-(a.-A)r„  (17) 

where  r r  and  T,  are  fracture  energies  for  the  film  and  substrate,  respectively.  At  the  bottom 
of  the  channel,  the  energy  release  rate  must  equal  the  fracture  energy  of  the  substrate, 

=  r,.  (18) 

Equations  (17)  and  (18)  can  be  rewritten  in  nondimensional  forms 

and 


mA  =  rjr,.  (19b) 

where  Qe  is  defined  by  eqn  (5).  Equations  (19a,  b)  can  be  solved  to  give  the  channel  depth 
into  the  substrate,  ;;,•[=  (ajh)*\,  and  the  critical  cracking  number,  fX,  as  a  function  of  both 
TJTt  and  the  Dundurs’  parameter,  a.  Both  equations  are  nonlinear  in  ti„  since  £  and  to, 
depend  on 

It  is  apparent  from  Fig.  3a  that  the  crack  depth  into  the  substrate  increases  either  as 
the  relative  substrate  fracture  energy,  r,/rf,  decreases  or  as  «  increases.  The  cracking 
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The  stress  field  for  a  crack  perpendicular  to  the  interface,  with  the  tip  at  the  interface. 
IS  given  by  Zak  and  Williams  ( 1963).  The  singular  term  is 

a,,  ^  Kr  '  (8) 

where  (r.  $)  is  the  polar  coordinate  centered  at  the  tip.  and  are  dimensionless  angular 
distributions.  The  scaling  factor.  K.  is  analogous  to  the  regular  stress  intensity  factor,  but 
having  different  dimensions  [stress]  [length]'.  The  exponent  j  (0  <  r  <  1)  is  the  root  to 

Table  1  lists  s  for  given  values  of  a.  Dimensionality  and  linearity  require  that 

(10) 

with  the  pre-factor  dependent  on  a  and  only. 

Now  consider  a  crack  perpendicular  to  the  interface,  but  with  the  crack  tip  either  in 
the  film  or  in  the  substrate  (Figs  2a,  b).  As  ajh  -» 1,  the  stress  field  far  from  the  small 
ligament  \h-a\  behaves  as  if  the  crack  tip  were  on  the  interface  and  is  governed  by  At 
the  crack  tip,  however,  the  stress  field  is  square  root  singular  and  is  scaled  by  the  regular 
stress  intensity  factor  K  Linearity  requires  that 

(11) 

Combination  of  eqns  (10)  and  (11)  gives 

ov*"  |(l_A/a)'  2-',a/A-r. 

2.1.  Crack  tip  in  the  film 

For  a  crack  tip  in  the  film  (Fig.  2a),  Beuth  ( 1 99 1 )  has  shown  that,  subject  to  r  = 

aif=3.95l»,Kl-»ff)'-^(l+A,i;r)\  (13) 

where  cof  is  the  dimensionless  number  defined  in  eqn  (7),  t],  =  adh  and  is  a  fitting 
parameter  to  the  full  numerical  solution  (Table  2).  The  pre-factor  is  chosen  such  that, 
as  rir-*0,  eqn  (13)  approaches  the  classical  solution  of  an  edge  crack  in  a  semi-infinite 
homogeneous  plane.  Notice  that  the  normalized  energy  release  rate  ci>r  increases  with  a, 
confirming  the  known  behavior  that  a  compliant  substrate  attracts  cracks  more  than  a  stiff 
substrate. 

2.2.  Crack  tip  in  the  substrate 

For  a  crack  that  penetrates  into  the  substrate  (Fig.  2b)  by  using  =  K^lE„  our  finite 
element  results  can  be  expressed  as 

to,  =  ^^^(^f/f,)»7.[sin-  '(1/»;,)(1  -i/r  ')'^^''(1  +k,lrj,)]\  (14) 


Table  2.  (ty  =  v,  =  i  or  0  =  i'4) 
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-0.8 

-0.6 

-0.4 

-0.2 

0 

0.2 

0.4 

0.6 

0.8 

0.99 

0.312 

0.350 

0.388 

0.425 

0.462 

0.500 

0  542 

0.591 

0.654 

0.744 

0.940 

-0.0894 

-0.0784 

-0.0627 

-0.0437 

-0.0224 

0 

0.0215 

0.0389 

0.0465 

0.0335 

-0.0257 

1.087 

0.711 

0.429 

0.211 

0.0201 

-0.136 

-0.296 

-0.440 

-0.584 

-0.708 

-0.962 

2.220 

1.951 

1.615 

1.282 

0.957 

0,496 

0.660 

0.666 

0.796 

1.268 

2.391 

2.570 

2.594 

2.392 

2.017 

1.336 

1.217 

0.918 

0.694 

0.521 
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Fig.  3.  The  effect  of  tubairaie  fracture  energy  and  elastic  mismatch  on  (a)  the  steady-state 
crack  depth  and  (b)  the  film  cracking  and  non-cracking  regimes,  expressed  through  the  cracking 

number,  Q,. 


number  O,  decreases  as  small  rjV,  (Fig.  3b),  reducing  the  critical  film  thickness,  h,. 
However,  it  is  also  of  importance  to  note  that  is  essentially  invariant  when  rjFf  ^  1. 
This  is  consistent  with  the  prediction  that  crack  penetration  into  film  is  negligible  when 
ft/rr  ^  I  (Fig.  3a).  Consequently,  the  substrate  fracture  properties  are  only  important  when 
the  substrate  has  appreciably  less  toughness  than  the  film. 

3.2.  Weak  interfaces 

Denote  F ,  as  the  fracture  energy  of  the  interface  at  the  phase  angle  pertinent  to  interface 
debonding  (52^^  when  film  and  substrate  have  similar  elastic  constrainu;  see  Fig.  53  in 
Hutchinson  and  Suo  ( 1 992)].  The  non-dimensional  energy  release  rate  for  an  interface  crack 
quickly  approaches  an  asymptotic  value,  Wj  =  0.5  (Fig.  2c).  For  practical  purposes,  this 
prescribes  the  critical  cracking  number  defined  in  eqn  (5)  as 

n.  -  2r./r,.  (20) 


Roles  of  subsintc  sod  loierface  in  cracking 
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The  interpretation  of  this  result  is  as  follows.  For  >  -F,  Tf.  the  debond  extends  without 
limit  and  the  entire  film  spalls  off  as  the  crack  extends  across  the  film.  (Fig.  4a).  Tim 
condition  does  not  depend  on  the  Dundurs'  parameter,  x. 

Another  limit  coincides  with  the  condition  for  the  avoidance  of  cracking.  This  limit 
arises  when  ri,  =  0  (Beuth.  1992) 


a  =  -pr-^ -  (21) 

I  otrdiU 

This  condition  depends  on  a  (Fig.  4b).  A  map  that  combines  the  above  information  is 
shown  in  Fig.  4c  for  the  case  a  »  0.  The  area  indicated  by  edge  cracking  indicates  that  thin 
film  cracking  is  avoided,  but  F,  is  so  low  that  interface  debonds  from  the  edge  of  the  film. 
It  is  noted  that  constrained  debonding  does  not  reduce  appreciably,  so  that  Fig.  4b  is 
sufficient  for  practical  purposes. 

4.  CRACK  BRANCHING  IN  THE  SUBSTRATE 

After  a  crack  penetrates  into  a  brittle  substrate,  it  bifurcates  (Drory  and  Evans,  1990) 
(Fig.  5).  To  account  for  this  phenomenon,  the  concept  of  the  T-stress  is  used.  For  a  mode 
I  crack,  the  Williams  expansion  defines  T-stress  as 

o„ir,d)^-^Md)  +  TS,j,  (22) 

yjlnr 


where  T  is  the  stress  acting  parallel  to  the  crack.  A  crack  in  an  isotropic,  homogeneous, 
brittle  solid  normally  selects  a  trajectory  with  mode  I  loading.  The  crack  perpendicular  to 
the  interface,  with  tip  in  the  substrate,  is  indeed  under  mode  I.  According  to  Cotterell  and 
Rice  (1980),  a  mode  I  crack  is  directionally  stable  if  T  <  0,  but  unstable  if  T  >  0.  With  this 
concept  in  mind,  the  T-stress  after  a  crack  penetrates  into  the  substrate  was  computed  using 
finite  elements  (Fig.  S).  It  is  apparent  that  conditions  exist  near  the  interface  with  T  >  0. 
Cracks  in  the  substrate  near  the  interface  thus  appear  to  be  unstable.  The  observed  bifur* 
cation  may  be  plausibly  explained  by  this  effea.  Noticing  that  the  singular  term  in  (22) 
vanishes  in  crack  flanks  and,  in  particular,/^  ( ±  n)  0,  we  compute  a„  using  finite  element 
along  the  flanks,  near  the  crack  tip,  which  approaches  T.  Fine  meshes  at  the  crack  tip  are 


fWallv*  Cnck  Oapih,  at/h 

Fig.  S.  The  T-stress  as  a  functioa  of  luhstraie  crack  depth  for  various  levels  of  elastic  mismatch. 

The  crack  branches  when  T  >  0. 


used  which  are  varied  and  refined  to  ascertain  mesh  insensitivity  (see  Sham  ( 1 99 1 )  for  moic 
sophisticated  methods  for  computing  T-stressJ. 
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Abstract— Crack  propagation  has  been  measured  for  the  AliO,/Au  interface  subject  to  conditions  that 
exclude  stress  corrosion.  Crack  growth  has  been  shown  to  occur  with  a  rising  resistance,  governed  by  intact 
metal  ligaments  in  the  crack  wake.  The  level  of  resistance  also  increases  as  the  metal  layer  thickness 
increases.  Crack  extension  occurs  by  a  combination  of  plastic  void  growth  and  interface  debonding.  The 
fracture  energies  ate  much  larger  than  the  work  of  adhesion,  but  appreciably  smaller  than  those  expected 
for  ductile  interface  fracture.  The  fracture  energy  is  nevertheless  dominated  by  plastic  disaipatk»,  which 
increases  at  larger  metal  layer  thicknesses. 

lUamsi— On  mesure  la  propagation  des  fissures  pour  rinletface  Al]0,/Au  soumise  a  des  conditions  qui 
excluent  la  corrosion  sous  contrainte.  On  montre  que  la  croissance  d‘une  fissure  se  produit  avec  une 
resistance  croissante,  contrdlie  par  les  ligaments  mitalliques  intacts  dans  le  tillage  de  la  fracture.  Le  niveau 
de  risistanoe  croit  aussi  lor^ue  I'ipaiMBur  de  la  couche  metallique  augmenle.  L’extension  de  la  fissure 
se  produit  par  une  combinaison  de  croissance  plastique  des  cavites  et  de  decoUement  de  I'intetface.  Les 
energies  de  rupture  sont  beaucoup  plus  grandes  que  k  travail  d'adhererxx,  mais  beaucoup  plus  petitet 
que  celles  que  Ton  attendait  pour  une  rupture  ductik  d'interface.  L’inergk  de  rupture  est  niarimoins 
domirke  par  la  dissipation  plastique  qui  augmente  pour  les  grandes  ipasseurs  de  k  couche  nktallique. 

ZasMMMnCsaanag— Die  Rifiausbreituiig  wird  an  der  Grenzfiiche  AljOj/Au  unter  Bedingungen  gemessen, 
dk  Spatmungskorrosion  ausschlieflen.  Sk  geht  mit  steigendem  Wkkrstand  einher  imd  ist  geptigt  von 
intakten  Metallbrucken  im  Spalt.  Dk  Grdfie  des  Widerstandes  nimmt  auch  zu,  wenn  dk  Dkke  der 
Metallschidit  zuninunt.  Dk  Ausbreitung  des  Kisses  lault  fiber  eine  Kombination  von  {dastkchcm 
Porenwachstum  und  von  AUdsungen  in  der  Grcnzfladieab.  Dk  Brudienergkn  fibersteigen  dk  Adhision- 
sarbeit  erheblkh,  sind  aber  merklich  kldner  als  dkjenigen,  wckbe  fur  duktikn  Bruch  an  der  GrenzfUcfae 
erwartet  warden.  Trotzdem  ist  dk  Bruchenergk  bdietmht  von  plastisdier  Dissipation,  dk  mit  dkkeier 
Metallschkht  grofier  wird. 


1.  INTRODUCTION 

The  fracture  of  metal/ceramic  interfaces  may 
involve  irreversible  processes  such  as  phonon  dissipa¬ 
tion,  plasticity  and  phase  transformations  [1, 2, 4-7] 
and  can  occur  by  either  brittle  or  ductile  mechan¬ 
isms  [1,7].  Brittle  mechanisms  involve  atomic 
decohesion  at  the  crack  tip  [6],  whereas  ductile  mech¬ 
anisms  involve  void  nucleation  and  growth  [7,8] 
usually  ahead  of  the  tip.  Brittle  fracture  can  be 
environmentally  assisted  [S,  7],  although  the  associ¬ 
ated  fracture  energy  still  involves  an  appreciable 
contribution  from  plastic  dissipation  that  occurs  in 
the  metal  as  the  brittle  crack  extends  along  the 
interface  [5, 7]. 

The  intent  of  the  present  study  is  to  investigate 
explicit  effects  of  plasticity  on  the  fracture  of  a  metal/ 
ceramic  interface.  A  model  system  of  gold  bonded 
to  sapphire  is  used.  This  system  has  t^  attributes 
that  the  properties  of  the  constituents  have  been 
thoroughly  characterized,  and  that  a  discrete  inter¬ 
face  can  be  produced  by  diffusion  bonding  without 
the  formation  of  interphases  and  without  dissolution 
of  AI2O3  in  the  Au  [‘^.  Finally,  the  transparency  of 


the  sapphire  allows  in  situ  observation  of  crack 
propagation  along  the  interface  [7]. 

2.  EXPEUMEaVTAL  PROCEDURES 

2.1.  Diffusion  bonding 

As  described  previously  [7],  interfaces  between  Au 
and  AI2O3  can  be  created  by  the  difiusion  bonding  of 
high  purity  polycrystalline  Au  foil  to  sin^  crystal 
AI2O3  discs  having  basal  plane  (0001)  orientation. 
The  bonding  was  done  in  vacuum  (~10~*  torr)  at 
1040°C  for  48  h  and  subjected  to  a  normal  stress  of 
about  S  MPa.  The  diffusion  bonded  discs  consisted  of 
thin  Au  layers  of  100, 25  or  10  ftm  thickness  between 
two  thick  AI2O3  layers:  one  having  1  mm  thickness 
and  other  3.5  mm  thickness.  The  Au  foil  was  poly¬ 
crystalline  after  bonding,  but  highly  textured  su^ 
that  the  foil  phme  has  a  (001)  orientation  [7].  Reskfual 
poroaty  remains  at  the  interface  P,  9]  in  tte  form  of 
isolated  facetted  pores  in  the  Au,  approx.  3-10  ^m 
wide  and  about  1  ^m  deep,  with  a  mean  gracing  of 
about  20-50 /<m.  The  thiiinest  foil  exhibited  tearing 
in  some  locations  (Fig.  1). 
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Fig.  1.  Optical  micTograph  of  10  pin  thick  Au  foil  diffusion 
bonded  between  plates  of  sapphire,  showing  tears  in  the  Au 
(arrowed). 

2.2.  Mechanical  testing 

Most  bimaterial  interface  fracture  problems 
occur  under  mixed-mode  loading  conditions  {1].  A 
flexural  configuration  (Fig.  2)  which  has  a  mode 
mixity  angle,  %  n  4.  is  thus  particularly  appropri* 
ate  for  the  investigation  of  interface  fracture  [10]. 
Furthermore,  the  relative  ease  of  introducing  a  stable 
precrack  facilitates  use  of  this  specimen.  Subsequent 
to  diffusion  bonding,  beams  were  diamond  machined 
with  overall  dimensions,  4S  x  3.S  x  4.2  mm.  In  some 
cases,  side  faces  were  polished  to  facilitate  optical 
observation  during  testing.  A  precrack  was  estab¬ 
lished  in  the  following  way.  Knoop  indentations, 
loaded  to  ~  50  N,  were  placed  on  the  center  of  the 
tensile  side  of  the  beam.  The  sample  was  then  loaded 
in  3-point  bending  until  the  crack  from  the  indents 
grew  unstably  through  the  sapphire.  Following  pre¬ 
cracking,  three-  and  four-point  bend  tests  were  car¬ 
ried  out  in  situ  in  an  inverted  optical  microscope  [7]. 
The  load  was  measured  using  a  high-resolution, 
button-type  load  cell  consisting  of  semiconductor 
strain  gages.  Tests  were  performed  in  a  dry  Nj 
environment  which  was  achieved  by  enclosing  the 
apparatus  and  mainuining  a  positive  pressure 
outflow  of  dry,  high  purity  Nz.  To  fully  suppress 
subcritical  crack  growth,  high  purity  grade  N2  (3  ppm 
HjO)  was  necessary.  The  chamber  was  flushed  with 
Nj  for  at  least  20  min  prior  to  testing. 

2.3.  Characterization 

After  the  crack  had  been  propagated  to  a  length 
~  5  mm,  fracture  surfaces  were  prepared  for  micro¬ 
scopic  investigation  using  the  following  procedure. 
Water  was  introduced  into  the  crack  front  and  the 
specimens  loaded  in  3-point  bending,  whereupon  the 
HjO  debonded  intact  regions  by  stress  corrosion. 
TUs  process  occurred  at  sufficiently  low  load  levels 
that  the  fracture  surface  remained  essentially  un¬ 
damaged.  Thereafter,  the  specimens  were  embedded 
in  epoxy  to  ensure  that  the  mating  fracture  surfaces 
were  not  damaged  during  subsequent  cutting.  Fol¬ 
lowing  diamond  sawing  into  the  desired  shape,  the 
specimens  were  removed  from  the  epoxy  by  soaking 
in  acetone,  and  the  top  sapphire  layer  separated  from 


Fig.  2.  Flexure  specimen  geotnetr>  used  tor  interface  frac¬ 
ture  energy  measurements 


the  Au  foil  to  allow  characterization  of  the  fracture 
surfaces.  These  surfaces  were  investigated  in  the  SEM 
in  conjunction  with  X-ray  spectroscopy  (EDS)  to 
determine  possible  chemical  differences. 

3.  RESULTS 

3.1.  Measurements  and  observations 

Four-point  flexure  tests  conducted  in  a  dry  N, 
atmosphere  revealed  resisunce  behavior,  manifest  in 
loads  that  increased  as  the  interface  cracks  extended. 
The  resistance  determined  from  the  loads  has  the 
characteristics  indicated  in  Fig.  3.  Both  the  initiation 
resistance  fg  and  the  subsequent  growth  resisunce 
appear  to  increase  as  the  metal  layer  thickness 
increases.  Explicit  trends  in  Tg  with  meui  layer 
thickness  are  presented  in  Fig.  4. 

The  crack  growth  mechanisms,  which  were 
ascertained  from  in  situ  observations,  revealed  some 
dependence  on  the  metal  layer  thickness,  although 
generic  characteristics  exist.  In  particular,  alternate 
debonding  usually  occurred  on  both  interfaces,  as 
illustrated  schematically  in  Fig.  S(a).  This  behavior 
was  elucidated  by  matching  top  and  bottom  inter¬ 
faces,  wherein  the  region  which  remained  inUct  on 
the  top  interface  [Fig.  S(b)]  debonded  on  the  bottom 
interface  [Fig.  S(c)].  Consequently,  ductile  ligaments 
bridge  the  crack,  even  after  crack  extensions  of  S  mm. 
Slip  lines  visible  on  the  perimeter  of  the  inuct 
area  (Fig.  6(a)],  which  delineate  the  plastically  de¬ 
formed  ligaments,  are  continuous  through  the  meuI 


Crack  Length  a  (mm) 

Fig.  3.  Interface  fracture  energy  Fg  as  a  function  of  crack 
length  a,  for  10.  25  and  100  )im  thick  Au  layers. 
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Relative  Thickness.  Ooh  (kJm  *) 


Metal  Thickness,  h(ttnn) 

Fig.  4.  Initiation  fracture  energy  as  a  function  of  actual  and 
relative  metal  layer  thickness. 

[Fig.  6(a),  (b)].  The  intact  areas  begin  to  debond 
~  3  nun  behind  the  crack  tip  and  continue  to  debond 
as  the  crack  extends  (Fig.  T).  The  debonding  behind 
the  crack  tip  occurred  by  continuous  decohesion  with 
no  obvious  interaction  with  interface  porosity.  For 
Au  layers  having  intermediate  and  larger  thickness, 
the  crack  front  extended  primarily  on  the  upper 
interface,  but  for  the  thinnest  layers  the  crack  prefer¬ 
entially  selected  the  lower  interface. 

Subsequent  to  crack  extension  of  several  millime¬ 
ters  in  dry  Nj,  some  samples  were  unloaded  and 
reloaded  in  3-point  bending  in  air,  thereby  causing 
the  intact  ligaments  between  crack  faces  to  debond  by 
stress  corrosion.  When  aU  of  the  intact  ligaments  had 
been  debonded,  the  sample  was  again  unloaded  and 
reloaded  in  4-point  bending  in  dry  N} .  The  crack  was 
found  to  resume  growth  at  an  energy  release  rate 
comparable  to  the  initiation  resistance  Tg,  and  to 
further  extend  subject  to  a  resistance  curve  having  the 
same  characteristics  as  the  original  curve  (Fig.  8). 
These  experiments  explicitly  relate  the  rising  fracture 
resistance  to  the  presence  of  metal  ligaments  across 
the  interface  crack  faces,  consistent  with  previous 
studies  on  the  Cu/glass  system  [S]. 

The  initial  growth  mechanisms  were  most  readily 
visualized  from  experiments  wherein  the  crack  had 
been  previously  extended  by  stress  corrosion,  result¬ 
ing  in  a  ligament-free  crack.  The  crack  in  the  thicker 
Au  layers  was  observed  to  extend  by  abrupt  incre¬ 
ments  of  order  200  fim  in  width,  occurring  at  distinct 
sites  along  the  crack  front  (Fig.  9),  with  no  evident 
interaction  with  the  interface  porosity.  The  contrast 
which  developed  along  the  fracture  surface  delineates 
the  grain  boundaries  in  the  Au  and  indicates  that 
the  increments  of  crack  growth  typically  encompass 
several  grains.  For  Au  layers  of  intermediate  thick¬ 
ness,  voids  nucleated  ahead  of  the  crack  front 
(Fig.  10).  The  nucleation  sites  are  pre-existing  pores 
on  the  interface  within  ~30/im  of  the  crack 
front.  Voids  within  about  10  31m  of  the  crack  extend 
back  and  coalesce  with  the  crack,  whereas  voids 
greater  than  about  10  /im  from  the  crack  grow,  but 
do  not  necessarily  interact  with  the  crack.  The  associ¬ 
ated  plastic  deformation,  which  extends  approx. 


1  pore  diameter,  was  1  /im  deep,  as  measured 
using  an  electron  damage  technique  [7]  Finalls .  in  the 
thinnest  Au  layer,  the  crack  extends  continuously 
on  the  lower  interface  by  direct  growth  from  the 
crack  front,  with  some  isolated  debonding  in  the 
form  of  void  grow  th,  on  the  upper  interface,  reminis¬ 
cent  of  the  crack  growth  process  subject  to  stress 
corrosion  (7). 

Subsequent  to  initial  growth,  continued  crack 
extension  was  accompanied  by  periodic  debonding 
at  the  second  interface.  Interfacial  pores  were  located 
at  the  centers  of  each  debond,  suggesting  that  pores 
are  the  preferred  nucleation  sites.  The  nature  of  void 
growth  ahead  of  the  crack  and  thus,  the  size  of  the 
intact  ligaments,  was  noted  to  depend  on  the  metal 
layer  thickness:  the  inuct  ligaments  being  smallest 
for  the  thinnest  layers.  A  characterization  of  the  size 


Fig.  S.  Debonding  along  alternate  interfaces,  (a)  Schematic 
illustration,  (b)  The  intact  depression  along  the  crack  front 
on  the  top  interface  corresponds  to  debonded  area  on  the 
bottom  interface  (c). 
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Fig  6.  (a)  Intact  ligament  on  top  interface  with  slip  lines  visible  at  the  perimeter  (b)  Debonded  area  on 
bottom  interface  corresponding  to  la),  also  showing  slip  lines. 


and  distribution  of  intact  areas  is  summarized  in 
Table  I. 

The  annulus  of  plastic  distortion  at  the  perimeter 
of  intact  ligaments  also  depended  on  the  metal 
layer  thickness.  Typically,  the  annuli  had  widths 
of  ~50  and  ~150/<m  for  the  25  and  100  ^tm  Au 
layer  thicknesses,  respectively.  Intact  regions  smaller 
than  about  20  /rm  in  diameter  exhibited  no  detectable 
deformation.  An  estimate  of  the  plastic  strain  in 
the  ligaments  was  obtained  from  measurements  of 
the  difference  in  height  between  the  intact  and  the 


debonded  regions,  using  the  electron  beam  damage 
technique.  This  height  difference  was  observed  to 
depend  on  the  metal  layer  thickness,  but  typically 
had  maximum  values  in  the  range  of  1-2 /rm. 
which  corresponds  with  a  plastic  shear  strain  of 

~5  X  10  ’. 

Finally,  the  uniaxial  flow  stress  of  the  Au  was 
estimated  in  situ  by  emplacing  Vicker’s  indentations 
into  the  Au  side  of  the  fracture  surfaces,  using  loads 
of  0.01  N.  The  indent  size  was  less  than  about 
one-third  the  Au  layer  thickness  to  ensure  that  the 


Fig.  7.  (a)  Intact  ligament  region  behind  crack  tip.  (b)  The  same  region  as  in  (a)  for  a  larger  crack  length: 
intact  area  is  commencing  to  debond  in  (b). 
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Fig.  8.  Interface  fracture  energy  as  a  function  of  crack 
length  before  and  after  removing  intact  ligaments  by  stress 
corrosion. 

AljO)  substrate  did  not  have  an  effect.  By  regarding 
that  the  hardness,  Ff  %  3  Og  [1 1],  the  flow  stress  was 
estimated  as  Og  =  130  MPa  for  all  three  layer  thick¬ 
nesses.  This  strength  is  larger  than  that  for  bulk 
annealed  Au. 

3.2.  Interface  characterization 

Following  crack  growth  in  dry  N},  surfaces  separ¬ 
ated  by  stress  corrosion  in  water  were  observed  in 
the  SEM.  X-ray  analysis  in  the  SEM  revealed  no 
evidence  of  Au  on  the  sapphire  and  no  evidence  of 
Al  on  the  Au,  even  in  the  regions  where  crack 
propagation  occurred  in  dry  Nj  by  a  void  growth 
mechanism.  It  is  thus  concluded  that  fracture  pro¬ 
ceeded  along  the  interface  plane. 

An  estimate  of  the  work  of  adhesion,  was 
obtained  from  measurements  of  angle  0  between 
the  pore  wall  and  the  Au  fracture  surface  (Appendix), 
as  measured  on  Au  fracture  surfaces  created  by 
subcritically  growing  the  crack  in  the  presence  of 
water.  About  30  such  angles  were  measured  giving 

=  135"  ±  8°.  The  work  of  adhesion  was  calculated 
from  6  [12]  by  using  a  surface  energy  for  Au,  given 
by  yni=  1.3  Jm”^  (13,14].  This  gave,  »'^«0.38± 
0.12  Jm-^ 

4.  MICROMECHANICS  OF 
METAL/CERAMIC  INTERFACES 

4.1.  Initial  crack  extension 

Analysis  of  ductile  fracture  mechanisms  a  .,ated 
with  stationary  cracks  in  a  thin  metal  foil  between 
two  elastic  plates  [15]  recognizes  that  the  plastic 
constraint  in  a  thin  metal  layer  causes  the  stress  to 
attain  values  substantially  larger  than  that  possible 
in  a  homogeneous  elastic/plastic  solid  (Fig.  11). 
Furthermore,  a  stress  maximum  occurs  at  a  distance 
ahead  of  the  crack  governed  by  the  metal  layer 
thickness.  One  ductile  fracture  mechanism  involves 
the  unstable  plastic  cavitation  which  occurs  when  the 
mean  stress  at  the  interface,  a„,  reaches  a  critical 
value.  This  instability  has  been  shown  to  occur  when 


the  ratio  of  the  mean  stress  to  the  uniaxial  \  leld  stress. 
Ou.  is  given  b\ 

a^a.,^5.5.  (11 


Fig.  9.  Crack  initiation  and  growth  for  100  ftm  thickness 
at  three  different  levels  of  energy  release  rate,  (a)  63,  (b)  96 
and  (c)  131  J  m'-. 
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Fig.  10.  Crack  initiation  and  growth  for  25  titn  thickness  at  three  different  levels  of  energy  release  rate. 

(a)  53.  (b)  62  and  (c)  77  Jm'-. 


In  mode  I  loading,  the  preceding  analysis  predicts  a 
distance  between  the  location  of  this  maximum  stress 
and  the  crack  tip  given  by  [15] 

d  ^  2.2  h  (2) 

where  h  is  the  metal  layer  thickness.  The  correspond¬ 
ing  critical  energy  release  rate  for  initial  mode  1  crack 
growth  is  [15] 

To  =  0.2  a^h.  (3) 

A  second  ductile  mechanism  obtains  when  the  pore 
spacing  is  sufficiently  small  that  the  pores  near  the 
crack  tip  nucleate  voids  which  grow  plastically  and 
coalesce  with  the  crack  tip.  The  mode  I  fracture 
energy  for  this  process  is  given  by  [6] 

r„  =  2.0(T|,^,  (4) 

where  d,  is  the  critical  crack  tip  opening  displacement. 
Initial  crack  growth  is  presumed  to  occur  when  d,  is 
on  the  order  of  the  pore  spacing,  [17],  such  that 

Tf,  5:  2.0(t„/„.  (5) 

Consequently,  the  ratio  of  the  flaw  spacing  Xn  lo  fhe 
metal  layer  thickness  h  is  an  important  quantity  in 
controlling  the  ductile  fracture  mechanism  that  dom¬ 
inates  initial  crack  growth.  Specifically,  for  Xo/f>  <  01 
the  energy  for  ductile  fracture  by  void  coalescence  is 
below  that  for  cavitation,  and  vice  versa,  as  indicated 
on  Fig.  12. 


Table  I 


Au  layer  thickness  h 
(/im) 

Area  fraction  of 
debond  on  lower 
interface 

Width  of  intact  area 

10 

0.8-0.9 

<50 

25 

oa-0.6 

50-100 

loo 

o.:-o.4 

100-200 

When  interface  fracture  involves  debonding,  as 
well  as  plastic  void  growth,  equations  (3)  and  (5) 
represent  upper  bounds  for  the  fracture  energy. 
Explicit  relations  between  F,,  and  cither  the  plastic 
flow  strength  or  the  work  of  adhesion  when  debond¬ 
ing  occurs  are  unknown.  Some  possibilities  suggested 
by  the  experiments,  with  the  insight  given  by 
equations  (3)  and  (5).  are  discussed  in  Section  5. 

4.J.  The  fracture  resistance 

The  rising  resistance  behavior  can  be  rationalized 
by  examining  the  effect  of  crack  surface  tractions 
caused  by  the  intact  metal  ligaments  on  the  energy 
release  rate.  Analysis  of  this  phenomenon  for  mixed- 
code  cracks  indicates  that  such  tractions  reduce  the 
mode  I  crack  tip  stress  intensity  but  increase  the  mode 


X  /  h 

Fig.  1 1 .  Plot  of  normalized  mean  stress  as  a  function  of 
distance  from  crack  tip  (15). 
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Fig.  12.  Plot  of  nonoalized  Mode  I  ftactuie  energy  for 
crick  extension  by  ductile  fracture  as  a  function  of  the 
non-dimensional  quantity  hjxa'.  the  experimental  data 
obtained  from  Fig.  3  are  superposed. 

11  stress  intensity  [18].  Consequently,  the  fracture 
energy  Tr  varies  sensitively  with  the  mode  mixity 
dependence  of  the  underlying  interface  crack  exten¬ 
sion  mechanism.  Expressions  for  this  mixity  effect  are 
needed  before  resistance  curves  can  be  calculated  [18]. 
An  expression  for  the  mixity  effect  that  appears  to 
conform  with  typical  experimental  data  is  given  by 
[19] 

/■R/ro  =  Il-(l--l)sin^l^]-‘  (6) 

where  ^  is  the  mixity  angle  (zero  for  mode  I  and  rr/2 
for  mode  II)  and  A  is  a  parameter  between  0  and  1. 
Specifically,  the  fracture  energy  of  a  material  with 
A  1  has  little  sensitivity  to  mixity  angle,  whereas 
A  -»0  refers  to  strong  effects  of  mixity.  Experimental 
results  are  mostly  in  the  range  A  «  0.1-0.3  [19].  With 
this  background,  the  calculations  [18]  reveal  that 
the  resistance  Tr  can  be  characterized  by  the  non- 
dimensional  parameter 

(7) 

where  £,  is  the  Young’s  modulus  for  the  ceramic  and 
p  is  the  traction  exerted  by  the  ligaments  on  the  crack 
surfaces.  For  metal  ligaments 

P  =  ffo/p  (8) 

where /p  is  the  area  fraction  of  Au  which  contributes 
to  the  bridging  given  in  Table  1.  Resistance  curves 
predicted  for  a  range  of  £  and  A  are  plotted  on 
Fig.  13. 


5.  THE  CRACK  GROWTH  RESISTANCE 

In  the  presence  of  HjO,  stress  corrosion  occurs  at 
the  interface  with  a  low  fracture  energy  [7],  suggestive 
of  brittle  bond  rupture  at  the  interface.  Such  a  brittle 
mechanism  occurs  despite  the  incidence  of  plastic 
flow  and  some  crack  blunting.  In  dry  Nj,  interface 
fracture  by  plastic  void  growth  is  the  prevalent 
mechanism,  but  this  is  accompanied  by  interface 
debonding.  In  an  attempt  to  correlate  the  fracture 
energy  trends,  it  is  first  recalled  that  the  initiation 
fracture  resistance,  is  smaller  than  the  level 
expected  for  ductile  interface  fracture  (Fig.  12). 
Another  notable  feature  is  that  the  non-dimensional 
fracture  energy,  f increases  as  the  meul  layer 
thickness  decreases,  indicative  of  a  corresponding 
increase  in  the  relative  contribution  of  plasticity  to 
the  fracture  energy.  This  effect  is  the  origin  of  the 
non-linearity  apparent  in  Fig.  4.  However,  the  absol¬ 
ute  contribution  of  plasticity  to  Tp  must  decrease  as 
the  metal  layer  thickness  decream  and  approach 
zero  as  A  -»0.  Furthermore,  since  fracture  involves 
interface  decohesion,  it  is  reasonable  to  suppose 
that  To-*  as  A  -»0.  With  this  background,  plus 
the  insights  provided  by  Section  4.1,  it  has  been 
possible  to  identify  a  simple  non-dimensional  ex¬ 
pression  for  fp,  which  includes  the  role  of  ,  given 
by  (Fig.  4), 

TpWlF^n-FffpA/IFJ''’.  (9) 

While  this  expression  has  no  fundamental  basis,  it 
appears  to  be  useful  for  correlating  experimental 
information  and  should  provide  guidance  for  the 
development  of  crack  growth  models. 

The  subsequent  resistance,  Tr,  above  F p,  may  be 
rationalized  using  the  ligament  model,  presented  in 
Section  4.2  in  conjunction  with  the  infonnation  on 
Table  1,  plus  the  uniaxial  yield  strength  obtained 
from  hardness  measurements.  Then,  with  Tp  from 
Fig.  3,  the  experimental  data  can  be  transposed  onto 
Fig.  13.  It  is  apparent  from  this  construct  that  the 


Rg  13.  Resistance  curves  predicted  for  interface  cracks 
with  bridging  tractions  [18].  Experimental  data  points  from 
Fig.  3  ate  also  shown:  I  is  the  moment  of  inertia  of  the  beam 
and  I  is  given  by  equation  (7). 
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normalization  suggested  by  the  models  brings  the 
data  onto  a  single  curve,  consistent  with  the  curve 
calculated  for  a  mixity  parameter.  %  0.2.  Values  of 
/.  in  this  range  are  typical  for  interfaces  [19],  It  is  thus 
concluded  that  the  resistance  behavior  {r^>  Fq)  is 
explicable  in  terms  of  the  bridging  associated  with 
intact  metal  ligaments.  It  is  recalled  that  such  bridg¬ 
ing  effects  are  specimen  geometry  dependent  (18) 
and  consequently.  F ^  should  not  be  construed  as  an 
unique  resistance  characteristic  of  the  interface. 

6.  CONCLUDING  RENURKS 

This  study  has  demonstrated  several  characteristics 
of  crack  propagation  along  a  metal/ceramic  inter¬ 
face.  The  fracture  resistance  is  sensitive  to  moisture 
through  a  stress  corrosion  mechanism.  In  the  absence 
of  stress  corrosion,  the  interface  cracks  extend  subject 
to  a  rising  resistance  curve,  governed  by  intact  meui 
ligaments  in  the  crack  wake.  Additionally,  the  resist¬ 
ance  increases  as  the  metal  layer  thickness  increases. 
These  changes  in  resistance  with  crack  extension  are 
fully  explicable  interms  of  crack  shielding  caused  by 
the  bridging  ligaments. 

Crack  extension  occurs  by  a  combination  of  plastic 
void  growth  (that  typically  initiates  at  interface  pores) 
accompanied  by  brittle  interface  debonding.  The 
measured  fracture  energies  are  substantially  greater 
than  the  work-of-adhesion,  but  less  than  the  values 
expected  for  ductile  interface  fracture.  It  has  not  been 
possible  to  use  existing  models  of  the  plastic  dissipa¬ 
tion  to  correlate  the  experimental  fracture  energy 
data.  Instead,  a  semi-empirical  function  has  been 
identified  that  seemingly  correlates  the  present  data. 
The  development  of  the  associated  understanding  is 
an  important  topic  for  further  research. 
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APPENDIX 

The  equilibrium  angle  ft  between  the  .Au  and  Al.O,  at 
an  interface  and  the  pore  depth  can  be  measured  in  the 
following  way.  First,  an  electron  beam  damage  line  is 
induced  in  the  SEM  across  the  void  with  the  surface  normal 
to  the  beam.  Tilting  by  'P  about  an  axis  parallel  to  the 
deposition  hne.  the  depth  of  the  void  d  is  reflected  in  the 
displacement  Au.  (Fig.  Al ):  d  =  &a  sin  V  |20].  The  angle  9 
obtained  by  geometry  in  terms  of  the  rotation  angles  9^  and 
O  (Fig.  Al),  such  that 


Fig.  Al.  (a)  Scanning  electron  micrograph  of  pore  with 
damage  line  made  apparent  by  titUng,  V  =  70".  (b)  Higher 
magnification  SEM  of  edge  of  pore  in  (a). 
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(A2) 

(A3) 

(A4) 

(AS) 

(A6) 


Fig.  A2.  (a)  Cone  rotated  by  V  around  axis  bd.  (b)  Cone  Thus,  9  is  obtained  from  knowledge  of  the  SEM 
rotated  by  V  around  axis  bd  and  by  fi  around  axis  fg.  tilting  angle,  W,  and  from  measurements  of  Q,  and  9,  in 

(c)  ^pse  showing  rotations  V  and  fi  (see  text).  Fig.  A2. 
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Abstract— The  fracture  strength  of  ceramics  bonded  with  metals  is  limited  by  the  presence  of  stress 
concentrations  that  anse  around  the  bond,  especially  near  edges.  Yet.  in  some  cases,  fracture  can  be 
induced  to  occur  in  the  ceramic  away  from  the  tend.  Analysis  of  the  combined  effect  of  elastic  mismatch, 
plasticity  and  thermal  expansion  misfit  is  presented  in  this  paper,  to  provide  understanding  of  the  trends 
in  bond  strength.  Important  influences  of  plastic  relaxauon  and  thermal  expansion  misfit  are  identified 
and  some  general  fracture  characteristics  are  described. 

Rtanac — La  resistance  a  la  rupture  des  ceramiques  lim  a  des  mmux  est  limitw  par  la  presence  de 
concentrations  de  contraintes  qui  se  produisent  autour  de  la  liaison,  spraalement  pres  des  aretes. 
Cependant  dans  certains  cas.  la  rupture  peut  survenir  dans  la  ceramique  loin  de  la  liaison.  Dans  cet  article, 
on  presente  une  analyse  de  I'effet  combine  du  desaccord  elastique.  de  la  difference  de  plastidte  et  de  la 
dilatation  thermique  sur  la  resistance  a  la  rupture.  On  montre  les  influences  importantes  de  la  relations 
plastique  et  de  la  difierence  de  dilatation  thermique  et  on  decrit  quelques  caracteristiques  generaks  de  la 
rupture. 


/■■niMwfiMwig — Die  Bnichfestigkeit  von  metallkeramischen  Verbindungen  wird  duich  Sparmungs- 
konzentrationen  um  die  Verbindung  hertim,  inbesondere  an  den  ICanten.  eingeschrankt.  Es  kann  aber 
doch  in  einigen  Fallen  Bruch  im  keramischen  MaterirU.  also  aufierhalb  der  metallkeramischen  Grenzflache, 
erzeup  werden.  In  dieser  Arbeit  snrd  der  gesamte  EinfluB  von  Fehlpassung.  Plastizitat  und  thermische 
induzierter  Fehlpassung  analysiert,  um  die  zusammenhange  bei  der  Bindungsfestigkeit  versethen  zu 
kdrmen.  Einige  allgemeine  cWakteristika  des  Bniches  werden  beschrieben;  hingewiesen  wird  auf  den 
wichtigen  EinfluB  der  plasiischen  Relaxation  und  der  thennisch  induzieiten  Fehlpassung. 


1.  INTRODUCTION 

There  are  several  reported  instances  in  which  the 
fracture  of  ceramic/metal  bonds  originates  in  the 
ceramic  near  the  interface,  rather  than  at  the  interfere 
[1-4].  Such  behavior  is  most  likely  when  (i)  the  txmd 
is  relatively  thin,  such  that  the  limit  load  is  substan¬ 
tially  higher  than  the  yield  strength  of  the  metal{4} 
and  (ii)  when  the  bond  is  relatively  devoid  of  flaws 
[1],  When  these  conditions  are  achieved,  it  is  of 
interest  to  understand  the  behavior  of  flaws  near  the 
interface.  Three  imporunt  factors  are  involved  in 
the  behavior  of  these  flaws;  the  mismatch  in  elastic 
properties,  plastic  flow  in  the  metal  and  residual 
strain  caused  by  thermal  expansion  mismatch.  Each 
of  these  factors  is  included  in  the  present  study. 
Testing  experience  indicates  that  fracture  typically 
originates  from  flaws  near  the  interface,  especially  at 
the  edge  of  the  bond.  The  emphasis  of  the  analysis 
will  thus  be  on  stress  concentrations  and  flaws  in  this 
locale.  In  some  cases,  fracture  occurs  in  the  ceramic 
well  away  from  the  bond,  suggesting  that  stress 
concentrations  can  oe  supressed  when  the  system  has 
the  appropriate  properties. 


Previous  studies  have  given  an  indication  of  some 
of  the  salient  issues  [1-6].  The  elastic  mismatch  causes 
the  energy  release  rate  C  at  edge  flaws  near  the 
interface  to  become  larger  than  that  expected  for  an 
elastically  homogenous  material  [1,2].  This  elevation 
in  G  at  edge  flaws  is  mitigated  by  the  development  of 
a  plastic  zone  in  the  metal  layer.  Residual  stress  also 
exerts  an  influence  on  fracture  and  can,  indeed,  cause 
fracture  in  the  absence  of  applied  loads.  Some  aspects 
of  the  residual  stress  have  been  analyzed  [S,  6],  but 
there  has  been  no  attempt  at  combining  the  effects  of 
residual  and  applied  loads  in  the  presence  of  plasticity 
in  the  metal.  Analysis  of  this  coupled  problem  is 
needed  to  provide  a  comprehensive  understanding  of 
the  overall  behavior. 


2.  STATEMENT  OF  THE  PROBLEM 

The  geometry  (Fig.  1)  consists  of  a  thin  metal  bond 
between  two  ceramics  with  a  crack  in  the  ceramic 
near  the  interface.  Initially,  the  crack  is  considered 
to  be  parallel  to  the  interface,  but  effects  of  crack 
orientation  are  also  addressed.  The  materials  are 
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Fig.  1.  The  thin  bond  geometry  used  to  conduct  the 
calculations. 


chosen  to  have  elastic  properties  npresenutive 
of  many  metal/ceramic  systems  with  the  Young's 
modulus  E  of  the  metal  being  substantially  less  than 
that  of  the  ceramic.  The  meui  is  considered  to  yield 
and  work  harden  such  that  the  uniaxial  stress-strain 
curve  satisfies, 

«  «  9 IE  +  Ato{9l9^Y  (1) 


where  tn  is  the  sield  strain,  a.^  the  uniaxial  yield 
strength,  n  is  a  work  hardening  parameter  and  A 
is  a  coefficient  of  order  unity.  Residual  strain  in 
the  system  is  motivated  by  a  mismatch  in  thermal 
expansion  coefficient,  between  the  metal  x.  and 
the  ceramic,  x,  (Ax  =  x.  —  x, )  and  a  cooling  tem¬ 
perature.  AT. 

The  problem  is  solved  using  the  following 
approach.  A  mismatch  strain  Ax  AT  is  imposed  on 
the  bond  to  simulate  cooling  and  the  resultant  devel¬ 
opment  of  residual  stress  calculated.  In  most  cases, 
the  mismatch  strain  is  taken  to  be  sufficiently  large 
compared  with  the  yield  strain  that  the  metal  has  fully 
yielded  during  this  process.  Subsequently,  loads  are 
applied  and  the  energy  release  rate,  G,  as  well  as 
the  phase  angle  of  loading,  tji,  associated  with  cracks 
in  the  ceramic  are  calculated  by  finite  demenu, 
using  the  ABAQUS  code.  The  finite  element  meshes 
used  to  conduct  the  calculations  are  summarized  in 
Fig.  2.  Eight-node  biquadratic  plane  strain  elemenu 
were  used  with  nine  integration  poinu  for  each 
element. 

3.  RESULTS 

3.1.  Stresses  for  bonds  without  a  crack 

The  stress  field  characteristics  of  interest  to  the 
above  cracking  phenomenon  occur  in  the  ceramic 
either  on  a  plane  near  the  interface  (AA'  in  Fig.  1)  or 
on  a  plane  near  the  edge  (BB'  in  Fig.  I).  The  stresses 
of  particular  importance  are  a„  and  a,,,  which 
govern  the  mode  I  and  mode  II  componenu  of  the 
energy  release  rate.  Some  preliminary  resuiU  for  a 
bond  without  a  crack,  summarized  in  Fig.  3,  indicate 
the  general  trends  in  9„  when  the  expansion  misfit 
is  positive  (x;  >  x, ).  In  particular,  the  a„  residual 
stresses  exhibit  a  tensile  boundary  layer  in  the  ceramic 
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Fig.  2.  Typical  finite  element  meshes  (a)  without  a  crack  (b)  with  a  crack  parallel  to  the  interface  (c)  with 

a  crack  inclined  to  tte  interface. 


along  the  edge  [Fig.  3(a)].  This  layer  often  dominates 
the  formation  of  edge  cracks  in  the  ceramic  [7J.  Under 
applied  loading  in  the  absence  of  thermal  mismatch, 
contours  of  this  a„  stress  near  the  interface  [Fig.  3(b)] 
reveal  that  a  new  deformation  field  becomes  estab¬ 
lished  which  eventually  eliminates  the  residual  field 
and  results  in  a  concentrated  stress  near  the 
comer.  The  explicit  effects  of  yield  strain  and  of  the 
mismatch  strain,  AaAT,  can  be  expressed  through 
the  parameter 

;.  ■=AaAr/£o.  (2) 

Notably,  the  width  of  the  a,.,  tensile  boundary  layer 
(Fig.  4)  diminishes  as  k  increases,  confirming  the 
beneficial  role  of  yielding  (lower  tj)  on  the  tensile 


residual  stresses  in  the  ceramic.  These  effecu  are 
further  illustrated  from  plots  of  the  residual  stresses 
along  BB'  in  the  non-dimensioiuU  form  <r„/o« 
(Fig.  S),  which  reveal  that  the  stress  amplitudes  for 
two  substantially  different  values  of  2  are  nmilur 
upon  using  Oo  as  the  normalizing  stress.  Conse¬ 
quently,  the  magnitudes  of  the  tensile  stresses  in  the 
boundary  layer  also,  dimmish  as  the  yield  strength 
decreases. 

The  stress  along  AA'  near  the  interface  which  is 
primarily  of  interest  with  regard  to  cracking  in  the 
ceramic  is  the  principal  stress  a, ,  and  its  orientation 
with  respect  to  the  interface,  A  plot  of  the  stress 
(Fig.  6)  indicates  that  it  is  tensile  near  the  center  of 
the  bond  and  almost  normal  to  the  interface.  Cracks 
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b)  Appliad  Field  (0/a>2) 

Fig.  3.  A  schematic  indicating  the  general  characterization 
of  the  <r„  stress  (a)  residual  stress  caused  by  positive  misfit 
(b)  applied  loads. 

that  form  in  response  to  this  stress  are  observed  in 
tnetaJ/oeramic  bonds  [7]. 

3.2.  Energy  release  rates 

Aspects  of  the  bond  strength  manifest  in  the  energy 
release  rate  for  cracks  near  the  interface  are  best 
expressed  in  terms  of  the  non-dimensional  energy 
release  rate,  fr/Gt,  where  G^  is  the  energy  release 
rate  for  homogeneous  material  (i.e.  no  bond  layer). 
Furthermore,  since  only  those  bonds  having  high 
strength  are  of  technological  interest,  the  calculations 
emphasize  stresses  a/o,  in  the  range  l-6.t  The 
general  trends  that  have  become  apparent  from  the 
calculations  are  schematically  illustrated  in  Fig.  7. 
It  is  first  noted  that  at  small  ala,,  GjG,  increases  as 
aja,  increases,  followed  by  a  behavior  at  large  a  fa, 
whorein  GjG,  then  decreases  with  further  increase  in 
the  stress.  The  rising  segment  is  attributed  to  elastic 
mismatch  across  the  interface  which  increases  the 
relative  elastic  energy  between  the  crack  and  the 
interface  as  the  stress  increases,  as  indicated  by  the 
dotted  line  in  Fig.  7.  At  larger  a/a,,  the  elasticity 
effect  is  counteracted  by  plasticity  in  the  metal  which, 
as  noted  above,  tends  to  suppress  the  tensile  bound¬ 
ary  layer  in  the  ceramic  near  the  interface  (Figs  4  and 
S).  Plastic  relaxation  tends  to  diminish  G/G,  as  a/a, 
increases,  as  indicated  by  the  second  dotted  line  in 
Fig.  7.  The  net  effect  in  the  presence  of  both  elastic 
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Fig.  4.  The  a„  tensile  boundary  layer  caused  by  the  residual 
field  and  tbe  effect  of  the  expansion  misfit  coefficient, 
/.  »  AaAT/c,. 

ntismatch  and  plasticity  is  a  curve  wherein  GIG, 
initially  increases  and  then  decreases  as  ala, 
increases. 

The  thermal  expansion  misfit  and  the  relative  crt^k 
length  also  have  an  important  influence  on  GIG,.  As 
already  noted,  positive  misfit  suppresses  the  tensile 
boundary  layer  and  thus  at  smaller  values  of  ala,, 
when  the  misfit  is  important,  GIG,  systematically 
reduces,  provided  that  the  cracks  are  relatively  long 
(d/A^O.l).  However,  when  the  cracks  are  short 
(a/A  <0.1)  and  located  within  the  boundary  layer, 
mi^t  tends  to  increase  GIG,  at  small  stresses.  Conse¬ 
quently,  misfit  may  have  either  detrimental  or  ben¬ 
eficial  effects  on  bond  strength,  depending  on  the 
crack  size. 

Specific  results  obtained  for  GIG,,  summarized  in 
Figs  8, 9  and  10,  elaborate  on  these  trends.  For  short 
cracks,  it  is  apparent  that  plastic  relaxation  is  the 
most  important  factor  (Figs  8  and  9)  such  that  at 
high  stress  level  (ala,  ^  4-S),  G  can  be  less  than  G^ 
when  the  dominant  flaws  in  the  ceramic  are  not 
immediately  adjacent  to  the  interface.  However,  a 
complete  understanding  of  bond  strength  and  of  the 
benefits  of  plastic  relaxation  would  require  a  full 
statistical  analysis  in  the  presence  of  a  distribution  of 
edge  flaws  near  the  intoface.  Conversely,  for  large 
cracks,  expansion  misfit  has  the  greatest  effect  on 
fracture  sun>ression,  such  that  G  can  be  less  than  G^ 
at  large  X,  tot  only  when  the  stresses  are  low  (Fig.  10). 
This  behavior  may  be  important  for  crack  arrest  in 
some  cases,  such  as  thermal  loading. 

Calculations  of  the  phase  angle  of  loading  ifr 
associated  with  cracks  parallel  to  the  interface 
(Fig.  11)  indicate  that,  in  the  absence  of  misfit,  the 
phase  angle  is  negative  at  all  stress  levels  and  the 
cracks  would  tend  to  deviate  toward  the  interface. 
However,  for  significant  positive  misfit,  the  phase 
angle  changes  sign  and  becomes  positive,  especially  at 


tBonds  fail  by  ductile  rupture  at  stresses  a  ^6o,  [8]. 
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near  the  edge  (a)  x  »  6.3,  (b)  x  •  1.6. 


Fig.  6.  (a)  The  principal  stress,  e, ,  in  the  ceramic  near  the  interface,  (b)  The  orientation  of  the  most  poative 

principaJ  stress,  e, . 


Fig.  7.  A  tchetnatic  indicating  trends  in  the  energy  release  rate  with  applied  stress  (a)  large  cracks  (b)  small 

cracks,  a/6  ^0.1. 
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Fig.  8.  Variation  in  the  nonnlized  energy  release  rate 
with  crack  length  for  various  stresses  (a)  I  •  1.6,  z/</  «  l.S, 
(b)  2  -  3.2.  2/d  -  1.5. 


smaller  a/o^,  indicative  of  a  tendency  for  cracks 
to  direct  away  from  the  interface,  as  found  exper¬ 
imentally  [7]. 

The  general  mixed-mode  nature  of  cracks  parallel 
to  the  interface  suggesu  that  the  energy  release  rate 
may  be  larger  for  edge  flaws  inclined  to  the  interface. 


Fig.  9.  Effects  of  stress  and  expansion  misfit  on  the  energy 
release  rate  for  short  cracks  (a/h  » 0.02),  (a)  s/d  » 0.5, 
ib)  t Id  ~l.S. 


Appkad  Stress.  OrOt 

Fig.  10.  Effect  of  stress  and  expansion  misfit  on  the 
energy  release  rate  for  long  cracks  iaih  •  0.2),  (a)  zid  •  0.5. 
(b)  zId  -  1.0,  (c)  z/d  -  2.0. 

To  address  this  possibility,  G  has  been  calculated 
for  flaws  having  various  inclinations  $  (Fig.  12), 
within  a  range  around  the  flTu  »  0  plane  suggested  by 
the  phat ;  angle  calculations.  The  results  reveal  that 
G  is  relatively  orientation  insensitive,  especially  at 
lower  stresses,  provided  that  the  crack  is  defined  in 
terms  of  the  length  projected  parallel  to  the  interface 
(Fig.  12). 


Applied  Stress.  O/Ob 

Fig.  II.  Effects  of  stress  and  expansion  misfit  on  the  phase 
angle  of  loading  for  a  long  crack  near  the  interface 
{a/h  »0.2). 
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Fig.  12.  Eflects  of  crack  orientation  on  the  energy  release 
rate. 

4.  IMPUCATIONS  AND  CONCLUSIONS 

The  preceding  calculations  have  the  following  prin¬ 
cipal  implications  for  the  strength  of  ceramics  bonded 
with  thin  meui  layers,  when  the  metal  has  the  larger 
thermal  expansion  coefficient  (positive  misfit).t  When 
the  interface  has  a  sufficiently  high  fracture  energy 
that  failure  does  not  occur  at  th;  interface,  the  major 
limitation  on  the  strength  concerns  stress  concen¬ 
trations  in  the  ceramic  near  the  edge.  These  stress 


tNegative  misfit  induces  edge  cracking  along  the  interface 
(51- 


concentrations  anse  because  of  elastic  mismatch  be¬ 
tween  the  metal  and  the  ceramic.  The  magnitiuie  of 
the  stress  and  of  the  energy  release  rate  at  edge  flaws 
IS  modified  by  thermal  expansion  misfit  and  by  plastic 
relaxation.  Two  basic  behaviors  have  been  identified. 
For  strong  bonds,  w  herein  the  edge  flaws  are  smatl  and 
the  stresses  are  large,  plastic  relaxation  effects  domi¬ 
nate.  Notably,  edge  failures  in  the  ceramic  near  the 
bond  can  be  supposed  by  using  a  metal  with  a  low 
yield  strength.  In  this  regime,  expansion  misfit  effects, 
although  small,  are  detnmental. 

Very  different  characteristics  obtained  when  the 
cracks  are  relatively  large  and  the  stress  small,  as 
appropnate  for  the  assessment  of  crack  arrest,  e.g. 
when  the  loadings  are  displacement  dominated.  In 
this  regime,  the  energy  release  rate  is  diminished  by 
having  large  (positive)  expansion  misfit,  because  of 
the  compressive  residual  stresses  generated  near  the 
interface. 
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Introduction 

A  concerted  effort  on  the  ntechanics  of  interface  cracks  (1-3),  coupled  %vith  the  devekmoient  of  test 
mediods  for  measuring  the  interface  fracture  resistaius  (4, 5),  has  provided  a  frameworic  for  aiaracieiizing 
the  mechanical  properties  of  internees.  There  appear  to  be  four  governing  issues  (4, 6, 7).  i)  Interfeoe  fracture 
can  be  either  mtue  or  ductile,  ii)  The  fracture  resistance  is  stnmgly  i^uenced  by  the  loading  mudty, 
piiiruiily  through  its  influence  on  the  crack  path,  iii)  Crack  growth  by  stress  corrosian  and  by  fridgue  are 
comnuxily  encountered,  iv)  The  fracture  resistance  is  substantially  larger  than  die  work  of  adhesion  and  is 
affected  'by  plastic  dissipation,  as  well  as  by  interface  non-planarity  and  by  segregation.  There  are  also 
jurpredabie  gmmetric  emets,  such  as  the  thideness  of  the  metal  present  in  larrurtates,  adhesive  bonds  and 
fam  composites.  In  addition,  residual  stresses  are  typically  involved  and  often  provide  an  appreciable 
contribution  to  the  enem  ttieaae  rate  (8),  as  wdl  as  influendns  the  loading  mixity  (6). 

There  are  nujor  differenoes  in  irtierface  fracture  with  m  hmnolog^  temperature,  T/Tm,  used  to 
produce  the  interfrwe.  Low  hcnnologous  temperatures  (T/Tm  <  03)  processes  sudx  as  evaporation  result  in 
interfree  mechanical  pttmerties  domiruted  by  impurities,  e^edalty  organics  present  on  the  origbud  surface 
prior  to  deposition  (9).  ^nsequentiy,  thin  bond  layers,  sum  as  Ci  and  Tl,  are  often  used  to  enhance  the 
fracture  renstanoe.  The  jraesenoe  of  th^  layers  apparentiy  results  in  the  fonruition  of  carbides  and  h)rdrides 
that  'dean'  the  surface.  The  use  of  high  homologous  temperatures  (T/Tm  >  03)  generally  results  in  'strong' 
bonding  for  a  wide  range  of  met^,  cerarrtics,  intermetallics  and  glasses.  Such  diffusion  bonds  are 
emjfliasized  in  this  article. 

The  fracture  resistance  of  diffusion  bonds  can  be  influenced  by  tile  presence  of  reaction  products.  It  is 
thus  convenient  to  catagorize  interfaces  in  terms  of  their  susceptibility  to  reaction  product  fomution.  An 
incomplete  list  of  difrusion  bonded  interfaces  that  have  been  sub)e^  to  medumkal  dianctaiutim  are 
summarized  in  Table  I,  together  with  the  known  inddence  of  reaction  products.  When  reaction  products 
form,  cases  have  been  fowd  wherein  cradcs  propagate  witiiin  the  product  phase  (10).  arul  otto  cases 
wherein  interface  cracks  extend  between  this  phase  and  the  parent  material  (11, 12),  dependent  on  the 
system  and  the  loading  mixity. 

A  comprehensive  review  of  the  interface  fracture  processes  associated  with  each  system  is  not 
attempted  here.  Rather,  the  ranra  of  effects  that  can  occur  are  illustrated  from  some  of  the  systems  presented 
in  Tame  L  Consequently,  the  foUowing  sections  are  organized  in  accordance  witii  present  understtnding  of 
the  dominant  fracture  mechanisms:  ductile  void  growth,  brittle  debonding  and  decohesion,  as  ww  as 
combined  void  growtii  and  debemding. 


Ductile  Interface  Fracture 

Two  systems  are  known  to  the  authors  in  which  fracture  occurs  by  ductile  void  growth  and 
coalescence  in  the  metal  near  the  interface.  These  are  AI/AI2O3  (13, 14)  aiul  Ti/'n3Al/Al20^  (15).  This 
mechanism  involves  void  nucieation  in  the  metal,  typically  at  interface  sites  (Fig.  la).  Fm  example,  in 
AI/AI2O3,  voids  preferentially  form  at  grain  junctions  in  the  AI2O3  (14)  (Fig.  lb).  When  this  medunism 
applies,  there  are  several  profound  geometric  effects  on  the  mechanical  fracture  resistance:  especially  with 
regard  to  the  metal  layer  thidoiess,  h,  and  tite  loading  mixity,  ty.  The  metal  layer  thickness  enters  tiumigh  its 
influence  cm  the  stresses  at  the  interface  ahead  of  the  aack  (16)  (Fig.  2).  The  trend  is  for  these  stresses  to 
increase  as  h  decreases,  causing  the  fracture  resistance  Fr  to  diminish  at  small  h.  An  extreme  case  is 
illustrated  in  Fig.  3  which  demonstrates  ductile  void  growth  in  a  thin  a2-Ti3Al  layer  formed  between  TiCTa) 
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and  AI2O3  (15).  For  this  thin  layer  (h  -  0.15  ^m  ).  the  fracture  resistance  Pr  >  25  )in'2  is  smaller  than  that 
for  brittle  interface  fracture  in  many  systems,  as  elaborated  below.  The  spacing  between  void  nudeabon 
sites  along  the  interface  is  also  important  and  may  dominate  when  this  spacing  is  appreciably  less  than 
h  (16). 

The  loading  mixity  is  important  because  of  the  influence  on  the  crack  path  (6).  In  particultf.  the 
loading  that  encourages  the  crack  to  deviate  from  the  interface  may  induce  cracking  into  the  ceramic  and 
prevmts  measurement  of  Pr.  Measurements  of  Pr  require  careful  consideration  of  test  specunens  having 
muddes  that  constrain  the  crack  to  remain  at  the  interface,  as  exemplified  bv  the  flexure  spedmen  depicted 
in  Fig.  4  (17). 

Brittle  Debonding  and  Decohesion 

Brittle  debonding  of  metal/ceramic  interfaces  formed  by  diffusion  bonding  has  rarely  been  observed. 
The  only  example  known  to  the  authors  is  the  AI2O3/M0  interface,  which  has  a  fracture  energy, 
Pr  -  3-4  Im-2  (Fig.  5)  (18).  There  is  also  circumstantial  evidence  that  .M2O3/W  interfaces  have  a  similarly 
low  fracture  resistance.  Hbwever,  even  in  these  systems,  Pr  is  appredaUy  larger  than  the  thermodynamic 
work  of  adhesion,  indicating  that  dissipation  mechanisms  accompany  interface  fracture.  The  only 
other  known  example  ol  brittle  interface  debonding  occurs  in  the  TiCTa)/ AljOs  system,  vrhen  a  f  -TlAl 
reaction  product  forms  (12).  In  dus  case,  fracture  occurs  at  the  interface  between  the  parent  AljQ}  end  the 
Y-TiAl  reaction  product  (Fig.  6a),  with  a  fracture  energy,  Pr  2  17  Im*2.  This  n»ult  contrasts  with  the 
behavior  of  diffusion  bonded  int^aces  between  y  -TlAl  and  AI2O3  which  are  resistant  to  debonding  (19) 
(ng.  6b).  Essentially  all  other  interface  fractures  that  involve  debonding  are  accompanied  by  appradably 
plastic  dissipation  in  the  metal,  as  elabarated  below. 

When  brittle  reaction  products  form  and  when  thin  brittle  interlayers  are  us^,  brittle  deooheskm 
within  the  layer  has  been  frequently  observed.  Examples  include  the  o*phase  reaction  product  between 
y-TlAl  and  Nb  (10),  as  %vell  as  porous  oxide  interiaym  between  AI2O3  and  other  materials  (20).  In  such 
cases,  Pr  is  dominated  by  the  mkroetructure  of  the  layer  and  the  associated  fracture  resistance.  The  cffccis 
are  exemplified  by  porous  oxide  interlayers,  wherein  Pr  varies  with  the  level  of  the  porosity.  The 
phenomenon  is  iUustrated  for  2i02  interlayers  in  AI2Q3  (Fig.  7).  For  the  porous  interiayers  (porority  -  30%) 
mctuic  occurs  within  the  layer,  with  a  fracture  energy,  Pr  -  3-5  |m**.  However,  fw  the  dense  Z1O2 
interlayer,  fracture  can  be  induced  at  thrintcr^  with  a  fracture  energy,  Pr  -  15-20  )m'2. 

Debondiny  witfi  Plasticity 

Many  of  the  interfaces  summarized  in  Tri>le  I  involve  debonding  accompanied  by  pUsbe  dlsripation. 
These  systems  include  AljC^/Au,  Al203/Pt  and  AljOs/Nb.  Furthermore,  the  behavior  is  oomsiiGated  by 
the  inddeiKe  of  stress  corrosion  (7),  as  w!^  as  by  crack  face  bridging  caused  by  metal  Ugmenls  (21, 22).  The 
latter  results  in  an  interface  fracture  resistance  that  rises  with  crack  extension  (Rg.  8a).  The  rising  resistance 
is  well-described  by  plastic  bridging  models  (23)  (Fig.  8b).  In  the  absence  of  stress  corrosion  caused  by 
moisture,  dii^  observations  of  interface  oack  extension  (22)  have  revealed  that  the  oack  advances  by  the 
nudration  of  debonds  at  the  interface  ahead  of  the  crack  (Rg.  9).  These  debonds  grow  by  combined  brittle 
debonding  of  the  interface  with  plastic  deformation  and  then  coalesce  to  cause  craor  extension.  This  prooem 
occurs  at  a  fracture  resistance  substantially  lower  than  that  expected  for  ductile  fracture  by  plastic  void 
growth.  Models  of  tiusjwocess  have  yet  to  be  developed.  _ 

Moisture  induced  stress  corrosion  substantially  reduces  Pr,  whereupon  interface  cracks  grow  with  a 
duracteristic  growth  rate  that  increases  as  Pr  increases  (7).  This  behavior  is  presumed  to  be  analogous  to 
that  found  in  monolithic  bodies.  Furthermore,  the  nomiiud  interface  fracture  resistance  deoeasci  as  oie 
me^  layer  thickrtess  decreases  (22)  (Rg.  10),  reflecting  an  important  role  of  plastic  dissipatian  in  fracture 
even  tiurough  stress  corrosion  is  occurring  (7). 

Remarks 

Some  of  the  interface  fracture  phenomeru  evident  in  both  metal/ceramic  and  metal/intennelallic 
interfaces  have  been  briefly  outlined.  It  is  apiparent  that  a  rich  spiectrum  of  effects  is  involved,  analogous  to 
fracture  in  monolithic  materials.  While  a  start  has  been  made,  a  systematic  experimental  effort  is  needed  to 
characterize  the  range  of  fracture  behaviors,  along  with  the  development  of  mod^  that  relate  to  each 
important  fracture  medianism.  Important  issues  that  have  not  been  addressed  in  this  brief  survey  indude 
effects  of  mode  mixity  on  Pr  and  fatigue  crack  growth  at  interfaces. 
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TABLE  I 

Internees  That  Have  Been  Sub^  to  Meduutkal  Quncterization 


KNOWN  REACRCM  PRODUCTS 

A1 

AI2O3 

None 

Au 

AI2O3 

None 

Nb 

AljQj 

None 

Mo 

AI2Q3 

None 

W 

AI2O3 

None 

Tl 

AI2O3 

y-rai 

a2-TbAl 

A1 

SiC 

AUC 

AKSi) 

SiC 

None 

AKMg) 

AljOa 

Spinel 

•nCTa) 

AI2O3 

y-rai 

os'RaAl 

9'^haae 

Pt 

AljOs 

PisAl 

Nb 

Y-RAL 

T2,0>iduae 

llNb 

Y-RAL 

as-RftAl 

Nb 

MoSb 

(NhMo)^ 

Cu 

Si02 

None 
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Fig.  1.  a)  A  sdiematic  of  internee  fracture  by  void  growth. 


b)  A  fracture  surface  of  an  AI/AI2O3  spedmen  indicating  A1  Hdges  formed  by  plastic  void 
coalescence.  Note  that  virtually  all  of  the  ridges  surround  three^ain  junctions  in  the  AljOs 
which  act  as  void  nuclei. 


Hg.  Z  Stresses  at  the  interface  ahead  of  a  crack  for  a  thin  metal  layer  between  two  brittle  sdids. 
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Fig.  3.  Fracttire  by  ductile  void  growth  wnthin  a  thin  a^-HjAl  reaction  product  layer  found  between 
AI2O3  and  TifTa). 


Fig.  4.  A  mixed  mode  flexure  specimen  for  measuring  the  interface  fracture  resistance  duit  constrain  aadc 
extensian  to  occur  along  the  interface. 


Rg.  5.  An  interface  debond  between  Mo  and  AlzOs. 


Fig.  7. 


SEM  micrograph  of  Zr02  interfaces  on  AI2O3  (a)  porous  interlayi 
withFR  “  4  Jm‘2  (b)  dense  interlayers  that  fracture  at  the  interfa 


,  er  that  fractures  through  the  layer 
ace  withFR  •>  20Jm'7. 
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Fig.8.  a)  A  resistanoe  curve  far  the  Au/AljO^  intoEaoe  measured  in  a  dry  atmosphoe. 


Hg.8.  b)  A  oompaiison  of  the  measured  lesistaivoe  curve  far  Au/Ab^  ivith  calculations  based 
on  a  ligament  model 
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EFFECTS  OF  PLASTICITY  ON  THE  CRACK 
PROPAGATION  RESISTANCE  OF  A  METAL/CERAMIC 

INTERFACE 

I.  E.  REIMANlSt,  B.  J.  DALGLEISH,  M.  BRAHY,  M.  RCHLEf  aad  A.  G.  EVANS 

Material!)  Department,  College  of  Engineering.  University  of  California,  Santa  Barbara,  CA  93106,  U.S.A. 

(Received  21  March  1990) 

AMract — Fracture  experiments  have  been  conducted  on  a  goid/sapphire  interface.  The  interface  is  found 
to  fail  by  interface  separation  in  a  nominally  “brittle”  manner  with  a  critical  strain  energy  leleate  rate, 
substantially  larger  than  the  work  of  adhesion,  Evidence  of  plastic 

deformation  on  th;  gold  fracture  surface,  such  as  blunting  steps  and  slip  stqrs,  suggest  that  plastic 
dissipation  is  the  primary  contribution  to  the  measured  9..  Calculations  suggest  that  the  majority  effect 
occurs  in  the  plastic  zone  through  the  crack  wake.  The  interface  is  also  found  to  be  susceptible  to  slow 
crack  growth. 

BiHmt — On  effectue  des  experiences  de  rupture  sur  une  interface  or/saphir.  On  trouve  que  I'inteiface  se 
rompt  par  separation  de  celte-d  d'une  maniere  “fragile”  avec  un  taux  critique  pour  la  liberation  de 
I'inergie  de  deformation,  9,  s  SO  Jm~^  beaucoup  plus  grand  que  le  travail  d’adhiience,  s  0.5  Jm*^. 
La  mise  en  evidence  d'une  difonnation  plastique  sur  la  surface  de  rupture  de  Tor,  par  exem^de  de  matches 
imoussees  et  de  marches  de  glissement,  suggeie  que  la  dissipation  plastique  est  la  prindpak  contribution 
a  la  valeur  de  9,  mesuree.  Des  calculs  suggerent  que  I’effet  preponddant  se  produit  <tai«  |a  zone  plastique 
par  I'intermediaire  du  sillage  de  la  fissure.  On  trouve  aussi  que  I’interface  est  susceptible  de  lalentir  la 
croissance  d’une  fissure. 

ZaaammcafaMHg — Bruebexperimente  wutden  an  Gold-Saphir-Gtenzflacben  duicbgefuhrt.  Die  Grenz- 
flache  bricht  dur^  Trennung  an  der  Grenzflache  mnninal  “sprod”.  Die  kritisebe  Energie-Fteisetzuiigsrate 
9^  betragt «  SO  Jm~^,  welches  deutlicb  hotter  ist  als  die  Adhasionsarbeit  von  s«sO,S  Jm"’.  Hinweiae 
auf  plastische  Verformung  an  der  Gold-Bruchfliche,  wie  abstumpfende  Stufen  und  Gleitstufen,  legen 
nahe,  dafi  plastische  Dissipation  der  wcsentliche  Beitrag  zum  gemesienen  9,  ist.  Reebnungen  legen  "»»». 
dafi  der  ubetwiegende  Effekt  von  der  plastiadien  Zone  in  der  Spur  des  Kisses  herriihrt.  Auefa  neigt  die 
Grenzflache  zu  langsamem  RiBwachstum. 


1.  INTRODUCTION 

Metal/ceramic  interfaces  exhibit  a  wide  range  of 
fracture  energies,  dependent  on  bonding,  interface 
morphology,  plasticity  in  the  metal  and  on  the  pres¬ 
ence  of  interphases  [i~3].  Detailed  understanding  of 
the  fracture  energy  requires  a  systematic  experimental 
study  in  conjunction  with  calculations  of  crack  tip 
fields,  using  continuum  [4, 5]  as  well  as  dislocation 
level  calculations.  One  aspect  of  this  problem  is 
addressed  in  this  article;  notably  an  experimental 
study  of  the  effect  of  plasticity.  To  investigate  this 
issue,  the  sapphire/gold  system  has  several  attributes. 
In  particular,  test  specimens  can  be  produced  by 
diffusion  bonding  without  the  formation  of  inter¬ 
phases.  Furthermore,  bonding  occurs  without  dissol¬ 
ution  of  AljO}  in  the  Au  and  consequently,  the  flow 
stress  of  the  Au  is  well-behaved.  Finally,  the  transpar¬ 
ency  of  the  sapphire  allows  in  situ  observation  of 
crack  propagation  along  the  interface,  as  needed  to 
elucidate  the  dominant  fracture  mechanism. 
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The  fracture  energy  of  biroaterial  interfaces  can  be 
measured  with  good  precision  by  using  a  mixed  mode 
four-point  bending  specimen  [Q.  This  qiedmen  has 
tlK  dual  advantage  that  precracking  can  be  con¬ 
ducted  with  good  control  and  that,  when  the  interface 
crack  is  between  the  inner  loading  points,  the  energy 
release  rate  is  essentially  crack  length  independent  [6]. 
In  addition,  the  crack  orientation  in  this  specimeo 
facilitates  the  in  situ  observations  of  crack  growth. 

2.  DIFFUSION  BONDING 

Diffusion  bonded  plates  are  produced  by  carefully 
polishing  basal  plane  oriented  san>hire  discs  having 
2-in.  diameter.  Polishing  is  conducted  mechanically 
using  diamond  media.  Gold  foil,  cold  rolled  to  thick¬ 
nesses  in  the  range  10-250  pm,  is  inserted  between  the 
sapphire  plates  and  the  system  subjected  to  a  nornud 
stress  of  about  S  MPa,  within  a  resistance  furnace. 
The  temperature  is  raised  to  1040‘’C  either  in  air  or 
in  vacuum  and  maintained  at  that  temperature  for 
1-48  h.  The  system  is  then  slowly  cooled  to  room 
temperature.  Inspection  of  the  interfaces  in  the  opti¬ 
cal  microscope  reveals  the  progression  of  the  bonttog 
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Fig.  1.  (a)  The  evolution  of  interface  voids  observed  during  diffusion  bonding  at  1040°C.  (b)  Scanning 
electron  micrograph  of  residual  interface  voids  observed  on  the  gold  surface  after  fracture:  slip  steps 

formed  during  fracture  are  also  visible. 


process  [Fig  1(a)]  from  large  planar  voids  to  small, 
isolated,  facetted  voids  in  the  Au.  Such  behavior  is 
typical  of  void  elimination  processes  at  interfaces 
involving  diffusion.  Furthermore,  the  process  was 
essentially  the  same  for  bonding  conducted  in  air  and 
in  vacuum.  After  48  h,  some  small  isolated  voids 
remain,  corresponding  to  an  area  fraction  of  interface 
of  ~  10%.  The  same  voids  can  also  be  identified  on 
fracture  surfaces  [Fig.  1(b)].  The  pores  are  typically 
about  1  nm  deep  and  3-10  A<ni  wide. 

3.  EXPERIMENTAL 

Beams  with  overall  dimensions  40  x  3  x  3  mm  are 
cut  from  the  diffusion  bonded  plates  and  polished  to 


facilitate  optical  observation  during  testing  Experi¬ 
ence  has  indicated  that  testing  is  expedited  by  having 
a  sapphire  layer  on  the  tensile  side  with  thickness  of 
~0.5-1.0  mm  while  the  sapphire  on  the  compression 
side  has  a  thickness  of  ~2.5-4.0mffl.  Subsequent  to 
cutting  and  polishing,  a  Knoop  indentation,  loaded 
to  ~  100  N,  is  emplaced  in  the  thinner  sapphire  layer, 
with  axis  normal  to  the  beam  axis,  as  needed  to 
initiate  a  surface  crack.  Thereafter,  the  specimens  are 
precracked  by  loading  in  three-point  bending,  using 
an  outer  span  of  33  mm.  During  this  process,  the 
surface  crack  extends  through  the  sapphire  layer  to 
the  sapphire/gold  interface  and  also  extends  symmet¬ 
rically  along  the  interface  on  both  sides  of  the 
precrack  to  a  length  of  ~  0.5  nun  [Fig.  2(a)]. 
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Fig.  2.  (a)  A  precracked  specimen  viewed  through  the 
sapphire  layer  revealing  the  symmetrical  cracks  at  the 
interface  (specimen  unloaded),  (b)  Also  visible  at  higher 
magnification  is  the  facetted  nature  of  the  apparent  (closure) 
crack  front  and  the  residual  opening  around  voids. 

Subsequent  to  precracking,  the  specimen  is 
loaded  in  a  four-point  bending  (inner  and  outer 
spans  of  33  and  19  mm,  respectively)  located  in  an 
inverted  optical  microscope  (Fig.  3),  as  needed  to 
permit  in  situ  observation  of  cracking.  Surfaces  of 
the  specimens  and  of  the  loading  rods  are  care¬ 
fully  polished  to  negate  effects  of  friction.  The  micro¬ 
scope  is  operated  using  Nomarski  interference,  such 
that  fine  topographic  variations  on  the  order  of  the 
wavelength  of  light  are  apparent,  facilitated  by 
the  high  reflectivity  of  gold.  The  Nomarski  mode 
is  also  sensitive  to  changes  of  index  of  refraction, 
and  thus  the  boundary  between  the  debonded  and 
bonded  region  (ie.  the  crack  front)  can  be  located 
precisely. 

A  high  degree  of  precision  in  load  application  is 
achieved  through  micrometer  sensitivity  (0.0001  cm 
resolution)  and  the  high  stiffness  of  the  hardened  steel 
parts.  As  crack  propagation  proceeds,  load/crack 
length  data  are  generated  by  recording  crack  front 
profiles.  In  some  cases,  intermittent  unloading  is 


conducted  in  conjunction  with  optical  observation  of 
the  interface 

Following  mechanical  testing,  the  fracture 
surfaces  are  investigated  in  the  scanning  electron 
microscope  (SEM).  with  the  objective  of  both 
charactenzing  morphological  features  of  the  frac¬ 
ture  process  and  investigating  possible  chem¬ 
ical  differences  using  energy  dispersive  X-ray- 
procedures  (EDS).  In  addition,  electron  backscattcr- 
ing  channeling  patterns  are  obtained  and  used  to 
characterize  crystallographic  orientations.  Finally, 
transmission  electron  microscopy  (TEM)  of  cross 
sections  is  used  to  provide  further  information  about 
the  chemical  and  atomistic  characteristics  of  the 
interface. 


4.  MEASUREMENTS  AND  OBSERVATIONS 

Preliminary  observations  of  crack  growth  reveal 
that  subcritical  crack  extension  occurs.  However. 


Fig.  3.  (a)  A  schematic  of  the  test  fixture  used  for  in  situ 
measurements  of  crack  growth  of  the  interface,  (b)  A 
schematic  of  the  test  specimen. 
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Fig.  4.  Sequences  of  crack  front  profiles  that  illustrate  the 
intermittent  nature  of  crack  extension  at  two  different  9 
levels. 


Fig.  S.  Load,  deflection  characteristics  associated  with  pre¬ 
cracking  during  three-point  bending.  The  crack  arrest  load, 
P,,  is  used  to  estimate  9^. 


Fig.  6.  Optical  view  through  the  sapphire  of  blunting  steps 
formed  upon  load  changes  and  of  the  featureless  surface 
formed  upon  uniform,  slow  crack  growth. 


crack  extension  is  intennittent  and  erratic,  as  illus¬ 
trated  by  the  crack  front  sequences  depicted  in 
Fig.  4<a).  Nevertheless,  the  crack  extends  at  an 
essentially  uniform  mean  velocity  when  a  constant 
load  is  applied  and  furthermore,  the  mean  velocity 
increases  when  the  load  is  increased  It  is  also  notable 
that  there  is  no  apparent  correlation  between  the 
crack  front  shape  and  the  pore  distribution  along  the 
interface.  The  subcritical  growth  behavior  is  seem¬ 
ingly  characterized  by  a  relationship  between  the 
crack  velocity  d  and  the  energy  release  rate  ‘f.  The 
corresponding  value  of  the  phase  angle  of  loading  [6] 
>1)  is  52^.  The  range  in  velocity  at  fixed  ^  reflects  the 
intennittent  nature  of  crack  growth  which,  in  turn, 
may  depend  on  the  spatial  non-uniformity  of  the 
“bonding”. 

The  magnitude  of  the  critical  energy  release  rate 
can  be  estimated  from  the  prccracking  experiments. 


Fig.  7.  (a)  A  crack  front  following  slow  crack  growth  at 
9  «  20  Jm~l  A  slip  step  (arrowed)  is  also  visible  (specimen 
loaded),  (b)  After  unloading,  closure  occurs  over  ~  100  /im, 
but  the  original  crack  front  is  also  still  visible. 
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During  prccracking.  tlic  load  in  increased  until  the 
Knoop  indentation  crack  in  the  sapphire  is  induced 
to  extend  unsiahlx  across  the  specimen  This  event 
coincides  with  a  load  drop  iKig.  5).  to  a  load  P,.  at 
which  the  crack  biturcaies  along  the  interface,  arrests 
and  then  slowlv  extends  (Fig.  2).  Interface  crack 
extension  during  this  sequence  occurs  quite  rapidly 
and  consequenilv.  the  magnitude  of  deduced  from 
P^  is  regarded  as  an  approximate  measure  of 
Estimates  of  can  be  obtained  from  solutions 
generated  by  Charalambides  ct  al.  [6]  extrapolated 
into  the  short  crack  range.  This  procedure  indicates 
that  is  about  50  Jm  ^ 

Upon  constant-load  crack  growth  at  the 

fracture  surface  is  found  to  be  relatively  featureless  at 
optical  resolutions  (Fig.  6).  Flowever.  a  change  in 
load  generates  a  step  in  the  gold  along  the  crack  front 
(Fig.  6),  The  steps  are  indicative  of  crack  blunting,  as 
elaborated  below.  Slip  steps  that  emanate  from  the 
crack  front  are  also  evident  in  some  cases.  During 
unloading,  crack  closure  occurs  over  dimensions  of 
order  100 /im  (Fig.  7).  Flowever.  the  original  crack 
front  is  still  visible  as  a  small  trough,  again  indicative 
of  a  blunt  crack. 
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Fig.  8.  (a)  Channeling  patterns  obtained  on  a  gold  surface 
revealing  the  (001 )  onentation.  (b)  A  view  of  the  sub-grains 
in  ihe  gold  obtained  in  the  SEM. 


Direction  of  crock  propagation 


(b) 

Fig.  9.  Prohlometer  measurements  on  the  Au  fracture 
surface,  (a)  An  optical  view  of  a  plastic  trough  passing  over 
a  blunting  step,  (b)  A  prohlometer  amplitude  trace  over 
blunting  steps. 

5.  CHARACTERIZATION 

S.I.  Scanning  electron  microscopy 

The  fracture  surfaces  have  been  examined  by  scan¬ 
ning  electron  microscopy.  Within  the  resolution 
limits  of  EDS,  there  is  no  evidence  of  Au  on  the 
sapphire  fracture  surface  and  no  evidence  of  Al  on 
the  Au.  Channeling  patterns  obtained  on  the  Au 
surface  (Fig.  8(a)]  reveal  that  the  Au  has  recrystallized 
during  diffusion  bonding  into  a  highly  textured  foil 
with  a  {100}  interface  plane.  The  grain  size  is  ap¬ 
proximately  100-200 /tm  [Fig.  8(b)].  Furthermore, 
patterns  obtained  on  both  sides  of  slip  steps  reveal 
small  lattice  rotations  of  up  to  5  .  The  oriented  nature 
of  the  Au  allows  determination  of  the  facet  and  slip 
step  directions  from  the  channelling  patterns.  In  ail 
cases,  the  facets  and  slip  steps  are  along  <110), 
consistent  with  slip  in  the  Au  occurring  on  {III}. 

Observations  of  the  sapphire  surface  reveal  that  it 
is  featureless  and  essentially  the  same  as  the  original 
surface  prepared  prior  to  bonding.  It  is  thus  con¬ 
cluded  that  there  have  been  minimal  morphological 
changes  in  the  sapphire  during  bonding  and  mechan¬ 
ical  testing,  consistent  both  with  the  low  diflfusivities 
in  the  sapphire  at  the  bonding  temperature  and  with 
its  high  resistance  to  slip  at  room  temperature. 

The  topography  of  the  Au  fracture  surface  has 
been  examined  using  two  techniques.  In  one  case,  a 
profilometer  was  scanned  over  the  surface,  to  create 
a  narrow  plastic  trough  of  uniform  width.  The  pro- 
iilometer  readings  gave  one  measure  of  the  topogra¬ 
phy  (Fig.  9).  Secondly,  lines  of  electron  beam  damage 
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incoherent  and  that  there  is  no  inters  ening  phase 
Analytical  TEM  indicates  that  there  is  no  AI  in  the 
Au  and  no  Au  in  the  Al-O.  at  the  deieciabilit)  limits 
of  the  EDS  system  (about  I  at  “ol.  Furthermore,  no 
other  elements  were  noted  in  the  EDS  spectrum  In 
some  places,  the  interface  is  non-planar  [Fig  11(b)]. 
reflecting  roughness  associated  with  the  onginal  sap¬ 
phire  surface  before  bonding. 

6.  THE  FRACTLRE  ENERGY 

The  seeming  absence  of  gold  on  the  sapphire 
fracture  surface  and  of  sapphire  on  the  gold,  coupled 
wiith  the  relatively  low  values  of compared  with  the 
fracture  energy  expected  for  a  soft  ductile  metal 
>  10*  Jm suggests  that  the  crack  progresses  by 
brittle  bond  rupture  at  the  interface.  In  support  of 
this  contention,  it  is  noted  that  ductile  interface 
fracture  occurs  by  hole  growth  in  the  metal,  leaving 
metal  ligaments  attached  to  the  ceramic  side  of  the 
fracture  surface  [8]  (Fig.  12).  The  proposed  “brittle” 
mode  of  failure  at  the  AUOj/Au  interface  occurs 
despite  the  incidence  of  plastic  flow  in  the  Au  and  of 
crack  blunting. 


'H.  =  ^«,o,  cos«’ 
w*  -b  Xu  ♦  25  *1,  0,  -25, 

=  25 Xu  (1-COS0) 

Fig.  10.  (a)  An  electron  damage  line  across  an  interface  void, 
tilted  to  determine  the  void  profile,  (b)  Schematic  of  the 
approach  used  to  estimate  the  work  of  adhesion 


have  been  created  while  the  fracture  surface  was 
oriented  normal  to  the  incident  beam.  This  was 
achieved  by  imposing  a  high  voltage,  in  line  profile 
mode,  while  the  beam  scanned  the  specimen  in  one 
direction  [7].  The  specimens  were  then  tilted  by 
60-80’'  to  allow  the  shapes  of  the  features  to  be 
deduced  from  the  line  profiles  [7]  (Fig.  10). 

These  techniques  indicated  that  the  crack  front 
blunting  steps  were  typically  <0.1  pm  in  height  and 
that  all  such  steps  had  the  same  sign  (Fig.  9). 
Investigation  of  the  residual  voids  (Fig.  10)  was  of 
primary  interest  for  estimation  of  the  work  of  ad¬ 
hesion  from  the  void  surface  inclination  at  the 
interface.  These  measurements  gave,  «  0.5  Jm■^ 
consistent  with  previous  estimates  [5]. 

5.2.  Transmission  electron  microscopy 

Thin  foils  normal  to  the  interface  have  been  made 
by  mechanical  dimpling  followed  by  ion  beam 
milling.  Preliminary  TEM  analysis  indicates  the  fol¬ 
lowing  characteristics.  An  atomic  resolution  image 
[Fig.  11(a)]  shows  that  the  Au/sapphite  interface  is 


Fig.  II.  (a)  An  atomic  resolution  image  of  the  interface, 
(b)  A  conventional  TEM  view  revealing  interface  non¬ 
planarity. 


Fig.  12.  A  fracture  surface  of  a  ductile  intefface  fracture  between  AljO,  and  Al. 


The  plastic  dissipation  associated  with  a  crack 
growing  along  an  interface  can  be  addressed  by 
invoking  comparison  with  the  behavior  of  cracks  in 
isotropic  elastic/plastic  solids.  For  such  materials,  the 
energy  release  rate  at  the  lip  of  a  growing  crack  is 
strictly  zero,  such  that  the  measured  energy  release 
rate  equates  entirely  with  the  plastic  dissipation  [9]. 
Consequently,  within  the  framework  of  continuum 
analysis,  it  has  not  been  possible  to  relate  the  dissipa¬ 
tion  within  the  plastic  zone  to  the  dissipation  within 
the  fracture  process  zone.  Yet,  for  the  present  prob¬ 
lem,  it  is  important  to  develop  a  basic  expression  that 
allows  the  plastic  dissipation  to  be  related  to  such 
variables  as  the  metal  layer  thickness,  the  work  of 
adhesion,  etc.  A  preliminary  attempt,  described  in  the 
Appendix,  considers  the  admissible  dissipation  out¬ 
side  the  blunting  width,  d.  and  yields  a  dissipation 

(1) 

where  h  is  the  metal  layer  thickness  and  9o  is  the 
dissipation  within  the  fracture  process  zone.  If  is 
regarded  as  being  IV^,  then  for  the  present  case 
(h  =25ftm,  6  *0.1  /rm).  100 Jm'^  This  level 

of  dissipation  is  of  the  same  order  as  the  measured 
value  %  50  Jm’^).  Qualitatively,  therefore,  the 
measured  fracture  energy  is  consistent  with  a  domi¬ 
nant  contribution  from  plastic  dissipation. 

The  presence  of  slow  crack  growth  indicates  that 
rupture  is  chemically  assisted  and  occurs  in  accord¬ 
ance  with  stress  corrosion  concepts  [10].  These  con¬ 
cepts  typically  invoke  a  brittle  fracture  process  zone 
at  the  crack  tip  and  a  maximum  stress-based  fracture 
criterion  in  this  zone  [10],  However,  for  a  thin  metal 
layer  between  two  elastic  plates,  the  maximum  nor¬ 
mal  stress  of  the  interface  exists  at  an  appreciable 
distance  ahead  of  the  crack,  governed  by  the  layer 


thickness  [llj.  An  interface  decohesion  criterion 
based  strictly  on  the  normal  stress  would  thus  predict 
a  fracture  mechanism  that  operates  ahead  of  the 
crack  front:  at  variance  with  present  observations. 
Consequently,  this  topic  also  requires  additional  in¬ 
vestigation. 

7.  CONCLUDING  REMARKS 

The  relatively  large  fracture  energy  measured  for 
the  gold/sapphire  interface  reflects  an  influence  of 
plasticity.  Yet,  the  fracture  process  itself  is  brittle  and 
seemingly  occurs  by  "brittle"  bond  rupture.  For  such 
a  process,  it  is  qualitatively  appreciated  that  the 
fracture  energy  should  be  a  multiple  of  the  work  of 
adhesion,  and  the  metal  layer  thickness,  h. 
Consequently,  variations  in  fracture  energy  with 
metal  layer  thicknesses  should  provide  further  insight 
into  the  appropriate  relations.  However,  ultimately,  it 
will  be  necessary  to  couple  the  continuum  level 
analysis  of  fracture  to  the  atomistic  bond  rupture 
criterion  through  the  use  of  discrete  dislocation 
configurations. 

The  incidence  of  stress  corrosion  has  been  noted  in 
other  metal/ceramic  interfaces  [12]  and  could  be 
analyzed  phemnologically  using  conventional  ex¬ 
pressions  between  crack  velocity  d  and  energy  release 
rate  9  [10].  However,  appreciable  additional  research 
is  needed  to  understand  the  undcrlyiag  mechanism. 
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APPENDIX 


Preliminary  Analysis  of  Plastic  Dissipation  Associated 
with  Crack  Growth  in  Steady-State'f 
The  basic  features  associated  with  plastic  dissipation  can  be 
explored  by  considering  the  behavior  of  strips,  dy,  within  the 
layer  (Fig.  Al).  The  dissipation  within  each  layer, 
dWf,  for  a  non-hard^ng  metal  is  given  approximately  by 

dlF,*t,y,dy  (Al) 

where  t,  is  the  shear  yield  strength  and  is  the  maximum 
plastic  strain  experiemxd  within  t^t  stnp  element  as  the 
crack  extends.  The  plastic  strain  associated  with  the  growing 
crack  at  the  interface  with  a  thin  metal  layer  is  unknown. 
However,  for  a  homogeneous  elastic/plastk  solid,  the  plastic 
strain  for  a  non-hardening  material  has  the  form  (9] 


7p*7oln(«6/y)  (A2) 


where  y,  is  the  yield  strain  and  a  is  a  coeflSdent.  Assuming 
that  equation  (A2)  also  applies  to  the  thin  strip,  but  with  a 
unknown,  integration  of  equation  (Al)  over  the  metal  layer 
with  yp  taken  from  equation  (A2)  gives 


f 


ro7ote(«A/>)dy 


=  T,yoA(l -t-ln«].  (A3) 


The  magnitude  of  a  for  the  metal  strip  can  now  be  estimated 
by  appreciating  that,  for  the  growing  crack  within  a  plasti¬ 
cally  deforming  medium,  the  energy  release  rate  at  the  crack 
tip  is  zero  [9]  and  consequently  the  energy  release  rate  and 
are  identical,  i.e. 

«c=»»'p  (A4) 


fThe  treament  used  in  this  Appendix  was  suggested  and 
developed  by  J.  W.  Hutchinson. 


Plastic  Dissipation 


Fig.  Al.  Trends  in  the  non-dimeitsional  plastic  dissipation 
density  with  distance  from  the  crack  plane,  y. 


Consequently,  from  equations  (A3)  and  (A4) 

In  a  =  «f./t,yo/t  -  1 .  (AS) 


The  preceding  result  is  only  useful  in  the  present  context 
if  some  choice  is  made  regarding  the  relative  dissipation  that 
occurs  in  the  plastic  zone  and  in  the  fracture  process  zone, 
respectively.  In  a  preliminary  attempt  to  address  this  issue, 
the  fracture  process  medianism  is  considered  to  operate 
within  a  zone  of  width,  6,  and  that  this  process  occurs 
subject  to  a  dissipation,  9,.  Then,  plastic  dissipation  occurs 
witUn  the  range  6  to  6  and  has  magnitude  9^.  Thereupon, 
equation  (A3)  can  be  reexpressed  as 

9^miF,-9^  =  t,yo  ln(«6/y)  dy.  (A6) 


Integration  of  equation  (A6)  with  a  given  by  equation  (AS) 
gives 

»,  =  Sf»(^-l)-6toyoln(6/6).  (A7) 


Then,  for  small  Sjk  and  subject  to  the  inequality 


Equation  (A7)  reduces  to  the  simple  results 
9,»9,{hlS). 

This  result,  which  is  used  in  the  text  to  provide  an  initial 
estimate  of  the  plastic  dissipation,  indicates  that  9^,  for  a 
non-haixlening  metal,  is  proportional  to  the  energy  dissipa¬ 
tion  involved  in  bond  rupture  process  and  also  to  the  metal 
layer  thickness.  These  features  are  amenable  to  experimental 
evaluation.  However,  the  ambiguity  with  this  formulation  is 
the  dioice  and  the  significance  of  the  rupture  process  zone 
cut-off  dimension,  S.  Further  basic  understanding  of  the  fields 
very  close  to  the  crack  tip  is  needed  to  address  this  issue. 
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Abainct— Metal/oeramic  bonds  subject  to  residual  stress  caused  by  thermal  expansion  misfit  have  been 
investigated  in  an  AljOj/TafTi)  system.  The  residual  stresses  cause  cracking  of  either  the  AKO,  or  the 
interface,  dependent  on  t^  magnitude  and  sign  of  the  residual  stress.  The  observed  locations,  orientations, 
and  trajectories  of  the  cracks  have  been  rationalized  on  the  basis  of  residual  stress  fields,  energy  release 
rates  and  fracture  energies  for  the  ceramic  and  the  interface. 

Rtemic — On  etudie  les  liaisons  m^/oeramk|ue  soumises  a  une  contrainte  residuelle  due  a  la  difference 
de  dilatation  thennique  dans  un  systeme  Al]0,/Tarri).  Les  contraintes  residuelles  provoquent  une 
fissuration  soit  de  A1]0,,  soit  de  I'interface  suivant  la  grandeur  et  le  signe  de  la  contrainte  residuelle.  La 
situation.  I'orienution  et  la  trajectoire  des  fissures  observm  sont  rationalism  a  partir  des  champs  de 
contrainte  residuelle,  de  la  vitesse  de  libmtion  de  I’energie  et  des  raergies  de  rupture  de  la  ceramique  et 
de  I'interface. 

ZasaaHMaiamMg — In  dem  System  AljOj/TafTi)  werden  metallkeramische  Verbindungen.  die  einer 
Restspannung  wegen  der  thennischen  Fehlpassung  unterworfen  sind.  untetsucht.  Die  Restspaimung  fuhrt 
je  nach  Kobe  und  Vorzeiclien  zu  Riflbildung  entweder  im  AljO,  oder  in  der  Grenzflacbe.  Die  beobachteten 
One.  Orientierungen  und  Trajektorien  der  Risse  werden  anband  der  Restspannungsfelder.  der  Energie- 
freisetzungsraten  und  der  Bruchenergien  der  Grenzfliche.  Die  beobachteten  One.  Orientierungen  und 
Trajektorien  der  Risse  werden  anband  der  Restspannungsfelder,  der  Energiefreisetzungsraten  und  der 
Bruchenergien  der  Keramik  und  der  Grenzflacbe  erklin. 


1.  INTRODUCTION 

Most  tnetal/ccramic  bonds  are  subject  to  residual 
stress.  This  stress  can  cause  cracking  of  either  the 
ceramic  or  the  interface.  The  residual  stresses  may 
also  degrade  the  mechanical  strength  of  the  bonded 
system.  Some  aspects  of  residual  stress  induced  crack> 
ing  have  been  analyzed  previously  [1-3],  but  a  com¬ 
prehensive  description  of  this  phenomenon  has  not 
yet  been  presented.  The  intent  of  the  present  investi¬ 
gation  is  the  experimental  characterization  of  crack¬ 
ing  and  correlation  with  the  results  of  stress  analysis 
and  of  fracture  mechanics. 

A  model  system  consisting  of  sapphire  diffusion 
bonded  to  Ta(Ti)  alloys  is  used  for  the  experimental 
study.  This  system  has  several  attributes.  The  alloy 
compotitions  used  in  this  study  (20-30%  Ti)  show 
solid  solubility,  such  that  the  coefficient  of  thermal 
expansion,  a,  can  be  continuously  varied  between 
alOx  10-‘K''  (pure  Ti)  to  a7x  I0-‘K-'  (pure 
Ta),  compared  with  a8  x  10'* K"'  for  sapphire.t 


fTbe  coefficient  of  thermal  expansion  is  a  function  of 
temperature. 


Consequently,  alloys  can  be  prepared  that  have  either 
smaller  or  larger  thermal  expansions  than  sapphire.  It 
will  be  shown  that  a  second  advantage  of  this  system 
is  that  a  thin  multiphase  reaction  product  layer  forms 
during  diffusion  bonding  having  composition  rela¬ 
tively  insensitive  to  the  original  alloy  composition 
within  the  range  of  interest.  The  “interface"  thus  has 
relatively  consistent  mechanical  characteristics. 

The  fracture  behavior  can  be  rationalized  by  invok¬ 
ing  various  solutions  for  residual  stresses  and  for 
stress  intensity  factors  associated  with  bonds.  To 
facilitate  interpretation,  it  is  also  noted  that,  within 
homogeneous  brittle  solids,  crack  propagation  occurs 
along  a  trajectory  in  which  the  mode  II  stress  inten¬ 
sity  factor,  All,  is  zero  [4,3].  However,  cracks  on 
interfaces  can  extend  subject  to  mixed  mode  con¬ 
ditions  with  fracture  energy  T,  influenced  by  the 
phase  angle,  V  [6, 7]. 

2.  EXPERIMENTS 

2.1.  Di  ffusion  bonding 

Sapphire  discs  having  random  orienution  were 
mechanically  polished  to  provide  surfaces  with  good 
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Fig.  I .  Schematic  of  the  geometries  used  in  the  expeiiments. 

planarity.  Foils  of  Ta(Ti)  alloys  0.&-l.9inm  thick 
were  placed  between  two  of  the  sapphire  discs  and 
located  within  a  compression  loading  hxtutc  in  a 
vacuum  furnace.  A  normal  compression  of  3-S  MPa 
was  applied  and  the  system  heated  to  1 100‘C.  held  at 
that  temperature  for  ih  and  cooled  at  a  rate  of 
S°C/min.  Both  symmetric  and  asymmetric  specimens 
were  produced  (Fig.  1). 

2.2.  Inierface  properties 

In  all  bonds,  reaction  products  were  formed,  as 
elaborated  elsewhere  (8]  and  summarized  here.  In 
geiMral.  three  distinct  reaction  producu  formed,  as 
established  by  cross-section  TEM.  A  PEELS  spec¬ 
trum  revealed  that  within  detectable  limits  (»5%)  no 
oxygen  was  present  in  any  of  the  reaction  products 

(Fig-  2). 

Consequently,  use  of  a  preliminary  Ta-Ti-Ai 
ternary  phase  diagram  [9]  (Fig.  3)  suggests  that  the 
phases  ate:  y,  a,,  and  a.  Electron  diffraction  results 
(Fig.  4)  combined  with  EDS  and  with  lattice  par¬ 
ameters  obtained  from  X-ray  data  confirm  the 
identity  of  these  phases. 

Asymmetric  specimens  with  one  thin  layer  of 
sappUre  allowed  measurement  of  the  interface  frac¬ 
ture  energy  llB-ll].  Alloy  compositions  giving  zero 
residual  stress  were  chosen  in  order  to  simplify 
measurements.  These  samples  were  prepared  by  care¬ 
ful  diamond  sawing  of  the  diffusion  bonded  discs  into 
flexural  beams  having  dimension  %28  x  I  x  I  mm.  A 
ptecrack  was  introduced  into  the  thin  sapphire  layer 
using  a  Knoop  indentor.  Thereafter,  loading  in  three- 
point  bending  extended  the  precrack  to  the  interface. 
Subsequent  fracture  energy  measurements  on  the 
precracked  specimens  were  conducted  in  four-point 
bending  (10, 1 1].  In  situ  testing  in  the  SEM  allowed 
detailed  observations  of  crack  evolution.  These  ob¬ 
servations  revealed  that  the  precrack  propagated 
unstably  through  the  sapphire  and  reaction  product 
layers  and  then  arrested  at  the  reaction  product/alloy 
interface,  accompanied  by  blunting  (Fig.  S(a)].  Upon 
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Fig.  2.  PEELS  spectra  for  the  metal  and  reaction  product 
layers  revealing  the  absence  of  oxygen  wiihm  detectable 
limits. 


subsequent  loading  the  crack  extended  along  the 
sapphire/reaction  product  interface.  In  addition,  peri¬ 
odic  branch  cracks  were  observed  in  the  reaction 
layer  [Fig.  S(b)].  The  load  at  which  the  crack  extended 
gave  a  fracture  energy  for  the  interface  between  the 
sapphire  and  reaction  layer,  T,  ~l7±3Jm~‘ 
(9’«S0°).  For  comparison,  the  fracture  energy 
of  the  a-phase  reaction  product  [13]  T  a;40Jm'^ 
and  that  for  sapphire  on  non-basal  plitnes(14] 
r*12Jm-^ 

2.3.  Cracking  observations 

A  general  observation  is  that  positive  misfit  sys- 
tems  (ou^  >  Smio,  made  with  alloys  having  <67  aL% 
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Ta  at  IIOOC)  crack  predominant))  witlnn  the  samples  were  sectioned,  polished  and  characterized 

sapphire,  although  the  details  depend  on  sample  bs  SE.Vl.  revealing  the  morphologv  detailed  in  Fig  6 

geometrv  and  histors.  ConterseK.  systems  subject  to  (The  bonding  geometry  was  such  that  the  sapphire 

negative  nisfit  •  crack  along  the  inter-  e.vtended  beyond  the  edge  of  the  metal  i  Crack  in- 

face.  Systems  with  positive  misfit  when  inspected  with  itiation  did  not  occur  at  the  ceramic  metal  interface, 

light  microscopy  revealed  continuous  perimeter  but  instead  nucleated  in  the  ceramic  at  a  distance 

cracks  with  no  sign  of  internal  cracking.  In  order  to  ?:  15  ptn  from  the  interface.  The  crack  angle  <p  with 

observe  the  trajectory  of  these  cracks  in  detail,  the  respect  to  the  interface  was  consistently  in  the 


Calculated  121  zone  Calculated  1212  zone 


Fig.  4.  (a)  Calculated  and  observed  electron  diffraction  Fig.  4,  Continued,  (b)  Calculated  and  observed  electron 
pattern:  >■  phase.  diffraction  pattern:  a,  phase.  (Continued  overleaf.) 
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inclination  o  of  these  cracks  decreased  with  distance 
from  the  specimen  edge.  EJgi'  cracks  occurred  in  the 
ceramic  parallel  to  the  interface  at  distances  of 
50  100/1  m  from  the  interface  and  e.xtended  almost 
coniinuousis  over  the  cross-section  Further  section¬ 
ing  and  polishing  revealed  that  these  cracks,  which 
are  traces  of  new  perimeter  crack >.  formed  at  the  new 
surface  introduced  by  sectioning  and  initiated  at  a 
"stand  off"  distance  from  the  interface  3t50/im. 

For  systems  having  negative  misfit  (misht  strain. 
rT5:5x  10'*)  no  cracking  was  observed  in  the  as- 
cooled  samples.  However,  sectioning  introduced 
flaws  that,  in  some  cases,  initiated  visible  cracks. 
These  cracks  formed  near  the  edge  and  propagated 
along  both  interfaces  (Fig.  7).  No  cracking  was  ob¬ 
served  in  the  ceramic.  The  cracks  propagate  on  a 
variety  of  interface  paths:  within  the  reaction  product 
layer,  along  the  reaction  product/sapphire  interface, 
and  along  the  reaction  product/alloy  interface. 

3.  SOME  RELATED  MECHANICS 


Calculated  111  zone 

Fig.  4.  Continued,  (c)  Calculated  and  observed  electron 
diffraction  pattern:  a  phase. 


range  62-64^  Following  initiation,  the  cracks  curved 
in  a  continuous  trajectory,  turning  parallel  to  the 
interface  at  a  distance  on  the  order  of  the  metal  layer 
thickness,  before  arresting. 

Sectioning  and  polishing  led  to  additional  cracking 
having  the  features  illustrated  in  Fig.  6.  Two  types  of 
cracks  were  present.  Periodic  small  zone  cracks  weie 
apparent  near  the  interface  (within  10  gm),  but  did 
not  extend  into  the  reaction  product  layer.  The  initial 


Information  about  the  initiation  of  cracks  can  be 
gained  from  the  principal  tensile  stress.  Crack  trajec¬ 
tories  are  addressed  by  evaluation  of  the  crack  path 
along  which  the  mode  II  stress  intensity  factor  is  zero. 
The  stress  field  information  (1, 15]  is  summarized  in 
Fig.  8.  In  the  ceramic  close  to  the  interface,  the 
principal  tensile  stress  is  essentially  normal  to  the 
interface  near  the  center  but  around  the  perimeter  is 


Fig.  S.  (a)  A  precrack  that  penetrates  the  reaction  product 
layer  and  blunts  at  the  alloy  interface.  {Continued  on 
facing  page.) 
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Fig.  5  Continued,  (b)  Crack  (rajectors  when  testing  to  obtain  the  fracture  energy  note  the  periodic  branch 
cracks  in  the  reaction  product  layer  and  the  roughness  of  the  interface 


a)  As  -  Bonded 


b)  Center  Section 


Fig.  6.  A  summary  of  cracking  patterns  observed  in  the  sapphire  for  systems  with  positive  misfit 


B\RTi  rn  . 
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inclined  at  /(  5;  30  .  Along  the  periphery,  the  principal 
stresses  arc  tensile  within  a  narrow  boundary  layer 
near  the  interface.  This  stress  is  high  but  the  stress 
gradient  is  also  large.  A  crack  in  this  layer  experi¬ 
ences  an  energy  release  rate  (i  that  reflects  both 
the  stress  amplitude  and  gradient  (Fig.  9).  Conse¬ 
quently.  G  exhibits  a  maximum  at  a  characteri.stic 
stand-off  distance  proportional  to  the  metal  layer 
thickness. 

When  cracks  develop  into  a  length  comparable  to 
a  characteristic  specimen  dimension  (such  as  cither 
the  metal  or  ceramic  layer  thickness)  interaction  with 
the  boundaries  occurs  [4.  16,  17.  19],  These  inter¬ 
actions  tend  to  deflect  the  crack  into  a  A.',,  5;  0  path 
parallel  to  the  relevant  boundary,  at  a  distance 
proportional  to  the  layer  thickness.  The  most  com¬ 
prehensively  analyzed  examples  involve  cracks  in  a 
brittle  substrate  induced  by  residually  stressed  thin 
films  [16.17).  The  energy  release  rate  G  for  the 
example  of  a  crack  extending  along  hntli  interfaces 


of  a  symmetric  specimen  has  the  non-dimensional 
form  (I.  18] 

G  Et  Tii  —  1 1 ) 

where  2d  is  the  metal  layer  thickness.  < ,  is  the  mistit 
strain.  £  is  a  composite  modulus  and  O  is  a  cracking 
number  ^  I . 

4.  .\N.aiV.VSlS  OF  CR.4f  KlNO 

The  general  cracking  features  can  be  related  tii  the 
sign  of  the  misfit  strain.  Pouiit  c’  misfit  (x,  ,,  :>  ) 

leads  to  a  negatin'  A,  for  interfacial  edge  cracks  [1] 
Such  cracks  are  thus  suppressed  and  fracture  would 
occur  preferentially  in  the  sapphire  Conversely,  for 
negative  misfit  (x,,,,,,  <  x.^;.,,  ).  edge  cracks  experience 
a  posUne  A,  along  the  interface  [1]  and  interface 
failure  would  be  encouraged.  Further  details  are 
sensitive  to  the  overall  geometry  and  the  crack  lo¬ 
cation.  For  positirc  misfit  the  initiation  of  the  crack 


Fip  X  Principal  tensile  stress  fields  for  a  system  subicct  to 
positive  misfit. 


Fig.  9.  A  schematic  of  trends  m  the  energy  release  rate  for 
cracks  in  the  sapphire  near  the  interface  The  stand-off 
distance  is  given  by  the  location  at  which  (r  allains  its 
maximum  value 
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in  the  sapphire  reflects  the  above  stress  field  and 
energy  release  rate  information.  The  perimeter  and 
edge  cracks  appear  to  be  dominated  by  the  stress  in 
the  tensile  boundary  layer  (Fig.  8),  whereupon  their 
nucleation  at  a  stand-off  distance  from  the  interface 
is  in  accordance  with  energy  release  rate  consider¬ 
ations  (Fig.  9).  The  subsequent  extension  of  these 
cracks  into  a  trajectory  parallel  to  the  interface  is 
consistent  with  the  known  characteristics  of  K,i  =  0 
trajectories  (16,  17]. 

The  formation  of  the  :one  cracks  reflects  the 
characteristics  of  the  principal  tensile  stress  in  the 
sapphire,  near  the  interface  (Fig.  8).  The  variation  in 
the  orientation  of  these  cracks  with  distance  from  the 
edge  is  consistent  with  the  principal  tensile  stress 
trajectories.  However,  the  absence  of  such  cracking 
into  the  interface  is  not  understood,  given  the  com¬ 
parable  values  of  the  fracture  energies  of  the  interface 
and  the  sapphire.  It  is  presumed  that  the  a„  com¬ 
pression  in  the  sapphire  near  the  interface  (Fig.  8) 
prevents  the  zone  cracks  from  reaching  the  interface. 

For  negative  misfit,  the  interface  near  the  edge 
experiences  residual  tension  and  cracking  would  be 
expected  to  occur  preferentially  at  the  edge.  The 
available  energy  release  for  this  process,  based  on 
equation  (1)  is  O  5:25Jm'^.  Comparison  with  the 
measured  value  of  the  interface  fracture  energy 
r,  %  17Jm‘^  confirms  that  this  G  is  sufficient  to 
induce  interface  cracks.  Undulating  cracks  paths 
within  the  reaction  product  layer  suggest  detailed 
interactions  involving  elastic  mismatch  and  residual 
stress  due  to  the  presence  of  the  reaction  layer  (19], 

5.  CONCLUDING  REMARKS 

Residual  stresses  have  been  shown  to  lead  to 
cracking  of  a  metal/ceramic  bonded  system.  Systems 
subject  to  a  positive  misfit  (a^ioy  >  *aijOj)  crack  in 
the  ceramic,  while  those  with  negative  misfit 


(Stuoy  <  KaijO))  along  the  interface.  Based  on  infor¬ 
mation  about  the  residual  stress  field,  as  well  as  the 
fracture  energies  of  the  sapphire  and  the  interface, 
most  of  the  cracking  features  have  been  rationalized. 
The  effects  of  specimen  boundaries  on  crack  trajec¬ 
tories  within  the  sapphire  have  also  been  shown  to  be 
in  agreement  with  existing  understanding. 
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THE  FRACTURE  ENERGY  OF  INTERFACES:  AN  ELASTIC 
INDENTATION  TECHNIQUE 

J.  B.  DAVIS,  H.  C.  CAO,  G.  BAO  uid  A.  G.  EVANS 
Materials  Department.  College  of  Engineering.  University  of  California,  Santa  Barbara,  CA  93106,  U.S.A. 

(Received  22  June  1990) 

Abatract — Debonding  of  thin  refractory  coatings  between  two  oxides  has  been  investigated  by  developing 
a  new,  simple  indentation  test  technique.  The  method  is  based  on  a  Hertzian  indentation  approach, 
modified  to  incorporate  crack  propagation  down  an  interface  plane  beneath  and  parallel  to  the  indented 
surface.  The  test  n^ethod  has  bm  analyzed  using  finite  elements  and  the  results  validated  by  experiments 
on  homogeneous  soUds.  Test  materials  have  been  selected  to  distinguish  coatings  capable  of  debonding 
from  those  immune  from  debonding.  The  implications  for  fiber  coatings  suitable  for  use  in  high 
temperature  oxide  based  composites  have  been  discussed. 

R6sam6 — Nous  avons  etudie  la  decohtsion  de  revetements  refractaires,  de  faible  epaisseur  entre  deux 
oxydes,  en  developpant  une  technique  nouvelle  et  simple  d’essais  d’indentation.  Cette  mithode,  basee  sur 
une  approche  d’in^tation  hertzienne,  a  etc  modifiw  pour  tenir  compte  de  la  propagation  des  fissures 
le  long  d’un  plan  d’interfaoe  parallele  et  sous-jacent  i  la  surface  indentee.  Cette  mithode  d'essais  a  ete 
analyses  en  utilisant  les  elements  finis  et  les  lesultats  exp6rimentaux  obtenus  sur  des  solides  homogenes. 
Les  materiaux  testes  ont  ete  choisis  en  distinguant  tant  dm  revetements  capables  de  se  decoller  que  d'auties 
qui  ne  le  sont  pas.  Nous  discutons  I'importance  de  nos  lesultats  par  le  choix  des  revetements  de  fibre 
utilisables  dans  les  composites  de  haute  temperature  i  base  d’oxydes. 

Tassmnsinfsssiaig — Das  Abldsen  dunner  iiberziige  aus  Refraktormaterialien  zwischen  zwei  Oxiden  witd 
mittels  der  Entwicklung  eines  neuen.  einfachen  Endruckiwrsuches  analysiert.  Die  Methode  baut  auf 
etner  Hertzschen  Naherung  des  Stempeleindrucks  auf  und  wird  modifiziert,  um  die  RiBausbreitung 
entlang  einer  Gtenzflache  unterhalb  undparallel  zur  eingedruckten  Obetflicfae  zu  erfassen.  Diese  Method 
wird  mit  finiten  Elementen  anaisrsiert:  &perimente  an  homogenen  Festkotpem  bestitigen  den  Ansatz. 
Untenuchungsmaterialien  wutden  ausgew^t,  um  zwischen  uberzugen  unterscheiden  zu  konnen,  die  sicb 
abldsen  und  die  dem  Abldsen  widerstehen.  Die  Bedeutung  fur  Faseruberzuge,  die  itir  die  Verwendung  in 
Hochtemperaturmaterialien  auf  Oxidbasis  geeignet  sind,  wetden  diskutiert. 


1.  INTRODUCnON 

A  basic  mechanics  framework  for  characterizing  the 
fracture  resistance  properties  of  bimaterial  interfaces 
has  been  established,  based  on  the  critical  strain 
energy  release  rate  (or  equivalently  the  fracture 
energy,  fj)  and  the  phase  angle  of  loading,  7  [1-3], 
The  latter  is  a  measure  of  the  fracture  mode  mixity, 
betiveen  shear  and  opening.  Furthermore,  the  formu¬ 
lism  whereby  data  may  be  used  for  the  inter¬ 
pretation  of  such  phenomena  as  fiber  debonding  in 
composites  [4,  3]  and  coating  decohesion  [S-7]  has 
been  established.  A  suite  of  test  methods  has  also 
been  developed  that  allows  measurement  of  FiiV) 
over  a  range  of  7  [2, 8, 9],  Some  Tj  data  on  interfaces 
have  been  generated  using  these  techniques.  However, 
the  preparation  and  testing  of  specimens  typically 
involves  several  intricate  steps.  Consequently,  it  has 
not  been  possible  to  quickly  evaluate  the  fracture 
properties  of  interfaces  and  thereby  identify  classes 
of  interface  that  exhibit  debonding,  resist  decohesion, 
etc.  The  intent  of  the  present  article  is  to  describe  an 
indentation  test  that  can  be  used  to  quickly  and 
accurately  explore  the  fracture  energy  of  interfaces 
(Fig.  1). 


Other  attempts  have  been  made  to  devise  inden¬ 
tation  tests  to  measure  Tj  for  interfaces  [10, 1 1], 
These  have  been  based  primarily  on  elastk/plastic 
indentation  procedures,  such  as  a  Vickers  in^ter. 
However,  the  elastic/plastk  fields  are  complex  and, 
consequently,  relationships  between  r,  and  the  inden¬ 
tation  load  P  are  approximate.  These  methods  have 
thus  had  limited  an>lic8l^ty.  Superior  accuracy  in 
relating  Tj  and  P  should  be  possible  when  indenution 
is  conducted  with  a  spherical  indenter  in  the  elastic 
range:  analogous  to  Hertzian  fracture  in  homogeneous 
brittle  solids  [12]  (Fig.  1). 


Fig.  I.  A  schematic  of  the  test  geometry  and  the  cracking 
patterns  associated  with  the  elastic  indentation  technique. 
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As  a  prelude  to  studies  that  examine  interface  crack 
growth,  a  summary  of  the  Hertzian  fracture  problem 
is  appropnate.  Herman  cracks  initially  propagate 
normal  to  the  surface  and  then  rotate  into  a  trajectory 
having  constant  cone  angle.  P  (Fig.  1).  The  behavior 
at  small  crack  lengths  is  complex.  However,  dimen¬ 
sional  analysis  indicates  that,  for  cracks  in  the  constant 
cone  angle  range  [3] 

£r,/?^P=  =  a(v)cos/J(v)  (1) 

where  P  is  the  load,  R  is  the  cone  crack  radius  (Fig.  8), 
E  is  Young’s  modulus,  is  the  fracture  energy,  v  is 
Poisson's  ratio  and  x  is  a  coefficient.  Experimental 
results  for  glass,  with  v  %  0.2S,  coupled  with  stress 
analysis,  have  suggested  that  [13]  x%2.2xl0~’. 
However,  detailed  effects  of  v  on  a  and  have  not 
been  specifically  addressed.  A  preliminary  feature  of 
the  present  analysis  is  thus  the  application  of  finite 
element  methods  to  clarify  the  Hertzian  cone  crack 
problem.  The  ensuing  insights  establish  a  basis  for 
finite  element  analysis  of  crack  extension  along  the 
interface,  in  accordance  with  the  geometry  indicated 
in  Fig.  1. 

The  present  calculations  and  most  previous  analyses 
[14]  are  based  on  the  premise  that  elasticity  prevails 
throughout  the  indentation  cycle.  However,  other 
parameters  enter  the  problem  when  elastic  response 
at  the  contact  zone  is  violated.  Important  inelastic 
effects  include  frictional  tractions  at  the  contact 
induced  by  elastic  property  differences  between  the 
indenter  and  the  indented  surface  [15],  as  well  as 
plasticity  either  within  the  indented  material  or  in  the 
coating.  Usually,  such  non-linearities  are  manifest  in 
crack  extension  as  the  indentor  load  is  removed  [IS]. 
Consequently,  m  situ  observations  of  cracking  provide 
one  check  on  the  utility  of  the  elastic  analysis. 

The  experimental  approach  is  described  and  illus¬ 
trated  for  test  specimens  consisting  of  either  glass  or 
sapphire,  in  conjunction  with  a  variety  of  diffusion 
bonded  interfaces,  involving  oxides,  refractory  metals 
and  intermetallics  (Table  1).  Comparison  between 
the  numerical  solutions  and  the  experimental  results 
provides  a  calibration  of  the  test  specimen  and 
also  generates  fracture  energy  data  on  interfaces  of 
practical  interest. 

To  facilitate  such  interpretations,  it  is  noted  that 
sapphire  exhibits  anisotropy  in  the  fracture  energy. 
Consequently,  the  experiments  are  conducted  with 
{0001 }  as  the  indented  surface,  in  order  to  minimize 
effects  of  anisotropy  in  T^.  However,  the  anisotropy 


Table  I 


Coaling  maleriat 

Bonding 

temperature 

(C) 

Homologous 

temperature 

iTITJ 

Compositional 

changes 

YA‘ 

IKK) 

0.54 

Yes 

l-ZrO,  (Y,0,) 

tJOO 

0.48 

— 

tn-ZrOj* 

tm 

0.48 

No 

Mo 

1450 

0.56 

No 

TiAl 

1050 

0.69 

Yes 

‘Denotes  that  both  sputtered  and  sol  gel  coatings  were  used. 


Still  influences  the  crack  iraieciort  and  ihc  assiviaied 
value  of  r. .  Prior  research  [16]  has  indicated  that  the 
relatively  weak  planes  in  sapphire  [16],  t.'IOTo;  and 
|Toi2|i.  have  T.  ^  12-20  Jm  v  Conversely,  fracture 
on  the  basal  planes  |000l|  is  prohibitively  diflicult: 
r,  >80Jm--. 

2.  EXPERIMENTAL 

2.1.  Specimen  preparation 

Specimens  suitable  for  indentation  testing  of  inter¬ 
faces  are  produced  by  diffusion  bonding.  To  create 
these  bonds,  thin  discs  of  cither  sapphire  or  glass  are 
mechanically  polished  on  one  face  to  achieve  good 
planarity.  Coatings  of  the  second  material  are  then 
produced  on  the  polished  surfaces  either  by  physical 
vapor  deposition  or  by  sol  gel.  as  elaborated  else¬ 
where  [17].  The  coatings  have  thickness  in  the  range 
0.4-6  pm.  The  coated  surfaces  are  put  in  contact  and 
emplaced  in  the  bonding  fixture,  subject  to  a  pressure 
of  ~  1  MPa.  The  bonding  fixture  is  then  subjected  to 
a  diffusion  bonding  cycle  that  depends  largely  on  the 
melting  temperature  of  the  coating  material  (Table  I ). 
The  diffusion  bonding  is  conducted  in  vacuum 
(<10  *  torr). 

2.2.  Coating  characteristics 

The  sputtered  coatings  have  a  characteristic 
columnar  microstructure  [Fig.  2(A)].  However,  after 
diffusion  bonding,  various  microstructural  changes 
are  apparent  [17].  The  sol  gel  coatings  have  a  very 
different  initial  microstructure,  but  yield  essentially 


Fig.  2.  Coating  microstnictures  revealed  by  scanning  elec¬ 
tron  microscopy  (A)  after  physical  deposition  (Mo  coating); 
(B)  after  diffusion  landing  (Mo  coating). 
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Fig.  3.  A  cone  crack  in  glass  revealed  by  optical  microscopy 
with  oblique  incident  illumination. 


the  same  post-bonding  microstructural  characteristics, 
except  that  they  have  greater  porosity.  In  some  cases, 
reactions  occur.  Notably,  the  YjOj  and  TiAl  coatings 
react  with  the  sapphire  to  form  various  alumimite 
and  aluminide  reaction  products.  In  particular,  Y^Oj 
reacts  with  the  Al-O,  to  form  YAG,  as  determined 
by  X-ray  analysis.  Conversely,  the  pure  ZrOj  and 
Mo  coatings  are  non-reactive.  Furthermore,  the  pure 
ZrO,  coating  is  monoclinic  at  room  temperature 
whereas  ZrO^  (3%  Y^Oj)  coatings  are  tetragonal:  a 
feature  that  may  offer  insight  into  their  different 
fracture  behaviors.  All  coatings  are  also  subject  to 
substantial  grain  growth  during  bonding.  The  resultant 
coating  microstructure  typically  consists  of  equiaxed 
grains  having  dimensions  comparable  to  the  coating 
thickness,  often  with  substantial  interspersed  porosity 
[Fig.  2(B)]. 

2.3.  Test  procedure 

The  indentation  tests  are  conducted  with  a  12.5  nun 
diameter  WC  sphere.  The  surfaces  to  be  indented  are 
lightly  abraded  to  introduce  surface  flaws  that  allow 
ready  nucleation  of  cone  cracks  beneath  the  indented 
surface.  A  thin  Teflon  film  is  placed  between  the  sur¬ 
face  and  the  indenter  to  minimize  non-linear  effects 
associated  with  frictional  sliding  within  the  contact 
area.  Also,  a  die  penetrant  is  used  to  highlight  the 
crack  features.  In  the  present  experiments,  the  trans¬ 
parency  of  the  glass  and  sapphire  allow  in  situ  optica! 
observation  of  the  cracks.  Through  such  observations, 
it  is  found  that  cone  cracks  nucleate  in  the  indented 
material  and  propagate  stably  toward  the  interface  as 
the  load  is  increased.  Upon  reaching  the  interface. 


Fig.  4.  Trends  in  cone  crack  radius  R  with  load  P  obtained 
for  glass,  plotted  in  accordance  with  the  parameter  P/R^'^ 
suggested  by  equation  (1). 


two  extremes  of  behavior  are  encountered.  In  some 
cases,  the  cone  crack  continues  through  the  coating 
into  the  lower  substrate  matenal.  In  other  cases, 
the  crack  jumps  along  the  interface,  then  arrests 
and  thereafter  propagates  steadily  as  the  load  on  the 
indenter  is  furtW  increased.  The  analysis  for  evaluat¬ 
ing  the  fracture  energies  of  coated  interfaces  applies 
only  when  the  second  behavior  obtains.  Debond  crack 
growth  upon  unloading  has  not  been  observed  when 
the  above  test  procedure  is  implemented. 

2.4.  Results 

A  series  of  cone  crack  experiments  has  first  been 
conducted  on  soda  lime  glass  and  (0001)  sapphire.  In 
these  experiments,  the  crack  diameter  2 /I,  is  monitored 
in  situ  using  a  low  magnification  optical  microscope 
(Fig.  3).  In  some  cases,  the  surfaces  are  also  immersed 
in  oil  to  limit  access  of  hydroxyl  ions  to  the  crack  and 
thus  minimize  effects  of  stress  corrosion.  Some  typical 
results  for  the  soda  lime  glass  are  plotted  on  Fig.  4, 
using  the  normalization  suggested  by  equation  (1), 
P/R^‘.  For  the  glass  experiments,  the  cone  angle 
achieved  subsequent  to  initial  crack  formation  is  sym¬ 
metric  and  constant,  such  that  =  22*  (Fig.  3).  For 
sapphire,  some  asymmetry  exists  and  the  cone  angle 
is  larger:  on  average  This  angle  tends  to 

increase  as  the  crack  approaches  the  bottom  surface 
of  the  indented  plate. 


Fig.  5.  Optical  micrographs  of  debond  cracks  obtained 
with  a  sol  gel  m-ZrO-  coating  viewed  from  beneath  the 
indentation. 
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Fig.  6.  (A)  A  SEM  view  of  an  exposed  cone  obtained  with 
a  Mo  coating;  (B)  an  optical  micrograph  of  debond  crack 
of  Mo  coating  viewed  from  beneath  the  indentation. 


Expehments  have  also  been  conducted  for  interfaces 
between  sapphire  and  the  four  refractory  coatings 
described  in  Table  1.  The  tests  revealed  that  the  cone 
crack  extends  through  the  coatings  into  the  substrate 
when  either  Y2O3  (sputtered  and  sol  gel),  sputtered 
V-TiAl,  sol  gel  partially  stabilized  ZrOj  and  sputtered 
pure  ZtOj  coatings  are  used.  Conversely,  the  crack 
extends  down  the  interface  when  either  sol  gel  pure 
ZtO:  or  sputtered  Mo  coatings  are  present.  In  some 
cases,  the  debond  cracks  obtained  with  the  sol  gel 
Z1O2  coatings  are  not  symmetrical  (Fig.  S),  indicating 
that  the  bonds  are  subject  to  local  variability,  perhaps 
due  to  microstructural  variations  (i.e.  porosity)  across 
the  bonded  surfaces. 

To  provide  a  vivid  visualization  of  the  cone  crack 
and  the  interface  debond,  a  section  around  an  indent 
from  a  specimen  of  a  Mo  coating  on  sapphire  has 
been  detached  and  examined  in  the  scanning  electron 
microscope  (Fig.  6).  This  view  of  the  indent  fracture 
reveals  several  features.  Debonding  along  the  AI2O3/ 
Mo  interface  has  clearly  occurred.  Cone  cracking  in 
the  sapphire  has  attained  a  near  constant  trajectory 
state,  similar  to  that  obtained  in  homogeneous  sap¬ 
phire,  with  %  30' .  However,  upon  interaction  with 


the  “weak"  interface,  the  cone  angle  increases  and  the 
crack  seemingly  extends  into  the  interface  with  a  cone 
angle  —  n  1. 

3.  ANALYSIS  OF  THE  INDENTATION  SPECIMEN 

Hk  elastic  indentation  test  has  been  analyzed  using 
a  finite  element  procedure,  based  on  the  ABAQL'S 
code.  The  finite  element  mesh  is  illustrated  in  Fig.  7. 
The  first  problem  to  be  addressed  concerns  the  cone 
crack  in  a  homogeneous,  isotropic  elastic  half  space. 
To  facilitate  the  analysis,  the  cone  crack  is  considered 
to  have  attained  a  constant  cone  angle  configuration. 
Consequently,  the  initial  growth  of  the  cone,  which 
occurs  subject  to  a  larger  cone  angle,  is  not  simulated. 
The  error  introduced  in  this  step  is  negligible  when 
the  cone  crack  is  fully  developed:  i.e.  when  R  is 
appreciably  greater  than  the  radius  of  the  contact 
area. 

The  analysis  is  conducted  by  calculating  both  the 
mode  1  and  mode  II  stress  intensity  factors  and 
the  calculation  iterated  for  different  cone  angles,  until 
that  angle  which  gives  K-- «  0  is  identified.  This  pro¬ 
cedure  is  used  because  cracks  in  isotopic  brittle  solids 
occur  along  trajectories  having  (1,7].  The 

results  of  this  analysis  reveal  that  the  preferred  cone 
angle,  p,  changes  with  the  Poisson’s  ratio  v  of  the 
material.  The  importance  of  Poisson's  ratio  had  been 
implied  in  previous  studies  [14].  The  non-dimensional 
energy  release  rate,  x  =  ECR^IP^,  is  evaluated  and 
plotted  as  a  function  of  crack  size  R  for  various  cone 
angles  P  (Fig.  8)  to  verify  that  x  independent  of 
R.  These  trends  in  x  cone  angle  provide  a  basis 
for  connecting  with  other  studies  [13]  (equations  (I) 
and  (2)].  The  present  analyas  indicates  an  explicit  con¬ 
nection  between  the  non-dimensional  energy  release 
rate  and  P,  such  that 

X  s  EGR^IP^ »  ^  tan*  p.  (2) 

A  substantial  effect  of  the  cone  crack  angle  on  the 
energy  release  rate  is  apparent.  Moreover,  for  glass 


a, 


CONE  CRACK  PROBLEM 

Fig.  7.  The  finite  element  mesh  used  to  compute  the  energy 
release  rale  G  and  the  phase  angle  of  loading,  V. 
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Fig.  8.  The  non-dimensiooal  energy  release  rate  as  a 
function  of  crack  radius  for  several  values  of  cone  angle. 


s  22°)  the  values  of  x  from  equation  (2)  and  from 
equation  (I)  i^re  comparable. 

Further  analysis  considers  the  cone  crack  expanding 
radially  outward  along  a  "weak”  interface  parallel  to 
the  surface.  The  speafic  problem  of  interest  concerns 
a  thin  coating  between  two  like  materials  and,  conse¬ 
quently.  to  first  order,  the  energy  release  rate  G  and 
the  phase  angle  of  loading  V'  can  be  calculated  as  if 
the  system  were  an  isotropic  elastic  body  [6].  Then, 
the  small  correction  to  V  caused  by  the  thin  coating 
layer  can  be  made  based  on  the  elastic  mismatch  with 
the  coating,  as  well  as  the  coating  thickness.  These 
calculations  have  been  conducted  for  cone  angles 
applicable  to  the  present  materials  (P  »  20-30°).  The 
results  reveal  (Fig.  8)  that  after  the  cone  crack 
intersects  the  interface,  the  non-dimensional  strain 
energy  release  rate  diminishes  as  the  crack  extends, 
while  V  increases.  Again,  the  non-dimensional  C 
depends  strongly  on  the  cone  angle,  p.  These  curves 
may  be  used  to  determine  interface  fracture  energies 
when  the  crack  propagates  down  the  coating  interface 
and  when  elastic  contact  conditions  operate,  as 
described  below. 

4.  INTERPRETATION  OF  RESULTS 

Based  on  the  above  energy  release  rate  solutions, 
load/crack  radius  data  may  be  used  to  determine 
critical  energy  release  rates  (or  fracture  energies).  The 
results  obtained  for  glass  (Fig.  4)  provide  fracture 
energies  (T^  of  8-10  Jm"’)  compared  with  literature 
values,  Tc  %  8  Jm~^t  Interpretation  of  the  results  for 
sapphire  is  somewhat  complicated  by  its  elastic  and 


tEUstic  mismatch  between  the  indenter  and  indented 
material  appears  to  lead  to  systematic  errors  in  the 
measurement  of  T,  the  sign  and  magnitude  of  which 
depend  on  the  materials  used.  This  error  arises  primarily 
from  friction  in  the  contact  region  [IS]  and  idealizations 
of  point  loading  in  the  analysis.  If  necessary,  this  source 
of  error  can  be  minimized  by  experimental  calibration. 


lo:? 

fracture  anisotropy.  .Nevertheless,  salues  oiT.  evalu¬ 
ated  using  the  measured  cone  angle,  p.  and  assuming 
elastic  isotropy  indicate  values  in  the  range  25-30 
Jm  -.  comparable  with  literature  values  lor  :  1010! 
and  ;I0T2|  [16].  Results  obtained  for  the  coatings, 
interpreted  using  Fig  8.  indicate  that  for  .Mo.  F  =35 
Jm  '‘  and  for  sol  gel.  m-ZrO-.  F  =  l5-20Jm  ■ 

5.  IMPLICATIONS  FOR  FIBER  COATINGS 

The  present  interface  fracture  energy  results  have 
immediate  implications  for  oxide  matrix  composites 
reinforced  with  sapphire  fibers,  based  on  the  debond¬ 
ing  diagram  [18]  summarized  in  Fig.  9.  Specifically, 
sol  gel  m-ZrO;  and  Mo  are  viable  coatings,  whereas 
Y;0,,  TiAl.  and  t-ZrO-  are  unacceptable  and  should 
not  be  used.  More  specifically,  when  basal  plane 
(c-axis)  oriented  sapphire  fibers  are  used,  having  a 
fracture  energy,  Ff«25Jm'^  both  sol  gel  m-ZrO- 
and  Mo  coatings  have  fracture  energies  in  the 
debonding  range  (Fig.  9).  However,  for  sol  gel  m- 
ZrO:  coatings,  debonding  may  only  occur  when  the 
fibers  are  inclined  to  the  crack  plane  normal,  and  are 
probably  unsuitable  for  other  fiber  orientations,  since 
FfS:  l2-20Jm'‘.  The  m-ZrO;  and  Mo  coatings  are 
also  thermochemically  and  morphologically  stable  at 
elevated  temperature  and  thus  have  high  temperature 
potential.  One  obvious  limitation  of  Mo  coatings 
concerns  the  tendency  toward  formation  of  a  volatile 
oxide.  However,  other  refractory  metals  less  prone  to 
oxidation  degradation  (such  as  Ta.  W,  Nb)  may  also 
prove  viable. 

Another  nouble  feature  of  the  preceding  resulu 
is  that  the  fiber  coatings  that  give  debonding  are 
expected  to  be  in  residual  compression.  The  Mo  should 
be  compressed  because  it  has  a  smaller  thermal 
expansion  coefficient  than  ALO,.  The  m-ZiOj  is  in 
compression  because  of  the  dilation  that  accompanies 
the  martensite  transformation.  This  feature  may  be 
important  because  residual  compression  in  coatinp 


Fig.  9.  Debond  diagram  for  sapphire  fiber  reinforced 
composites  with  various  fiber  coatings. 
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tends  to  trap  cracks  in  the  interlace  bv  suppressing 
crack  kinking  into  the  coating  [19].  Porosiiv  in  the 
coating  ma>  also  be  important,  because  the  oni> 
apparent  difference  between  the  sputtered  m-ZrO; 
which  does  not  debond  and  the  sol  gel  in  m-ZrO;  that 
does  debond  is  the  e.xistence  of  appreciable  porosit> 
in  the  latter. 

6.  CONCLLDING  REMARKS 

.A  simple,  elastic-indentation  procedure  capable 
of  measunng  the  fracture  energy  of  thin  embedded 
coalings  has  been  devised,  analyzed  and  calibrated. 
A  diffusion  bonding  procedure  for  preparing  test 
specimens  has  also  been  desenbed  and  used  to  produce 
specimens  containing  several  refractory  coatings:  in¬ 
cluding  oxides,  intermetallics  and  metals.  Application 
of  this  test  to  these  coating  systems  has  demonstrated 
the  utility  of  the  approach.  In  particular.  Y;0:  and 
TiAl  coatings  have  been  showrn  to  both  react  with  and 
to  bond  well  with  AUO,  and  thus  are  unacceptable 
for  AKO,  fibers  and  composites.  Conversely.  Mo  and 
porous  m-ZrO-  satisfy  the  basic  thermochemical  and 
thermomechanical  requirements  for  AKO,  composites 
and  have  potential  as  debond  coatings. 
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INTERFACES  BETWEEN  ALUMINA  AND  PLATINUM: 
STRUCTURE,  BONDING  AND  FRACTURE  RESISTANCE 

M.  DE  GRAEFH.  B.  J.  DALGLEISH’,  M.  R,  TURNER'  A.  G.  EVANS' 
'Maieriab  Oepartinent,  College  of  Engineering,  University  of  California,  Santa  Barbara,  CA  93106-S050 
and  'Materials  and  Mineral  Engineering  Department,  Hearst  Mining  Building,  University  of  California, 

Berkeley,  CA  94710,  U  S.A. 

Atitiact — ^Various  diffusion  bonded  interfaces  have  been  produced  between  Pt  and  either  sapphire 
or  polycrystalline  A1]0,.  The  structure,  honding  and  fr^ure  resistance  of  these  interfaces  have 
been  exarnined,  as  well  as  the  infuence  of  intervening  silicate  phases,  both  amorphous  and  crystalline. 
It  is  found  that  the  intrinsic  fracture  resistance  T,  of  the  Pt/sapphire  interface  is  high,  especially  when 
Pt  has  an  epitaxial  orientation  with  respect  to  the  sapphire.  The  fracture  resistance  is  subsuntially 
degraded  by  amorphous  silicate  phases  at  the  interface,  even  when  discontinuous,  but  is  not 
adversely  ■nP'wtK**!  by  crystalline  silicates.  By  contrast,  the  silicate  phase  enhances  the  diffusion  bonding 
and  facilitates  fomution  of  void-free  bonds.  This  duality  in  the  role  of  silicates  is  a  major  feature  of  this 
article. 

Rtamf — Diverses  interfaces  lites  par  diffusion  sont  itaborees  entre  du  platine  et  soit  du  saphir,  soit  de 
I’alumine  polycristalline.  La  structure,  la  liaison  et  la  resistance  a  la  rupture  de  ces  interfaces  sont  ^udiees, 
de  mtee  que  I'infliience  des  phases  si^tees  qui  se  produisent,  tant  amorphes  que  cristallisMS.  On  trouve 
que  la  rmtance  intrinsiqtte  a  la  rupture  de  Tinterface  Pt/sa|rfur  est  elevfe,  specialement  lorsque  Pt  a 
une  orientation  epttaxique  par  rapport  au  saphir.  La  resistance  4  la  rupture  est  considerablement  degradie 
par  les  phases  silicatees  amorphes  i  I’interface,  meme  lorsqu’elles  sont  discontinues,  m»i«  die  n*est  pas 
ddavorabiement  influence  par  les  silicates  cristallises.  Au  contraire,  ie  phases  silicatees  lenforcent  la  haiMn 
par  diffusion  et  facilitent  la  fomution  de  liaisons  exemptes  de  cavit^.  Cette  dualite  du  rdle  des  silicates 
est  un  aspect  nujeur  de  ce  travail. 

ZoaamaMoiaamBg — Verschiedene  diffusionsgefugte  Grenzflachen  werden  zwischen  Pt  und  Saphir  oder 
polykiistaUinem  Al]03  hergestellt.  Stniktur,  Wndung  und  Bruchwderstand  dieser  Grenzflichen  werden 
untersucht,  ebenso  der  EinfluB  eingelagerter  Sihkatphasen,  amorph  oder  kristallin.  Es  ergibt  sicb,  dafl 
der  intrinshKhe  Btuchwiderstand  T,  der  Pt/Sapbir-GrenzSadie  hoch  ist,  insbesonderc  wenn  Pt  epitaktisch 
zum  Saphir  orientiett  ist.  Der  Btuchwiderstand  witd  betrachtlich  verringert  dutch  eine  amotphe 
Silikatphase  an  der  Grenzflache,  auch  wetm  sie  diskontinuierheh  ist,  jedocb  nicht  gegenteilig  beeinfluBt 
wird  dutch  kristallines  Silikat.  Dagegen  vetsUrkt  die  StUkatphase  die  Diffusionshaflung  und  erleichtert 
die  Bildung  porenfteier  Verbindungen.  Diese  Dualitit  der  RoUe  des  Silikates  ist  wichtigstes  Anliegen  dieser 
Arbeit. 


1.  INTRODUCTION 

Attention  has  been  given  to  the  structure  and  the 
thermodynamics  of  the  interface  between  aluminum 
oxide  and  platinum  [1].  However,  there  have  been  no 
reported  attempts  at  measuring  the  fracture  resist¬ 
ance  of  such  interfaces  and  relating  these  resistances 
to  the  structure,  chemistry  and  microstnicture.  The 
principal  intent  of  the  present  article  is  to  address  this 
issue.  The  emphasis  is  on  interfaces  generated  at 
elevated  temperatures  by  a  diffusion  boning  process. 
Both  sapphire  and  a  commercial  polycrystalline 
alumina  are  used,  in  conjunction  with  polycrystalline 
Pt.  Since  commercial  polycrystalline  AI2O3  contains 
silicates,  insight  regarding  their  effect  on  bonding 
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and  fracture  is  gained  by  conducting  experiments 
with  a  layer  of  silica  deposited  onto  sapphire  prior  to 
diffusion  bonding  with  Pt. 

Previous  studies  on  comparable  interfaces  (2-5] 
have  indicated  strong  effects  on  the  fracture  energy, 
Fi  of  plasticity,  of  reaction  products  and  of  the 
atmosphere,  coupled  through  the  interface  frac¬ 
ture  mechanism  [4,  Sj.  Crack  extension  along 
interfaces  without  reaction  products  may  occur 
either  by  ductile  void  growth,  by  brittle  debonding 
or  by  coupled  debonding  with  plasticity  [6].  Inter¬ 
face  cracking  involving  plasticity  often  occurs  by 
a  debonding  mechanism  operating  at  interfadal 
defects  ahead  of  the  interface  crack  front,  whereas 
brittle  debonding  occurs  by  direct  bond  rupture  at 
the  crack  front  itself  The  dominant  mechanism 
(among  these  possibilities)  governs  the  role  of  such 
parameters  as  yield  strength,  work  of  adhesion, 
metal  thickness,  environment  and  interface  defect 
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population  The  present  experimental  stud>  pro¬ 
vides  new  information  about  the  relative  importance 
of  some  of  these  variables. 


2.  MATERIALS 

Basal  plane  oriented  sapphire  was  acquired  and 
carefully  polished.  High  purit>  platinum  foils  were 
obtained  from  Johnson-Matthey  (99.99%)  and 
Engelhard  (99.95‘fo)  having  thickness  25-250 /rm. 
Polycrystalline  AEO,  was  obtained  from  Coors;  this 
material  was  ^-99. 5%  AEOj,  with  the  remaining 
phases  consisting  of  silicates,  generally  in  the  amor¬ 
phous  state.  DiflTusion  bonds  between  either  the 
sapphire  or  polycrystalline  alumina  and  the  Pt  foils 
were  made  in  a  sandwich  geometry,  wherein  the  foil 
was  placed  between  the  two  polished  alumina  plates 
[5].  Prior  to  bonding,  the  sapphire  and  Al^O,  plates 
were  dry  pre-annealed  at  lOOO  C  for  2  h  and  the  Pt 
foil  was  dry  pre-annealed  for  2h  at  1200  C.  Two 
different  furnaces  were  used  for  this  purpose.  One 
furnace,  designated  A,  had  been  used  only  for  diffu¬ 
sion  bonding.  The  other,  designated  B,  was  a  multi¬ 
purpose  air  annealing  furnace.  As  demonstrated 
below,  the  choice  of  annealing  furnace  had  a  pro¬ 
found  effect  both  on  the  diffusion  bonding  and  the 
resultant  interface  fracture  energy.  Consequently, 
hereafter  the  bonds  are  designated  A  or  B,  according 
to  the  furnace  used  for  pre-annealing.  Following 
pre-annealing,  a  small  load  was  applied  to  the  sand¬ 
wich  layer,  the  system  placed  within  a  vacuum  fur¬ 
nace  and  the  temperature  raised  to  1450°C.  At  this 
temperature,  an  additional  load  corresponding  to  a 
stress  of  -  5  MPa  was  applied  for  12  h  to  achieve  the 
diffusion  bonding.  Thereafter,  the  system  was  cooled 
to  room  temperature,  with  the  load  still  applied. 


Fig.  I.  Successive  stages  of  the  sample  preparation  pro¬ 
cedure;  (a)  cutting  geometry;  (b)  position  of  dimple,  relative 
to  the  interfaces:  (c)  incident  ion  beams  graze  along  the 
metal  layer:  and  (d)  geometry  of  the  semi-circular  quartz 
shields  on  the  ion-mill  platform. 


Fig.  2.  Optical  observation  of  Pt-sapphire  interfaces, 
(a)  A  bonds,  (b)  A  bonds  coated  with  a  I(X)  nm  thin  SiO^ 
layer  and  (c)  B  bonds. 


Subsequently,  diamond  sawing  and  grinding  were 
used  to  prepare  test  specimens  from  the  bonded 
plates.  Some  bonded  materials  were  produced  by  first 
depositing  a  thin  (approximately  100  nm)  silica  layer 
onto  basal  plane  sapphire  by  reaction  sputtering  and 
then  diffusion  bonding  with  Pt. 


3.  PROCEDURES 

Mechanical  measurements  were  made  primarily 
with  the  mixed  mode  flexure  specimen  (2-51.  The 
basic  test  procedures,  elaborated  elsewhere  [4],  are 
briefly  described.  A  row  of  Vickers  indentations  was 
placed  along  the  center  line  of  the  thinner  AI2O] 
layer.  The  specimen  was  loaded  in  three-point  flexure 
with  the  indentation  on  the  tensile  surface.  Loading 
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was  continued  until  a  crack  formed  and  propagated 
to  the  interface.  The  crack  arrest  load  was  recorded. 
Following  this  precracking  step,  further  testing 
was  conducted  in  four-point  flexure,  with  the 
loading  performed  within  an  optical  microscope  to 
allow  in  situ  observation  of  interface  crack  growth. 
These  tests  were  conducted  in  air.  In  some  cases, 
mode  1  tests  were  conducted  on  notched  beams 
(wherein  the  notch  was  prefabricated  into  the 
bonded  structure)  and  the  specimen  tested  to  frac¬ 
ture. 

Specimens  fractured  in  accordance  with  either 
of  the  above  test  procedures  were  examined  in  the 
scanning  electron  microscope  (SEM).  Emphasis  was 
placed  on  the  interfacial  fracture  surfaces,  wherein 
both  the  morphological  and  chemical  characteristics 
were  examined.  In  some  cases.  Pt  and  sapphire 
fracture  surfaces  were  examined  by  atomic  force 
microscopy  (AFM)  on  a  Nanoscope  II  from  E>igital 
Instruments.  In  other  cases.  XPS  was  used  to  inves¬ 
tigate  fracture  surfaces.  When  interface  fracture 
could  not  be  induced,  some  aspects  of  the  interface 
were  studied  by  using  HF  dissolution  to  separate 
the  layers  and  expose  the  as-bonded  Pt  interface. 

Transmission  electron  microscopy  (TEM)  has 
emphasized  sections  normal  to  the  interface.  Be¬ 
cause  of  the  very  different  ion-milling  rates  of  AljOj 


and  Pt,  a  new  thinning  method  was  developed  for 
preparing  samples  suitable  for  transmission  electron 
microscopy  observations.  Cross  section  samples 
were  cut  from  the  as-bonded  plates  using  a  low 
speed  diamond  saw.  Circular  samples  (^mm  diam¬ 
eter)  were  cut  from  these  beams,  using  an  ultrasonic 
cutter 

(Fig.  1(a)].  The  samples  were  ground  (3-4  at  a  time) 
down  to  about  80-100 )im  using  30  or  15/im  paste. 
One  side  was  polished  with  1  /tm  diamond  paste. 
The  unpolished  side  was  dimpled  on  a  Dimple 
Grinder,  using  6  and  3/im  diamond  pastes  with 
;>im  paste  used  for  final  polishing.  The  dimple  was 
displaced  relative  to  the  top  of  the  metal  layer.  The 
distance  between  the  center  of  the  dimple  and  the 
interface  is  crucial  for  later  success  in  the  ion¬ 
milling  step:  a  distance  of  about  O.S-0.8  mm  is  opti¬ 
mum.  The  geometry  of  the  sample  after  dimpling  is 
shown  in  Fig.  1(b).  The  final  thickness  of  the 
sample  at  the  dimple  center  was  IO-lS//m.  For  ion 
thinning,  the  off-center  position  of  the  metal-cer¬ 
amic  interface  is  oriented  with  respect  to  semi-circu¬ 
lar  shields  [Fig.  1(d)]  such  that  ions  only  graze  the 
metal  layer  [Fig.  1(c)].  The  ion  milling  conditions 
are:  5kV,  1  mA,  at  13-17",  two-sided  milling. 

All  TEM  observations  were  carried  out  on  a 
JEOL  4(X)0FX  analytical  transmission  elecuon 
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microscope,  operated  at  350  and  400  kV.  This  micro¬ 
scope  is  equipped  with  high  angle  X-ray  (Tracor)  and 
parallel  EELS  (GATAN)  detectors  with  an  optica) 
fiber  imaging  system.  Some  electron  diffraction  was 
performed  on  a  JEOL  200CX,  operated  at  200  kV. 
All  crystallographic  computations  and  diffraction 
pattern  simulations  were  conducted  on  a  Vaxsiation 
3200  with  the  EMS-software  [7], 

4.  OBSERVATIONS 

The  diffusion  bonds  produced  using  sapphire  were 
amenable  lo  preliminary  observation  in  the  optical 
microscope.  Fracture  surfaces  in  B  bonds,  which  were 
susceptible  to  interface  fracture,  could  also  be  studied 


tRccall  that  A  and  B  refer  to  the  designation  of  the 
pre-annealing  furnace. 

JPiior  experience  with  sapphire -Au  interfaces  (4.  5)  has 
facilitated  explicit  definition  of  these  features. 


by  SEM  and  AFM.  However,  interface  fracture  could 
not  be  induced  in  A  bonds  and  SEM  information 
could  only  be  obtained  on  the  Pt  interface  after 
separation  of  the  bond  by  HE  dissolution.  The  results 
of  optical  observations  are  summarized  in  Fig.  2.  The 
A  bonds+  exhibit  three  basic  types  of  contrast 
{Fig.  2(a)].  (i)  Linear  features  outline  those  regions 
that  did  not  bond  during  the  diffusion  bonding  cyclej 
[Fig.  2(a)].  (ii)  Within  the  area  that  bonded,  a  con¬ 
tinuous  network  delineates  the  grain  boundaries  in 
the  Pt  (and  defines  the  grain  size),  (iii)  Finally,  faint 
lines  within  the  network  may  relate  to  facetting  on  the 
sapphire.  Similar  regions  appear  in  the  A  bonds 
formed  with  the  silica  layer  [Fig.  2(b)].  except  that  the 
area  fraction  of  debonded  interface  was  substantially 
smaller,  and  the  grain  structure  in  the  Pt  less  visible. 
The  B  bondst  [Fig.  2(c)]  exhibit  only  one  form  of 
contrast.  There  is  no  evidence  of  unbonded  regions. 
The  observed  contrast  relates  to  ridges  that  form  on 
the  sapphire  tn  the  bonding  process,  at  the  location 
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of  the  gram  boundarieb  m  the  Pi.  Note  that  this 
"gram  boundars"  contrast  is  more  distinct  than 
that  in  A  bonds  [Fig  2iai]  Furthermore,  the  con¬ 
trast  IS  more  evident  in  the  B  bonds  produced  using 
the  thicker  dOO^ii  Pt  foils  The  average  gram  size 
of  the  Pt  in  B  bonds  is  smaller  than  in  A. 

A  direct  visualization  of  the  continuous  net¬ 
work  delineating  the  Pi  grams  in  B  bonds  is 
provided  b\  SEM  observations  of  the  fracture 
surfaces  [Fig.  3(a.  b)].  which  reveal  ridges  on  the 
sapphire  side  of  the  fracture  surface  that  coincide 
with  depressions  at  the  gram  boundanes  in  the 
Pt.  That  the  linear  features  are  ndges  rather 
than  depressions  on  the  sapphire  and  vice  versa 
is  established  by  AFM  traces  across  the  fracture 
surface  [Fig.  3(c)].  Such  studies  also  established 
that  the  maximum  height  of  the  ridges  was  approxi¬ 
mately  450  nm.  Some  of  these  ridges  were  deter¬ 
mined  by  EDX  to  contain  appreciable  quantities 
of  Ca  and  Si.  No  evidence  of  these  species  could 
be  detected  on  the  interface  between  the  ridges. 
These  impurities  must  arise  from  the  pre-annealing 
furnace,  by  deposition  of  either  vapor  or  particu¬ 
late  Ca,  Si,  O  species  originating  from  the  furnace 
walls.  Similar  furnace  effects  have  been  found  in 
other  studies  performed  with  AFOj  [8]. 

There  were  no  indications  of  species  other  than 
Pt  on  the  metal  side  of  the  fracture  surface  (either 
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Fig.  6.  Direct  observations  of  the  fracture  mechanism  at  the 
Pt-sapphire  B  interface,  (a)  Initial  interface,  (b)  debond 
(arrowed)  forming  at  the  silicate  ridges,  (c)  schematic  of  the 
crack  growth  mechanism. 


Fig.  5.  SEM  of  fracture  surface  of  interface  produced  with 
polycrystalline  AIjO,;  (a)  A1,0,  side  showing  the  outline  of 
the  amorphous  interphase:  (b)  Pt  side. 


as  adhering  particles  or  from  EDX  determi¬ 
nations).  The  Pt  interface  produced  in  A  bonds 
revealed  after  dissolution  with  HF,  provided 
another  visualization  of  the  regions  that  did  not 
bond  during  the  diffusion  bonding  cycle.  Based 
on  these  observations,  there  appear  to  be  three 
principal  differences  between  A  and  B  bonds,  (i) 
Bonding  is  more  complete  in  B  than  in  A.  (ii)  The 
Pt  grain  size  is  smaller  in  B  than  in  A.  (iii)  Impu¬ 
rities  (especially  Ca  and  Si)  are  involved  in  the 
bonding  achieved  with  B. 

An  additional  characteristic  of  B  bonds  revealed 
by  AFM  is  of  significance.  On  both  fracture  sur¬ 
faces,  features  that  appear  to  be  “voids"  that 
remain  after  diffusion  bonding  are  evident  (Fig.  4). 
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Such  "voids "  are  also  visible  in  ihe  optical 
images  (Fig.  2)  However,  AFM  traces  across 
these  features  indicate  that  they  are  depressions 
in  the  Pi  (Fig.  4)  but  hillocks  tn  the  sapphire 
Furthermore,  by  using  EDX,  Si  and  some  Ca 
could  be  detected  at  the  hillocks  on  the 
sapphire  side  of  the  fracture  surface,  suggesting 
that  a  lenticular  silicate  phase  exists  at  these  lo¬ 
cations. 

The  polycrystalline  AI^Oj  is  opaque  and  not 
amenable  to  optical  observation.  Reliance  has  thus 
been  placed  on  SEM  observations  of  fracture  sur¬ 
faces.  The  key  observation  is  that  the  AljO,  side 
of  the  fracture  surface  has  a  smooth  appearance 
with  frequently  occurring  outlines  that  circumvent 
voids  and  other  defects  at  the  interface  [Fig.  S(a)]. 
These  features  suggest  that  a  thin  amorphous  layer 
exists  at  the  interface.  A  study  of  this  surface  by 
XPS  has  established  the  presence  of  Si,  consistent 
with  an  amorphous  silicate  layer  having  formed 
during  diffusion  bonding.  On  the  Pt  side  of  the 
fracture  surface,  there  is  evidence  of  adhering  par¬ 
ticles  [Fig.  5(b)l,  but  otherwise,  there  are  no  EDX 
indications  of  species  other  than  Pt.  Interface  deco¬ 
hesion  thus  appears  to  have  occurred  at  the 
Pt-silicate  interface. 


5.  FRACTURE  RESISTANCE 

Attempts  at  measuring  the  Pt-sapphire  inter¬ 
face  fracture  re.sistance  using  the  mixed  mode  flex¬ 
ure  specimen  were  only  successful  for  B  bonds. 
The  fracture  resistance  was  obtained  from  the 
measured  propagation  load  and  the  specimen  di¬ 
mensions  [2],  Results  obtained  for  25  and  100  nm 
thick  Pt  layers  are,  rj  =  40  and  20Jm'^  respect¬ 
ively.  Most  notable  is  the  lower  fracture  energy 
measured  for  the  Pt  with  the  larger  metal  layer 
thickness.  This  is  contrary  to  a  trend  found  for 
bonds  between  sapphire  and  Au  [5],  as  well  as 
for  layer  thickness  eflects  described  below  for 
interfaces  between  Pt  and  polycrystalline  AljOj. 


Fig.  7.  Eflects  of  Pt  thickness  on  the  mode  I  nominal 
interface  fracture  energy  for  Pt-polycrystalline  AIjO,. 
Results  for  Au-AljO,  bonds  are  also  shown. 
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Fig.  8.  (a)  Experimental  [101]p,-[45.0]s  zone  axis  pattern 
and  (b)  computation  of  this  geometry  for  a  [OO.I]sl|[l  1 1.,,, 
(2TO)s.i|(l2l)t,  orientation  relation. 

For  A  bonds,  following  precracking,  further  crack¬ 
ing  renucleated  in  the  lower  AI2OJ  layer,  and  only  a 
lower  bound  of  lOOJm"*  could  be  assigned  to  the 
interface  fracture  resistance. 

Direct  observation  of  crack  growth  in  B  bonds  in 
the  optical  microscope  revealed  that  crack  extension 
involved  debonding  events  that  originated  ahead  of 
the  crack  front  (Fig.  6).  The  debonding  commenced 
at  the  silicate  ridges  along  the  Pt  grain  boundaries 
and  proceeded  to  decohere  the  intervening  interface. 
Such  debonding  was  most  extensive  in  the  B  bonds 
produced  with  the  thicker  (KXl^m)  Pt  foil.  Little 
time-dependent  crack  extension  was  detectable,  con¬ 
trasting  with  the  strong  effects  found  in  the 
Au-AljOj  system  [4], 

Experimental  information  obtained  on  bonds 
between  Pt  and  polycrystalline  AljOj  consisted  of 
prenotched  mode  1  flexure  tests.  While  these  are 
not  valid  fracture  resistance  tests  (because  pre- 
cracks  were  not  introduced  along  the  interface) 
the  trends  with  the  Pt  layer  thickness  are  of 
interest  (Fig.  7).  Notably,  the  nominal  mode  I 
fracture  resistance  increases  as  the  metal  layer 
thickness  increases  and  extrapolates  to  F,  % 
4Jm'^  at  zero  thickness.  Mode  I  results  obtained 
on  interfaces  between  Au  and  polycrystalline 
AI2O3  are  included  for  comparison. 
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Fig.  9.  Computed  zone  axis  pattern  for  a  (00.1]j  =  [lllj|>, 
zone  axis  in  the  same  orientation  relation  as  in  the  previous 
figure. 


6.  TRANSMISSION  ELECTRON  MICROSCOPY  OF 
INTERFACE 

6.!.  Sapphire  I  Pt  interfaces 

Electron  difTraction  analysis  of  A  bonds  revealed 
epitaxial  growth  of  Pt  on  the  substrate.  The 
observed  orientation  relationship  is  (00.1]||[lll]  and 
(2T.0)||(I  2l).  The  experimental  difTraction  pattern 
and  a  computer  simulation  (kinematical  approxi¬ 
mation)  are  shown  in  Fig.  8.  This  orientation 
relation  corresponds  to  a  19.1  rotation  of  the 
close  packed  directions  in  the  Pt-layer  with  respect 
to  the  underlying  close  packed  oxygen  plane.  This 
rotation  angle  is  reminiscent  of  a  frequently  occur¬ 
ring  orientation  relationship  in  systems  with  inter- 
calant  layers,  wherein  the  intercalant  layer  has  an 
effective  in-plane  lattice  parameter  ^  7  times  that 
of  the  substratet  and  rotated  by  19.1°.  Further¬ 
more,  a  similar  rotation  was  previously  observed 
for  epitaxial  Cu  and  Pt  on  basal  sapphire  [1]. 
Superposition  of  the  {0001]  and  [III]  zone  axis 
patterns  results  in  the  geometry  of  Fig.  9.  The 
slightly  different  in-plane  lattice  parameter  rep¬ 
resents  a  lattice  mismatch  of  1%.  This  causes 
strain  contrast  observed  at  several  locations  along 
the  interface.  The  sapphire  surface  also  shows  mul¬ 
tiple  surface  steps  with  a  step-height  of  approxi¬ 
mately  3  nm.  The  Pt-layer  follows  the  steps 
perfectly.  Occasionally,  amorphous  regions  were 
observed  about  ISOnm  thick  and  up  to  about 
600  nm  in  extent  along  the  interface.  In  such  regions, 
the  epitaxy  between  metal  and  sapphire  was 
locally  imperfect.  Energy  dispersive  X-ray  analysis 
(EDS)  of  the  amorphous  regions  reveals  Ca,  Si  and 
Al;  parallel  electron  energy  loss  spectroscopy 
(PEELS)  shows  the  presence  of  oxygen.  The  relative 
concentrations  of  Ca.  Si  and  AI  indicate  that  this 
amorphous  phase  is  related  to  anorthite. 

In  one  sample,  an  intermetallic  reaction  zone 
exhibiting  a  domain  structure  was  found  (Fig.  10); 


tin  the  Pt-sapphire  system,  this  occurs  even  though  there  is 
no  simple  relation  between  the  two  in-plane  lattice 
parameters:  0.2747  nm  for  sapphire  and  0.2774  nm  for  Pt 

in. 


different  onentation  variants  alternate  with  Pt 
regions.  EDS-analysis  suggested  a  composition 
close  to  Pt;Al.  Electron  diffraction  analysis  of  this 
phase  resulted  in  the  zone  axis  patterns  shown  in 
Fig.  ll(a.  b).  Pt-Al  is  orthorhombic,  having  a  space 
group  Pntma.  a  =  1.629nm.  0.392  nm.  t  = 

0.543nm.  with  24  atoms  per  unit  cell  (9].  This  struc¬ 
ture  is  shown  in  Fig.  11(c).  m  a  {OlOl-proieciion. 
Note  the  wavy  character  of  the  (OOll-plancs  Based 
on  these  unit  cell  data,  the  experimental  patterns 
[Fig.  I(a.  b)]  were  successfully  simulated,  using  kine¬ 
matical  diffraction  theory  [Fig.  Il(d.  e)].  Pattern 
1 1(d)  is  obtained  by  superimposing  two  orientation 
variants  of  the  Pt^AI  structure.  There  are  a  total 
of  3  different  variants  with  respect  to  the  perfect 
Pt-structure;  two  obtained  by  rotating  the  original 
cell  by  90  around  the  6-axis,  the  third  has  the  long 
axis  perpendicular  to  the  plane  [Fig.  11(e)].  PEELS 
observations  did  not  reveal  O  in  the  intermetallic. 
EDS  measurements  in  the  Pt  away  from  the  inter- 
metallic  indicated  a  solid  solution  of  up  to  10  at 
%  Al. 

Observations  of  B  bonds  indicated  that  the 
majority  of  Pt  grains  are  randomly  oriented, 
although  some  grains  are  in  epitaxial  orientation 
with  respect  to  the  sapphire.  A  thin  amorphous 
interlayer,  with  composition  similar  to  that  of 
the  amorphous  region  in  A,  was  frequently  ident¬ 
ified  at  junctions  between  two  or  more  Pt  grains 
and  the  interface  (Fig.  12).  This  phase  is  believed 
to  coincide  with  the  ridges  found  in  the  SEM 
and  AFM  (Fig.  4).  High-resolution  microscopy 
suggests  that  the  amorphous  phase  is  confined  to 
the  junction  and  is  not  continuous. 

A  new  epitaxial  relationship  was  also  found  in 
some  cases.  A  diffraction  pattern  (Fig.  13)  of  the 
[2T.0]  sapphire  zone  axis  with  a  slightly  misoriented 
[lOQ]  Pt  zone  axis  suggests  the  following  orientation 
relationship:  [2T.0]sll[100]p,  and  (03.0)sll(0Tl)p,. 
Hence,  the  (01 1)p,-plane  is  parallel  to  the  basal  plane 
of  sapphire.  The  lattice  mismatch  in  this  orientation 
is  small:  the  mismatch  parameters  are  0.98%  for  the 
[I00]p,  direction  and  1.06%  for  the  perpendicular 


Fig.  10.  Low  nuignification  micrograph  of  a  Pt^AI  reaction 
zone  close  to  the  Pt-sapphire  interface;  different  orientation 
variants  are  indicated  with  arrows. 
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Fig.  1 1.  (a)  (OlOJ  and  (b)  [OOlj  experimental  diffraction  patterns  for  the  Pl;AI  intermetallic  (orthorhomb'c. 
Pmma).  (c)  structure  drawing  projected  along  the  (OlOJ  axis,  (d)  and  (e)  computed  zone  axis  patterns 
corresponding  to  (al  resp.  (b)  Open  and  filled  circles  m  (d)  refer  to  two  orientation  variants 


direction.  This  mismatch  can  be  accommodated 
either  by  misfit  dislocations  or  a  misorientation  of 
the  metal  layer,  as  apparent  from  the  diffraction 
pattern  (Fig.  l.f). 

6.2.  Sapphire-silka-Pt  interfaces 

Electron  diffraction  observations  of  the  interface 
formed  with  a  thin  layer  of  silica  indicate  that  the 
silica  layer  has  become  crystalline  and  that  the  three 
materials  (Pt,  silica  and  sapphire)  are  single  crystals 
over  distances  of  several  millimeters.  Diffraction  pat¬ 
terns  indicate  that  the  (2T.0]  sapphire  zone  axis  is 


parallel  to  the  (111]  zone  axis  of  low  crystobalite:  a 
tetragonal  form  of  silica,  with  lattice  parameters, 
a  =■  0.497  nm  and  c  =  0.693  nm,  and  space  group 
/’4, 2,2.  The  [III]  crystobalite  zone  axis  is.  in  turn, 
parallel  to  the  [123]  Pt  zone  axis.  The  orientation 
relation  is  completed  by  the  indices  of  the  parallel 
laitic  planes'.  (U Tip,,  (10  Tin  (00.1  Ij.  Computed  elec¬ 
tron  diffraction  patterns  and  experimental  zone  axis 
patterns  for  the  two  interfaces,  as  well  as  the  orien¬ 
tation  relations  [Fig.  I4(a-d)]  reveal  that  the  rotation 
for  the  close  packed  oxygen  and  metal  planes  is  again 
19.1  .  As  illustrated  in  the  micrograph  of  Fig.  15.  the 
interfaces  of  crystobalite  with  both  sapphire  and  Pt 
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Fig.  12.  Low  magnification  micrograph  of  a  Pt-grain  bound¬ 
ary  (G.B.)  close  to  the  interface;  there  is  an  amorphous  layer 
filling  the  triangular  opening.  The  mottled  contrast  in  the  Pt 
regions  is  caused  by  ion  milhng  damage. 


are  flat  and  well  defined.  The  crystobalite  layer  is 
about  60-70  nm  thick.  There  is  no  evidence  of  either 
Al  or  Ca  in  the  layer  at  the  resolution  limits  of  the 
EDS  system.  The  absence  of  such  elements  probably 
accounts  for  the  formation  of  the  crystalline  SiO, 
phase,  rather  than  the  amorphous  phase  formed 
with  the  polycrystalline  AI2O3.  Several  twins  were 
observed  in  the  crystobalite.  The  twin  plane  is  of  the 
<01  Tltc'fypc  and  is  perpendicular  to  the  interface. 
Occasionally,  twins  parallel  to  the  interface  were 
observed.  Low  crystobalite  is  extremely  radiation 
sensitive.  After  approximately  20$  in  a  focussed 
200  kV  beam,  the  illuminated  region  becomes  com¬ 
pletely  amorphous. 


7.  DISCUSSION 
7.].  Diffusion  bonding 

Differences  observed  in  the  diffusion  bonding 
characteristics  in  the  Pt-sapphire  system  found 
between  A  and  B  bonds,  as  well  as  between  A 
bonds  with  and  without  SiO^,  provide  important 
insights.  The  complete  diffusion  bonding  evident 
with  P  N>nds  suggests  more  rapid  diffusion  induced 
by  the  .  morphous  silicate  phase  created  by  the  Ca, 
Si  impurities.  This  could  occur  by  a  liquid  phase 
mechanism,  assuming  some  solubility  of  the  Pt 
(and/or  ALOj)  in  the  silicate  [8].  In  support  of  this 
hypothesis  is  the  occurrence  of  the  silicate  phase  at 
the  interface  “voids”  (Fig.  4).'t  One  paradox  with  the 
liquid  phase  mechanism  that  needs  further  investi¬ 
gation  is  the  apparent  absence  of  a  continuous  phase 
at  the  interface,  which  would  be  needed  as  a  rapid 


transport  medium  for  the  Pt.  throughout  the  bonding 

sequence. t 

An  amorphous  silicate  having  similar  compo¬ 
sition  also  appears  to  be  involved  in  the  diffusion 
bonding  of  Pt  with  polycrystalline  AKO,.  imply¬ 
ing  a  liquid  phase  mechanism.  However,  in  this 
instance,  a  continuous  amorphous  phase  has  been 
identified  at  the  interface.  The  apparent  difference 
in  amorphous  phase  continuity  may  be  related 
either  to  compositional  differences  or  to  orientation 
effects  (associated  with  the  basal  plane  in  A1;0) 
having  a  lower  interface  energy  with  Pt  than  other 
planes). 

The  enhanced  sintering  of  A  bonds  induced  by 
the  crystalline  SiO-  layer  may  also  be  caused  cither 
by  a  greater  diffusivity  of  the  Pt  (in  either  the  SiO} 
layer  or  at  the  SiO^-Pt  interface)  or  by  a  relatively 
smaller  Pt-SiO^  interface  energy  compared  with 
Pt-AljOj.  The  present  experimental  results  are 
unable  to  distinguish  between  these  possibilities. 
However,  the  absence  of  alkali  impurities,  such  as 
Ca,  which  allow  this  phase  to  remain  crystalline. 
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tThis  observation  only  appears  explicable  if  precipi¬ 
tation  occurred  at  interface  voids  during  cooling,  by 
exsolution  from  the  Pt:  a  phenomenon  documented  in 
the  Nb-AljOj  system  [lOJ. 

}A  continuous  phase  present  at  the  bonding  temperature 
is  not  precluded  by  the  TEM  conducted  at  room 
temperature. 


-0.0  o 

Fig.  13.  (a)  Experimental  and  (b)  computed  zone  axis 
patterns  for  the  [2T.0]I|[I00]„  orientation  relation.  Note  that 
the  Pt  crystal  is  slightly  misaligned  in  the  experimental 
pattern. 


would  diminish  the  diffusivity  c.  mp  -  Ted  with  the 
amorphous  silicates. 

7.2.  Fracture  resistance 

The  overall  comparisons  between  the  measure¬ 
ments  of  fracture  resistance  and  the  characteristics  of 
interface  structure  have  revealed  some  important 
trends.  The  interfaces  formed  with  polycrystalline 
AI2O3  resulted  in  a  lower  fracture  resistance  than 
those  formed  with  sapphire.  The  thin,  amorphous 
silicate  layer  present  at  the  interface  with  polycrys- 
talline  AI2O3  appears  to  have  a  key  influence  on  the 
fracture  resistance.  This  assertion  is  consistent  with 
the  magnitude  of  the  fracture  resistance  as  extrapo¬ 
lated  to  zero  Pt  layer  thickness  (ri«4Jm”^),  whicL 
is  about  equal  to  the  bulk  fracture  resistance  of 


oxide  glasses  [1 1].  Furthermore,  the  linear  increase  in 
fracture  energy  with  increase  in  Pt  layer  thickness 
infers  an  influence  of  plasticity  on  Ti  in  qualitative 
accordance  with  models  of  the  effects  of  plastic 
dissipation  [4]. 

The  consistently  larger  F j  obtained  for  Pt-sapphire 
bonds  than  for  Pt-'Ai203  indicates  that  this  interface 
has  an  intrinsically  greater  fracture  resistance  than 
that  associated  with  the  amorphous  layer.  However, 
the  differing  fracture  characteristics  for  the  A  and  B 
bonds  indicate  important  effects  of  impurities  on  the 
fracture  resistance.  Present  evidence  suggests  that  the 
effect  relates  to  debond  nucleation  in  the  crack  tip 
freld,  at  the  silicate  ridges  formed  by  the  Ca,  Si 
imourities  (Fig.  6(c)],  rather  than  by  homogeneous 
segregation.  Since  these  ridges  are  amorphous,  they 
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Fig.  15.  Low  magnification  micrograph  of  the  crystobalite 
layer  at  the  interface.  The  arrows  and  indices  indicate  the 
normals  to  the  planes  parallel  to  the  interface  (close  packed 
planes  in  both  sapphire  and  Pt). 


would  be  expected  to  decohere  at  fracture  energies 
characteristic  of  that  noted  above  for  the  amorphous 
interface  formed  with  the  polycrysulline  AljO,.  Fur¬ 
thermore,  the  high  density  of  such  ridges  found  in  B 
bonds  produced  with  the  thicker  (100  pm)  Pt  foils  is 
qualitatively  consistent  with  the  important  influence 
of  the  ridges.  Otherwise,  the  thicker  layer  would  be 
expected  to  have  the  higher  r,,  as  found  for  bonds 
between  Au  and  sapphire  (5],  as  well  as  the  bonds 
between  Pt  and  polycrystalline  AIjO,. 

The  interface  fracture  mechanism  in  B  bonds,  com¬ 
pared  with  A,  must  also  reflect  differences  in  interface 
orientation.  The  essentially  random  Pt-AljO,  inter¬ 
face  orientation  exhibited  by  B  is  presumed  to  cause 
the  interface  between  ridges  to  have  a  lower  work  of 
adhesion  relative  to  the  epitaxial  interfaces  prevalent 
in  A.  Consequently,  the  debonds  that  originate  at  the 
silicate  ridges  are  able  to  extend  and  coalesce  along 
the  Pt-AIjO]  interface,  resulting  in  crack  growth 
(Fig.  6(c)].  Interface  crack  growth  by  debonding 
ahead  of  the  crack  previously  has  been  found  for  the 
AU-AI2O3  system  [5],  provided  that  stress  corrosion 
is  suppressed  by  excluding  moisture  from  the  test 
environment.  The  apparent  absence  of  time  depen¬ 
dent  crack  growth  in  Pt-ALO.  bonds  suggests  that 
this  system  is  less  susceptible  to  stress  corrosion, 
consistent  with  the  fracture  occurring  by  debonding 
ahead  of  the  crack  front. 

The  inability  to  debond  the  interface  with  the 
intervening  crystobalite  phase  contrasts  with  the  rela¬ 
tively  low  r,  found  when  an  amorphous  silicate  phase 
forms  at  the  interface.  The  epitaxial  nature  of  the 
bond  from  Pt  to  SiOj  to  AI2O3  undoubtedly  accounts 
for  the  good  bonding.  It  remains  to  be  determined 
whether  a  high  fracture  energy  occurs  between  Pt  and 
polycrysulline  Si02 . 

7.3.  Interface  structure  and  bonding 

The  (0001)11(111),  (21.0)11(1  5l)  (19.r  or  10.9°) 
orientation  relation  between  Pt  and  basal  sapphire 


found  in  the  A  bonds  has  previously  been  reported 
for  both  Cu  and  Pt  on  sapphire  (1);  the  lattice 
mismatch  was  66:65  for  Cu  and  120.121  for  Pi. 
However,  contrary  to  previous  assertions,  these  lat¬ 
tice  mismatch  ratios  should  not  be  used  as  “expla¬ 
nations”  for  the  observed  orientation  relations.  When 
two  hexagonal  networks  with  different  lattice  par¬ 
ameters  are  superimposed  in  an  arbitrary  orientation, 
it  is  always  possible  to  find  three  atoms  of  the  top 
lattice  which  coincide  with  three  atoms  of  the  sub¬ 
strate.  This  coincidence  only  requires  a  rigid  trans¬ 
lation  and  an  arbitrarily  small  change  in  lattice 
parameter  of  one  of  the  two  lattices.  Such  a  change 
effectively  results  in  a  lattice  mismatch  parameter  of 
unity,  when  computed  with  respect  to  these  atom 
positions.  Therefore,  this  parameter  is  not  a  good 
indicator  of  possible  orientation  relationships.  The 
locations  of  the  three  coinciding  atoms  define  two 
vectors,  which  can  be  used  as  the  base  vectors  for 
a  coincidence  lattice.  All  distortions  and  modu¬ 
lations  at  the  interface  must  be  periodic  within  this 
superlattice  (introduced  as  the  "0“-lattice  (12)). 

A  first  principles  approach  is  not  possible  with  the 
current  sute-of-the-art  algorithms.  The  number  of 
atoms  required  for  such  a  compuution  far  exceeds 
capacities.  Most  of  these  techniques  require  an  input 
structure  for  which  the  total  energy  is  minimized  with 
respect  to  the  lattice  parameter.  The  introduction  of 
imperfections  along  the  interface  would  then  require 
a  priori  knowledge  of  the  atomistic  equilibrium 
structure  of  the  interface. 

An  alternative  approach  (13, 14]  uses  the  reciprocal 
base  vectors  corresponding  to  the  coincident  site 
superlattice,  plus  a  model  interaction  potential,  and 
computes  the  interface  energy  as  a  function  of  misori- 
entation  angle.  The  necessary  input  for  such  a  calcu¬ 
lation  is  the  potential  energy  of  a  top  layer  atom  as 
a  futKtion  of  its  location  above  the  substrate.  For  the 
Pt-sapphire  system,  such  a  potential  might  be  derived 
from  a  self-consistent  cluster  molecular-orbital  model 
(IS)  for  contact  between  the  transition/noble  metals 
and  sapphire.  This  potential  function  could  be  used 
to  minimize  the  energy  across  the  interface  plus 
elastic  energy  due  to  the  distortions  in  both  materials 
with  respect  to  the  Fourier  components  of  the  distor¬ 
tion  parameters.  Again,  the  rotation  angle  between 
the  two  materials  cannot  be  treated  as  a  variational 
parameter,  because  the  superlattice  size  depends  on 
this  angle.  This  approach  will  be  pursued  in  future 
studies  in  an  attempt  to  provide  a  rationale  for  the 
observed  orientation  relationship. 


S.  IMPUCATIONS 

A  major  finding  of  the  present  research  has  been 
the  duality  associated  with  the  presence  of  an  amor¬ 
phous  phase  between  ceramic-meui  interfaces.  The 
amorphous  phase  accelerates  diffusion  bonding  and 
results  in  an  interface  with  a  small  area  fraction  of 
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defects  and  v(^.  However,  this  phase  leads  to  a 
reduced  interface  fracture  energy,  F,.  When  the 
amorphous  phase  is  continuous,  as  with  polycrys- 
talline  AI2O),  Tj  is  similar  to  that  for  amorphous 
oxides,  but  increases  as  the  metal  layer  thickness 
increases.  When  discontinuous,  F^  is  larger,  but 
still  much  less  than  that  for  the  “clean"  interface, 
and  the  interface  fracture  mechanism  involves 
debonding  at  amorphous  phase  ridges  ahead  of 
the  crack  front. 

The  key  influence  of  impurities  on  the  bonding 
and  fracture  behavior  of  t^  model  metal-oeramic 
interface  provides  an  incentive  to  conduct  sys¬ 
tematic  studies  of  these  efllxts.  Additionally,  new 
interface  fracture  techniques  will  need  to  be 
devised  in  order  to  measure  the  relatively  large 
values  of  Tj  that  apparently  obtain  for  “clean" 
interfaces. 
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Akatraet — Solid  state  diffusion  bonds  between  a  TafTi)  alloy  and  AljO,  have  been  used  to  study  the  effect 
of  reaction  products  on  the  fracture  resistance  of  a  metai/oeraniic  int^ace.  The  reaction  layer  consists 
of  brittle  intennetallics.  consistent  with  the  Ti-Ta-Al  ternary  phase  diagram.  The  interface  fracture  energy 
Tj  was  found  to  be  dominated  by  periodic  tunnel  cracking  of  the  reaction  products,  and  was  relatively 
insensitive  to  layer  thickness,  because  of  the  sdf-similar  nature  of  the  periodic  cracking.  The  contributioii 
to  r,  from  plastic  dissipation  within  the  alloy  ms  minimal  because  the  intervening  reaction  layer  inhibited 
yielding.  A  sequence  of  cracking  observations  «ras  used  to  bound  the  unknown  values  of  the  fracture 
energy  of  the  reaction  products,  the  residual  stress  within  the  layer  and  the  fracture  energy  of  the  reaction 
product/sapphire  interface. 


1.  INTBODUCnON 

Many  metal/ceramic  bonds  form  reaction  products 
(1, 2].  The  effects  of  these  reaction  layers  on  interface 
fracture  are  disparate,  as  illustrated  by  two  examples, 
(i)  In  the  system  Ni/Al^Os,  the  foimation  of  a 
NiAl204  spinel  layer  decreases  interface  tensile 
strength  [3],  (ii)  Conversely,  in  the  NiO/Pt  system,  the 
formation  of  a  NiPt  interlayer  increases  the  interface 
shear  strength  [4],  The  morphology  and  mechanical 
properties  of  the  reaction  (voducts  are  expected  to  be 
responsible  for  such  diverse  behavior. 

Interface  fracture  has  been  observed  to  proceed  in 
one  of  three  ways:  (i)  within  the  reaction  product 
layer  itself,  (ii)  at  either  of  the  interfaces  ana  (iii)  on 
an  alternating  path  between  the  interface  and  the 
reaction  zone.  These  observations  have  been  on  the 
systems,  TiAl/Nb  (5],  Ti/AljO,  [6]  and  Hf/Si,N4  [7], 
respectively.  However,  there  is  little  understanding  of 
the  relationships  between  the  properties  of  the  reac¬ 
tion  products  and  the  interface  fracture  mechanisms. 
To  provide  new  insight,  the  present  study  has  been 
conducted  on  interfaces  in  the  AljOj/TaCTi)  system 
that  forms  intermetallic  reaction  products  consistent 
with  the  Ti-Al-Ta  phase  diagram  (Fig.  1)  [8]. 
Measurements  and  observations  of  interface  decohe¬ 
sion  in  this  system  will  be  used  to  establish  the 
dominant  parameters  affecting  fracture,  including  the 
fracture  energy  of  the  reaction  products  and  the 
residual  stress  within  the  layer. 

The  existence  of  a  variety  of  fracture  paths  at 
metal/ceramic  interfaces  containing  reaction  prod¬ 
ucts  has  analogies  in  the  failure  of  brittle  adhesive 
joints  (9-1 1].  In  particular,  the  occurrence  of  either 
interface  or  adh^ve  failure,  as  well  as  the  energy 


required  for  crack  propagation,  have  been  shown  to 
depend  on  the  phw  angle  of  loading  (the  relative 
shear  at  the  crack  tip),  the  modulus  mismatch  and 
the  relative  fracture  energies  of  the  constituents. 
Such  analogies  will  be  used  to  facilitate  interpretation 
of  the  behavior  found  at  metal/ceramic  interfaces 
containing  reaction  products. 


2.  EXPERIMENTAL 

The  Ta(Ti)  alloy  was  produced  in  an  argon  atmos¬ 
phere  arc  OKlter,  with  composition  0.67  Ta-0.33  Ti, 
chosen  in  order  to  minimize  thermal  misfit  between 
the  alloy  and  the  sapphire  [12].  After  homogeniz¬ 
ation,  the  material  was  cold  rolled  to  I  mm  in  thick¬ 
ness  and  mechanically  polished.  The  sapphire  plates 
were  250  |im  in  thickness,  having  random  crystallo¬ 
graphic  orientation.  Bonds  were  fabricated  in  the 
geometry  indicated  on  Fig.  2(a).  The  bonding  tem¬ 
perature  was  1  lOOX.  Bonding  was  conducted  subject 
to  a  compressive  stress  of  3  MPa  for  1/2  h  at  an 
ambient  pressure  of  10'*  Torr.  The  cooling  rate  was 
S’C/min.  In  addition,  some  of  the  bonds  were  heat 
treated  at  IIOO°C  for  120  h  in  order  to  increase  the 
reaction  product  layer  thickness. 

Specimens  for  mechanical  testing  were  |»epared  by 
careful  diamond  sawing  and  polishing  to  dimensions 
~2S  X  1  X  I  mm  [Fig.  2(b)].  A  precrack  was  intro¬ 
duced  in  the  sapphire  perpendicular  to  the  interface 
by  first  indenting  with  a  Knoop  indenter  and  extend- 
ii%  the  associated  radial  crack  to  the  interface  by 
loading  in  three-point  bending.  The  sample  was 
subsequently  loaded  in  four-point  bending,  causing 
the  crack  to  propagate  along  the  interface.  The  mixed 
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Ti 


—  al/r<  Ta 

Fig.  1.  Ti-Ta-Al  ternary  phase  diagram. 


mode  interface  fracture  resistance  T  at  a  phase  angle 
%  SO  ,  was  then  obtained  from  the  load  required  to 
extend  the  crack  [13].  In  situ  observation  in  the  SEM 
allowed  detailed  study  of  the  cracking  mechanisms. 
Finally,  in  order  to  explore  the  effect  of  the  loading 
mode  on  the  fracture  mechanism,  in  some  cases,  mode 
/  cracks  (ijt  %  0)  were  introduced  at  the  interface,  by 
emplacing  200  N  Vickers  indents  in  the  ALO,.  near 
the  interface. 


3.  RESL'LTS 
3-1.  Reaction  products 

Bonds  produced  at  1100  C  for  l/2h  had  reaction 
products  with  a  thickness  of  ^5  pm  (Fig.  3(a)]. 
Energy  loss  spectroscopy  (PEELS)  measurements  in 
the  TEM  indicated  an  absence  of  oxygen  within  the 
reaction  layer,  at  the  detectability  limits  of  the  tech¬ 
nique,  consistent  with  the  reaction  products  being 
intermetallics.  The  formation  of  intermetallic  (rather 
than  oxide)  reaction  products  reflects  rapid  oxygen 


Saodhire 

_ -—4 

AHoy 

\ 

0.25  mm 


I 


1.5  mm 


(a) 


Precradt 


Fig.  2.  (a)  Schematic  of  geometry  used  for  diffusion  bond¬ 
ing.  (b)  Test  specimen  geometry  for  measuring  mixed-mode 
interface  fracture  resistance. 


diffusion  ihroiich  ihc  U>or  into  'oluiion  in  the  alloy, 
which  act'  .1'  an  o\y  gen  sink  Electron  diffraction  and 
energy  dispersive  \-ray  lEDSi  measurements  in  the 
TEM.  plu'  \-ray  diffraction  results  in  conjunction 
with  the  Ti-AI  Ta  ternary  (Fig  1 1.  identified  a 


Fig.  3.  Micrographs  showing  reaction  product  morphology, 
(a)  TEM  of  1/2  h  bond.  The  intermetallic  y-TiAl  adjoins  the 
sapphire,  the  u -phase  is  formed  adjacent  to  the  alloy,  with 
a;-Ti,AI  intervening  (b)  TEM  of  120  h  bond,  y  is  continuous 
and  adjacent  to  the  ALO,.  with  intermixed  a  and  82 
comprising  the  remainder  of  the  layer. 
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m  ^ 


TalTIl  1-0  pm 

Fig.  4.  Precrack  penetrating  the  reaction  product  layers  and 
terminating  at  the  reaction  product  alloy  interface. 


sequence  of  three  phases:  ■/,  ot>  and  a.  The  vTiAl 
was  adjacent  to  the  AljO^.  and  tr  adjacent  to  the 
alloy. 


The  bonds  subsequeniK  he.ii  treated  for  IZOh  at 
IKX)  C  had  a  reaction  product  laser  ^Zli  nrn  thick 
The  V  phase  was  again  continuous  and  adjacent  to  the 
sapphire,  but  its  thickness  had  increased  ti>  ^  nm 
The  remainder  of  the  reaction  /one  consisted  of 
intermi.xed  layers  of  the  a  and  i;  phases  [Fig  .^(b)]. 
Prior  to  testing,  no  cracking  was  \isiblc  tn  the 
reaction  layers 


3.2  Mechanical  characteristics 

Precracks  in  the  sapphire  were  found  to  penetrate 
the  reaction  product  layers  and  arrest  at  the  reaction 
product  metal  interface  (Fig.  4).  Subsequent  loading 
in  four-point  flexure  caused  cracks  to  propagate 
along  the  interfacial  zone.  Crack  growth  occurred 
subject  to  mixed  mode  fracture  energies.  F,  a:  18  Jm  ’ 
at  ^  ^  50  .  Two  types  of  cracking  were  observed,  (i) 
The  main  interface  crack  propagated  along  the 
•//AKOj  interface,  (ii)  Periodic  branch  cracks  formed 
in  the  reaction  product  layer. 

In  the  specimens  with  the  thinner  reaction  layer,  the 
branch  cracks  were  spaced  approximately  9  ftm 
apart,  inclined  at  an  angle.  6  %  40  .  to  the  main  crack 
(Fig.  5)  and  always  formed  in  association  with  the 
interface  crack  tip.  Removal  of  the  sapphire  layer 
after  testing  showed  that  these  were  surface  traces  of 
cracks  that  tunneled  in  from  the  free  surface  (Fig.  6). 
For  the  specimens  with  the  thicker  reaction  products, 
the  branch  cracks  were  spaced  ~30/im  apart  and 
inclined  at  0  %  60  .  Furthermore,  their  formation  was 
disassociated  from  the  parent  interface  crack  (Fig.  7). 
being  manifest  as  a  discrete  damage  zone.  One  end  of 
these  cracks  terminated  at  the  reaction  product/alloy 


Fig.  5.  A  mixed-mode  crack  propagating  along  the  sapphire/reaction  product  interface,  1/2  h  bond.  Note 
the  appearance  of  periodic  branch  cracks. 
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interface,  but  at  the  other  end  often  deflected  alimf 
the  reaction  product  A];0,  interface. 

The  mode  1  interface  cracks  produced  b\  indenta¬ 
tion  propagated  along  the  ,  .Al-O;  interface  iFig  ki 
Such  fractures  were  not  accompanied  bs  periodic 
branch  cracking  in  the  reaction  products.  A  precise 
determination  of  the  mode  I  fracture  energs  could  not 
be  obtained  because  of  the  distortion  of  the  indenta¬ 
tion.  However,  use  of  the  indentation  toughness 
formulae  [)4]  combined  with  the  observation  of 
extensive  interface  cracking  inferred  a  low  value, 
r  <  10  Jm '  ^ 


4.  ANALYSIS 

The  measured  interface  fracture  energies  may  be 
rationalized  in  terms  of  the  mechanisms  depicted  in 
Fig.  9.  The  principal  contributions  to  the  fracture 
energy  arise  from  three  terms:  (a)  the  energy  dissipated 
by  periodic  cracking  of  the  reaction  products: 
(b)  cracking  of  the  v  'Al:0,  interface;  and  (c)  the 
residual  strain  energy  released  by  the  cracking  of 
the  reaction  products.  The  first  and  second  terms 
are  positive,  while  the  third  term  is  negative.  These 
three  contributions  to  the  fracture  energy  r,  may  be 
expressed  as 

r,  =  (A/</sinfl)r-F  r,  —  trih/2£  (1) 

where  h  is  the  reaction  layer  thickness,  d  the  periodic 
crack  spacing.  Q  i^he  periodic  crack  angle  with  respect 
to  the  interface.  T  the  fracture  energy  of  the  reaction 
products.  Or  the  residual  stress  in  the  reaction  product 
layer.  £  the  plane  strain  Young's  modulus  of  the  layer, 
and  r,  the  fracture  energy  of  the  v  'AUO,  interface. 
Plastic  dissipation  is  assumed  to  be  negligible  because 
the  intervening  reaction  product  layer  inhibits  yielding 
of  the  alloy,  by  reducing  the  Mises  stress  below  its 
yield  strengtht. 

The  fracture  energy  given  by  equation  (1)  is  depen¬ 
dent  upon  three  unknown  factors:  (i)  the  fracture 
energy  of  the  >  / Al.  Oj  interface,  (ii)  the  fracture  energy 
of  the  reaction  products  and  (iii)  the  residual  stress  in 
the  reaction  product  layer  Several  independent  obser¬ 
vations  and  analyses  of  both  interface  and  reaction 
product  cracking  may  be  used  to  provide  information 
about  these  factors.  This  information  may  then  be 
used  to  rationalize  the  measured  values  of  Tj. 

The  observation  that  tunnel  cracks  in  the  thick 
reaction  zone  deflect  along  the  y/AljO,  interface 
(Fig.  7)  provides  an  upper  bound  on  the  interface 
fracture  energy.  T, .  This  bound  is  obtained  by  using 
the  criterion  for  crack  deflection  along  an  interface 
[15, 16].  This  criterion  may  be  expressed  in  terms  of 
the  fracture  energy  ratio,  relating  the  y/AIjOj 

interface  fracture  energy  f ,  to  that  of  sapphire,  T*,  as 
a  function  of  the  crack  inclination.  6.  For  the 
measured  crack  inclination.  0  =  60',  this  criterion 


tThe  Mises  stress  in  the  alloy  (<r,  !t(£r,/6nh)'  ^  is  about 
250  MPa.  compared  with  a  yield  strength,  %  700  MPa. 


requires  that  the  U'llowine  inequaliiv  applies. 
Ti  f\  $  I*  ('  Consequentiv.  siiwv  /,--Jm  ■  on 
rhombohedral  and  prismatic  plane-  [i  *1.  ii  i-  required 
that  the  v  .Al;0-,  interfaces  ha\c  .i  fracture  cnergv. 
r,  ^  4  Jm  V 

The  incidence  of  tunnel  crackine  provides  mmhincJ 
information  about  the  fracture  enerev  of  the  reaction 
products,  r.  and  the  residual  stress.  One  bound 
on  the  r  Or  relatio'  -  Hip  is  provided  bv  the  occurrence 
of  crack  kinking  le  thinner  reaction  layer  during 
interface  crack  grow  th.  Another  bound  can  be  derived 
from  the  absence  of  residual  stres.^  cracking  in  the 
thicker  bond.  Interface  crack  kinking  is  governed  by 
the  magnitude  of  the  parameter,  tj.  defined  as  [16] 

»;=(Tr[.v  ££,]■  -'  (2) 


Edge  of  sample 

Fig.  6.  Plan  view  of  the  reaction  product  layer  subsequent 
to  the  removal  of  the  sapphire,  showing  tunnel  cracks  in  the 
reaction  products  (thin  layer.  1.2  h  bond). 


502 


BARTLETT  and  EVANS  FRACTURE  OF  A  METAL  CERAMIC  INTERFACE 


where  x  is  the  incipient  flaw  size  in  the  reaction 
product,  at  the  interface.  For  kinking  to  occur,  tj 
must  exceed  a  critical  value,  dependent  on  the  ratio 
of  the  fracture  energy  of  the  reaction  products  to  that 
of  the  interface,  T /F,  and  the  loading  phase  angle,  ^ 
(Fig.  10).  By  assuming  that  the  undulations  along  the 
interface  are  the  incipient  flaws  (x  «  1  pm),  the  kink¬ 
ing  criterion  provides  the  upper  bound  relationship 
between  F  and  plotted  on  Fig.  1 1. 

Residual  stress  induced  tunnel  cracking  in  a  reac¬ 
tion  product  layer  occurs  when  the  residual  stress,  o, , 
exceeds  a  critical  value,  a^,  given  by  [18] 

«T.=  1.12Vr£/JtA.  (3) 

Consequently,  the  absence  of  spontaneous  tunnel 
cracking  in  the  thicker  layer  (h  m  20  pm)  provides  the 
/oiver  bound  relationship  between  F  and  an,  plotted 
on  Fig.  11. 

Yet  another  relationship  between  F  and  a^  is 
provided  by  equation  (1).  The  independently 
measured  values  of  F^,  h,  d  and  B  an  used  in 
conjunction  with  Fi,  evaluated  above,  to  give  the 
relation  plotted  as  an  overlay  in  Fig.  11.  The  allowed 
values  of  T  and  Og,  must  be  located  on  this  line  and  lie 
within  the  above  bounds,  such  that  the  required 
magnitudes  are;  fsilSJm'^  and 


PhaM  Angl*  of  Loading,  y” 

Fig.  10.  Predicted  kinking  diagram  when  residual  stresses 
exist;  n  is  defined  in  equation  (2).  Kinking  occurs  when  rjT 
lies  above  the  curve. 


Fig  It.  Upper  and  lower  bounds  on  the  relationship  be¬ 
tween  T  and  Og  established  by  crack  kinking  and  tunnel 
cracking  requirements.  The  allowable  Og/T  line  governed  by 
the  fracture  mechanism  is  superimposed.  The  admissible 
values  of  Og  and  T  are  identified. 

(Table  1).  Consequently,  the  preceding  description  of 
interface  fracture  is  self-consistent  if  the  inferred 
values  of  T  and  Og  are  compatible  with  available 
information  about  Ti  intermetallics. 

Th^  inferred  fracture  energy  of  the  reaction  prod¬ 
ucts,  r  «  18  Jm  is  of  the  order  expected  for  brittle 
solids,  but  lower  than  reported  values  for  the  bulk  y 
and  a  phases  [S,  19}.  Relatively  low  values  may  be 
expectnl  in  the  presence  of  dissolved  oxygen,  which 
has  been  shown  to  substantially  reduce  the  room 
temperature  ductility  of  y  [20]. 

Residual  stress  arising  solely  from  thermal  expan¬ 
sion  misfit  would  require  a  thermal  expansion  co¬ 
efficient  for  the  reaction  products  to  be  in  the  range, 
ait«  10  X  10~‘C'',  to  provide  consistency  with  the 
inferred,  Og  »  450  MPa.  Values  of  thermal  expansion 
in  this  range  are  typical  for  Ti  intermetellics  [21]. 

It  thus  appears  that  the  interface  cracking  phenom¬ 
ena  represented  by  equations  (l)-(3)  and  Fig.  10, 
provide  a  consistent  description  of  reaction  product 
effects  in  the  AljOj/Ta(Ti)  system.  However,  inde¬ 
pendent  measurements  of  F  and  an  would  be  needed 
to  fully  validate  the  preceding  phenomenology.  This 
has  not  been  possible  in  the  present  study,  because  of 
the  experimental  difficulties  involved  in  unambiguous 
measurements  of  these  quantities  in  thin  reaction 
product  layers. 

5.  REMARKS 

Fracture  of  the  AljOj/TafTi)  interface  in  mixed 
mode  is  found  to  be  dominated  by  periodic  cracking 
of  the  reaction  products,  despite  the  low  fracture 
energy  of  the  parent  interface  crack.  The  periodic 

T«ble  I.  Sununuy  of  interface  propertiCT 

Roiduat  Mrm.  Vh  *  450  MPa 
Inleifaoe  fiacniK  energy  (TiAI/AI]0,)r, 

Reaction  product  ftactuie  energy,  F*  tgJni~’ 

Incipient  interface  flaw  lize,  xaiipm 

Crack  kinkini  parameter,  q  «0.45 

Plane  strain  Young’s  of  intemieullica,  £  *  180  GPa 
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nature  of  the  cracking  is  similar  to  that  observed  in 
thin  films  (22).  For  bonds  with  a  thin  reaction  layer, 
multiple  cracking  occurs  by  kinking  of  the  interface 
crack  into  the  reaction  products.  For  thicker  layers, 
a  damage  zone  of  tunnel  cracks  forms  ahead  of  the 
parent  crack.  The  conditions  that  distinguish  these 
behaviors  are  discussed  in  the  .Appendix.  Reaction 
layer  thickness  is  found  to  have  little  effect  on  the 
interface  fracture  energy,  because  an  increase  in  layer 
thickness  results  in  a  self-similar  increase  in  periodic 
crack  spacing.  This  behavior  contrasts  with  the  thick¬ 
ness  effect  found  in  adhesive  layers  [23. 24].  However, 
whereas  failure  of  adhesive  layers  can  occur  on  either 
interface,  the  high  fracture  energy  of  the  alloy/ 
reaction  product  interface  prevents  decohesion  along 
that  plane,  causing  branch  cracks  to  terminate  at  one 
interface. 

The  mode  /  crack  shows  no  periodic  cracking  in  the 
reaction  products.  The  fracture  energy  should  then  be 
dependent  only  on  Ti,  consistent  with  the  sharply 
reduced  value  inferred  from  indentation.  A  discon¬ 
tinuous  change  in  T,  with  phase  angle  is  implied.  This 
discontinuous  behavior  arises  because  kinking  of  the 
interface  crack  into  the  reaction  products  only  occurs 
when  the  loading  is  mixed-mode.  Notably,  for  the 
Al203Ta(Ti)  system,  the  interface  parameters 
(Table  I)  dictate  that  tj  %  0.45.  and  f  liT  %0.2.  Con¬ 
sequently,  Fig.  10  predicts  that  kinking  should  com¬ 
mence  only  when  the  loading  phase  angle,  ^  >  30°. 
This  prediction  is  consistent  with  the  occurrence  of 
kinking  in  mixed  mode  {i//  %  50°)  and  the  absence  of 
kinking  in  mode  I  %  0).  Once  kinking  occurs. 
increases  from  a  low  value  dominated  by  the  y/AKO) 
interface,  fi,  to  a  higher  value  governed  by  the 
fracture  energy  of  the  reaction  products,  F.  A  similar 
discontinuous  change  in  F,  has  been  observed  for 
Al/epoxy  bonds  [25]. 

The  low  value  of  T,  for  the  y  AUOj  interface  differs 
from  values  reported  for  diffusion-bonded/saphire 
interfaces  [26].  Indeed,  sapphire  fiber-reinforced  TiAl 
composites  require  fiber  coatings  to  provide  the  low 
interface  fracture  energy  itable  for  interface 
debonding  and  subsequent  composite  toughening. 
The  presence  of  Ta  and  oxygen  in  the  y-phase 
reaction  product  formed  in  this  system  are  probably 
responsible  for  this  difference. 

In  summary,  interface  fracture  in  the  presence  of  a 
reaction  product  layer  has  been  shown  to  depend 
upon  the  relative  fracture  energies  of  the  interfaces 
and  reaction  products,  the  residual  stress  within  the 
layer  and  the  mode  of  loading.  In  general,  it  is 
prohibitively  difficult  to  access  independent  infor¬ 
mation  about  all  of  the  necessary  properties  of  the 
reaction  products.  However,  a  variety  of  cracking 
observations,  in  conjunction  with  simple  models,  may 
be  used  to  understand  and  rationalize  interface  crack¬ 
ing  phenomena  and  associated  fracture  energies. 
Finally,  it  is  apparent  that  there  is  no  single  cri¬ 
terion  for  predicting  interface  failure,  when  reaction 
products  exist. 
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Distance  Ahead  of  Imerface  Crack  (pm) 

Fig.  AI.  Distance  ahead  of  crack  at  which  stress  exceeds 
critical  tunneling  stress,  as  a  function  of  layer  thickness. 
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APPENDIX 

Periodic  Cracking  of  Reaction  Products 

The  observed  transition  with  reaction  layer  thickness  in 
the  penodic  cracking  mechanism — from  a  frontal  damage 
zone  to  crack  front  kinktng — can  be  addressed  by  examining 
the  stress  held  in  the  reaction  layer  ahead  of  an  interface 
crack.  A  frontal  damage  zone  is  expected  when  the  net  stress 
in  the  layer  (residual  plus  applied)  at  a  rinite  distance  ahead 


.'I  the  crack  e.xceeds  the  tunnel  cracking  requirement,  given 
by  equation  t.')  For  a  simplified  situation,  represented  by 
an  elastically  homogeneous  solid,  the  average  stress  a  caused 
by  the  interface  crack,  along  the  normal  to  a  tunnel  crack 
ira.iectory.  can  be  readily  obtained  from  standard  eiasuc 
lormulae.  This  stress  d.  when  combined  with  (Table  1). 
indicates  the  distance,  i.  ahead  of  the  interface  crack  at 
which  a  tunnel  crack  may  form,  as  a  function  of  layer 
:hickness  and  residual  stress  The  result  is  plotted  on  Fig  A1 
for  an  interface  crack  experiencing  »  =  4Jm'‘ 
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THE  FRACTURE  RESISTANCE  OF  METAL-CERAMIC 

INTERFACES 

A.  G.  EVANS  and  B.  J.  DALGLEISH 
Matenals  DeparuneiiL  College  of  Eagineehiig,  University  of  California. 

Sanu  Barbara.  CA  93106- SOSO.  U.S.A. 

AbHract — The  effects  of  interface  structure  and  microstnictiire  on  the  fracture  energy.  T,.  of 
meul-ceramic  interfaces  are  reviewed.  Some  systems  exhibit  a  ductile  fracture  mechanism  and  others  fail 
by  brittle  mechanisms.  In  the  absence  of  either  interphases  or  reaction  products.  F  is  dominated  by 
plastic  dissipation  (for  both  fracture  mechanisms),  le^ing  to  imporunt  effects  of  metal  thickness,  h. 
and  yield  strength,  a^.  Additionally.  F,  is  larger  when  fracture  occurs  by  ductile  void  growth  (for  the 
same  h  and  e,).  A  fundamental  understanding  now  exists  for  the  ductile  fracture  mechanism.  However, 
some  bask  issues  remain  to  be  understood  when  fracture  occurs  by  brittle  bond  rupture,  particularly 
with  regard  to  the  role  of  the  work  of  adhesion,  W^.  Intetphaaes  and  reaction  producu  have  been  shown 
to  have  an  important  effect  on  F,.  A  general  trend  found  by  experiment  is  that  F,  scales  with  the  frac¬ 
ture  energy  of  the  interphase  itself,  wherein  T,  tends  to  increase  for  the  interphase  sequence;  amorphous 
oxides  >  crystalline  oxides  >  intermetallics.  However,  there  also  appear  to  be  imporunt  effects  of  the 
residual  stresses  in  the  interface  (which  influence  the  fracture  mechanism)  and  the  layer  thkkness. 

Ktemc — On  fait  uik  revue  des  eflets  de  la  structure  et  de  la  microatructure  interfaciales  sur  I'energie  de 
rupture,  r,.  des  interfaces  metal/ceramique.  Certains  systemes  montrent  un  mecanisme  de  rupture  ductile 
et  d'autres  cassent  par  des  mecanismes  fragiles.  En  I'absence  soit  des  interphases,  soit  des  produiu  de 
reaction,  fi  est  dotnine  par  la  dissipation  (riastique  (pour  les  deux  mecanismes  de  rupture),  ce  qui  conduit 
a  des  effets  importants  de  I'epaisseur  du  metal,  A  et  de  lalimite  elastique.  Oe  plus.  F,  est  |dus  grande 
quand  la  rupture  se  produit  par  croissance  ductile  des  cavites  (pour  les  memes  A  et  o, ).  II  existe  maintenant 
une  explication  fondamentale  du  mecanisme  de  rupture  ductile.  Cependant.  certaines  notions  restent 
encore  a  expliquer  lotsque  la  rupture  se  prodiut  par  rapture  de  liaisons  fragiles,  en  pankulkr  en  ce  qui 
conoerne  le  role  du  travail  d’adhfsion,  (te  montre  que  les  interphases  et  les  produits  de  reactioa 
ont  un  effet  important  sur  T).  Par  I’expirienoe,  on  trouve  une  tendance  generak  de  r,  a  suivre  I’energie 
de  rupture  de  I’interphase  eUe-meme,  c'est-4-dire  i  croitre  dans  la  sequence  d'interpham:  oxydes 
amorphes  >  oxydes  cristallises  >  intermetalliques.  CependanL  les  effets  des  contraintes  residuelles  a 
I'interface  (qui  influencent  le  meeanisme  de  ra^ure)  et  de  I’epaisseur  de  la  couche  apparaissent  importants 
aussi. 

ZuMmmMdaaMag — Der  Einflufl  von  Grenzflicheiistniktur  und  Miktostruktur  auf  die  Bruchenerge  F ^ 
metall/keramischer  Grenzflichen  witd  ausammenfassend  beschrieben.  Linige  Systeme  weisen  Mechanis- 
men  des  duktilen,  andere  des  sptdden  Bruches  auf.  Bei  Abwesenheit  entweder  von  Zwischenphasen  Oder 
von  Reaktionsprodukten  wild  F ,  dominiert  von  plastiacber  Dissipation  (bei  beiden  Bruchmedianismen). 
Das  fuhrt  zu  wichtegen  Effekten  der  Metalldicke  h  und  der  FUeOfestigkeit  o,.  Auflerdem  ist  T,  groBer. 
wenn  der  Bruch  uber  duktiles  Porcnwachstum  (bei  selbem  h  und  «,)  aUauft.  Der  duktile  Bruchmechanis- 
mus  ist  jetzt  gut  ventanden.  Anderersetls  miissen  noch  einige  gtundlegende  Punkte  geklart  weiden,  wenn 
der  Bruch  fiber  sproden  BindungsriB  aUfluft,  insbesondere  im  HinUick  auf  die  RoUe  der  Adhasionsarbeit 
Es  ist  gezeigt  worden.  daB  Zwischenphasen  und  Reaktionsprodukte  F^  erheblkh  beeinflussen.  Ein 
allgetneiner  experimentell  gefundener  Zusammenhang  isL  daB  T,  mit  der  Bruchenergie  der  Zwischenphase 
selbst  skaliert;  hierbei  neigt  F ,  zu  imtner  groBeren  Werten  in  folgender  Reibenfolge  der  Zwischenphasesn: 
amorphe  Oxide  >  kristalline  Oxide  >  intennetallische  Verbindungen.  AUetdings  sebeinen  auch  wichtige 
Einflusse  von  Restspannungen  in  der  Grenzflacbe  (welche  den  Bruchmechanismus  beeinflussen)  und  der 
Schichtdkfce  hetzuruhren. 


1.  INTRODUCTION 

There  have  been  many  studies  concerned  with 
the  formation  of  meul-ceramic  bonds  and  bond 
strength.  These  investigations  have  esublished  that 
the  overall  mechanical  response  of  interfaces  result¬ 
ing  from  such  bonds  involves  considerations  of  sev¬ 
eral  factors;  including  the  fracture  resisunce  F^  and 
the  magnitude  of  the  interfacial  flaws,  a,  as  well  as 
mismatches  in  elastic,  plastic  and  thermal  properties. 


which  cause  stress  concentrations  at  edges  and  dis¬ 
continuities.  The  appropriate  interconnections  have 
been  addressed  in  prmous  reviews  [l-S].  The  focus 
of  this  article  is  on  the  most  basic  mechanical  property 
of  the  interface:  the  fracture  resistance,  F,.  A  frame¬ 
work  for  discussing  this  property  is  presented  in 
Fig.  1,  reflecting  both  the  mechanisms  of  crack 
growth  and  the  incidence  of  either  reaction  products 
or  interphases.  Noubly,  crack  e.xtension  can  proceed 
either  by  ductile  void  growth  in  the  meui  adjacent  to 
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Fig.  I.  A  schematic  indicaiing  the  various  fractun  mechanisms  that  occur  in  metal-oeramic  interfaces. 


the  interface  (5, 6]  or  by  brittle  debonding  along  the 
interface  (7, 8],  perhaps  accompanied  by  a  zone  of 
plastic  deformation  in  the  adjoining  metal.  The  pres* 
ence  of  either  reaction  products  or  interphases  intro* 
duces  additional  mechanisms,  such  as  microcrack 
coalescence  within  the  interphase  (9, 10],  and  also 
encourages  brittle  modes  of  failure.  In  this  article,  the 
fundamental  ductile  and  brittle  fracture  mechanisms 
are  addressed  for  interfaces  that  form  without  reac¬ 
tion  products  (some  of  these  systems  are  summarized 
in  Table  1),  followed  by  consideration  of  changes 
in  behavior  that  arise  when  either  crystalline  or 
amorphous  interphases  are  present 
To  provide  perspective,  several  pervasive  issues 
that  must  be  rigorously  addressed  in  order  to  obtain 
accurate  measurements  of  r,  are  briefly  reviewed: 
residual  stresses,  crack  trajectories,  pre-cracking. 

_ Table  I.  Imcrfacet  to  he  ooBridavd  in  tUi  aitide 


System 

Inlerpbaics 

Conunentt 

Al,0,-Au 

None 

Au  lextuR  (7.8] 

Al,0,-Nb 

None 

Ai,  O  in  solulion  in 
Mb  (20. 28) 

Al,0,-Pi 

None 

PtjAl 

EpitaiisI  (27] 

Al,0,-SiO,-Pt 

CristobsUlc 

Epitaxial  (27] 

Al]0,-Silicate-Pl 

Amoipbous  ridfes 

Low  r,  (27] 

Al,0,-Al 

None 

Ductile]}.  6] 

A1,0,-AKM|) 

Mg  spinel 

Ductile  (5] 

Al,0,-Ti{Ta> 

y-TiAl 

Residual  tension  in 

a2-TiAI 

reaction  productt 

9 

(9. 10) 

Fig.  2.  Sandwich  test  specimens  suitable  for  interface  frac¬ 
ture  energy  measurements. 
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Resi^tal  stresses  caused  by  thermal  expansion  misfit 
can  induce  an  appreciable  energy  release  rate  at 
interface  cracks  [11].  These  stresses  are  difficult  to 
measure  and  predict,  especially  when  plasticity  occurs 
in  the  metal  upon  cooling  after  bonding.  Test  speci¬ 
men  geometries  that  minimize  9^  are  desirable  and, 
in  some  cases,  essential.  This  objective  may  be 
achieved  by  using  a  sandwich  geometry,  consisting  of 
a  relatively  thin  metal  layer  bonded  within  the  cer¬ 
amic  (Fig.  2).  Then,  only  a  small  fraction  of  the 
residual  energy  is  released  upon  interface  crack¬ 
ing,  because  the  metal  remains  bonded  to  the 
thicker  ceramic  112].  Furthermore,  the  magnitude 
of  can  often  be  computed  for  this  geometry, 
because  bending  effects  on  cooling  are  minimal. 
The  specimen  design,  as  well  as  the  expansion 
misfit  can  also  affect  the  Fj  measurement  by  influ¬ 
encing  the  crack  trajectory.  Notably,  when  the 
interface  crack  is  subject  to  shear  loadings  that 
result  in  a  negative  phase  angle,  ^  (as  defined  in 
Fig.  3),  the  crack  may  deviate  from  the  interface 
into  the  ceramic,  thereby  preventing  measurements 
of  Fi  [2, 13, 14].  Specimens  that  provide  positive 
tjt  on  interface  cracks  are  thus  preferred.  Fur¬ 
thermore,  <lt  must  be  known  (from  calculations) 
because  there  can  be  appreciable  effects  of  ^  on 
the  magnitude  of  F i  [lS-17].  Introducing  a  sharp 
pre-crack  along  the  interface  is  another  necessary 
step  in  the  measurement  of  r^.  Attempts  to  accom¬ 
plish  this  by  locally  contaminating  the  interface 
during  bonding  have  usually  led  to  inconsistent 
results.  Mechanical  pre-cracking  procedures  after 
bonding  are  preferred  and  specimens  that  facilitate 
this  procedure  are  emphasis«l. 

The  preceding  considerations  have  resulted  in  a 
number  of  test  specimen  choices,  depicted  in  Fig.  2. 
Many  of  the  data  presented  in  this  article  have 
been  obtained  using  the  flexural  specimen  shown  in 
Fig.  2(c),  primarily  because  it  has  attributes  that 
address  each  of  the  above  issues  [2, 18].  In  particular, 
the  phase  angle  (^  %  rt/4)  encourages  interface  crack¬ 
ing.  Also  stable  pre-cracking  along  the  interface  can 
be  achieved  in  three-point  loading.  Moreover,  upon 
loading  in  four-point  bending  (after  pre-cracking), 
a  steady-state  energy  release  rate  applies  [18]:  a 
condition  that  facilitates  the  acquisition  of  accurate 
and  consistent  fracture  resistance  Moreover, 
when  the  ceramic  is  transparent  (e.g.  f'vigie  crystals), 
direct  observations  of  crack  growth  can  be  made 
in  situ  in  an  optical  microscope  [7,8],  leading  to 
vitally  important  information  about  the  crack 
growth  mechanism. 

Most  metal-oxide  interfaces  have  been  found  to 
exhibit  a  relatively  high  fracture  energy  compared 
with  the  thermodynamic  work  of  adhesion, 
provided  that  the  bonding  has  been  conducted 


tOne  objective  of  atomistic  calculations  is  to  determine  the 
work  of  adhesion. 


at  relatively  high  homologous  temperatures  (T/T. 
>  1/2,  with  r.  referring  to  the  lowest  melting  con¬ 
stituent).  In  fact,  it  has  been  difficult  to  identify  the 
tow  r,  interfaces  tweded  for  reinforcement  debond¬ 
ing  in  composites  [19].  Nevertheless,  is  still 
expected  to  have  major  relevance  to  interface  failure. 
Estimates  of  this  quantity  may  be  obtained  from 
measurements  of  the  dihedral  angle  ^  associated  with 
the  residual  voids  on  diffusion-bonded  interfaces.t 
A  convenient  procedure  for  obtaining  0,  when  the 
interface  fails  by  a  brittle  mechattism,  is  to  make 
measurements  on  the  fracture  surface  using  the 
atomic  force  microscope  (Fig.  4).  Then,  IF.,  is 
obtained  from  [8, 20] 

IF.,  =  y,(l-cos^)  (1) 

where  y.  is  the  surface  energy  of  the  metal.  An 
important  objective  of  interface  fracture  studies  is 
to  ascertain  relationships  between  T,  and  IF., .  It  will 
be  demonstrated  that  such  a  relationship  may  exist 
for  interfaces  that  fail  by  brittle  debonding,  but  is 
not  to  be  expected  when  failure  occurs  by  ductile 
mechanisms. 


X  DUCTILE  INTERFACE  FRACTURE 

A  limited  number  of  metal-ceramic  bonds  are 
found  not  to  be  susceptible  to  brittle  debonding  at  the 
interface.  The  most  extensively  studied  have  been 
AljOs  bonded  to  either  A1  or  Cu  [5].  In  such  systems, 
interface  fracture  may  proceed  by  the  nucleation, 
growth  and  coalescence  of  voids,  occurring  by  plastic 
flow  in  the  metal  adjacent  to  the  interface  (Fig.  S) 
[S,6].  The  mechanism  has  the  classical  features  of 
ductile  fracture,  modified  by  two  factors:  constraint 
and  void  nucleation. 


Fig.  3.  A  diagram  indicating  the  repon  in  which  cracks 
deviate  from  the  interface,  using  fracture  energy/phase  angle 
space. 


amm  «/s-t 
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Fig.  4.  A  void  on  the  fracture  surface  between  Pt  and  AKO,  and  the  AFM  trace  that  can  be  used  to  obtain 

the  dihedral  angle 


Fig.  5  Fracture  surfaces  formed  when  the  interface  fails  by  a  ductile  mechanism,  obtained  for  the 
Al  Al.O,  system:  (a)  matching  fracture  surfaces  at  low  magnification,  (b)  a  high  resolution  view  of  the 
AI.O,  side  of  the  fracture  surface  Indicating  a  network  of  A1  attached  to  this  surface  caused  by  void 
coalescence  (see  Fig.  1 );  note  that  each  element  in  the  network  forms  around  a  three-grain  junction  in 
the  AI.O,.  suggesting  that  these  are  the  void  nucleating  features. 
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The  cotutraiM  arises  when  the  metal  exists  as  a  thin 
layer  between  two  ceramics.  This  situation  is  manifest 
within  metal-matrix  composites,  as  well  as  layered 
materials  and  in  certain  metal-ceTamic  bonds.  In  thin 
layers,  high  hydrostatic  stress  i  is  developed  due  to 
inherent  limitations  on  slip.  This  component  of  the 
stress  tensor  is  important  because  it  dominates  the 
plastic  void  growth  rate  t',  in  approximate  accord¬ 
ance  with  an  exponential  expression  (22),  F/F-w 
exp(d/ff,),  where  Og  tlw  uniaxial  yield  strength. 
Consequently,  by  understanding  trends  in  n/a„  fac¬ 
tors  affecting  ductile  fracture  can  be  addressed.  One 
useful  limit  for  interface  ductile  fracture  is  associ¬ 
ated  with  an  instability  that  occurs  at  large  n/oo  [23], 
which  arises  when  this  stress  reaches  a  critical  level. 
This  critical  stress,  n.  (while  having  some  depen¬ 
dence  on  the  work  banning  coefl&dent)  is  of  order 
P3] 

d./<ro«5-5.  (2) 

Of  particular  relevance  is  the  elevation  of  hydrostatic 
tenale  stress  a  that  occurs  ahead  of  an  interface  crack 
(Ing.  6)  [24].  These  stresses  attain  a  maximum  at  a 
distance  ah^  of  the  crack  a  few  times  the  layer 
thickness.  This  maximum  a^  can  be  expressed  in  the 
form 

S^/c,»F\E^/olh,il>,N]  (3) 

where  9  is  the  energy  release  rate  associated  with  the 
applied  loads,  Og  the  uniaxial  yield  strength  of  the 
metal,  A  is  the  metal  layer  thickness,  AT  is  the  work 
hardening  coefficient  and  Fix  a  function  evaluated  by 
Vaiias  et  al.  [24].  Because  the  stresses  can 

attain  large  values,  the  void  growth  instability  con¬ 
dition  [equation  (2)]  can  be  reached.  A  useful  bound 
is  thus  identified  by  allowing  crack  extension  to  occur 
when  Oau/Og  satisfies  equation  (2),  whereupon  the 
interface  fracture  resistance  becomes 


Fig.  6.  Variations  in  the  hydrostatic  stress  ahead  of  the  crack 
for  a  range  of  metal  layer  thicknesses. 


Fig.  7.  Trends  in  interface  fracture  energy  with  metal  layer 
thickness  when  fracture  occurs  by  a  ductile  mechanism. 

(4) 

where  e,  is  the  yield  strain  and  ^  is  a  function  given 
by  Varias  et  al.  [24].  A  simplified  interpretation  of 
equation  (4)  is  that  the  fracture  energy  is  exclusively 
governed  by  plastic  dissipation,  occurring  at  flow 
strength  Og,  fully  contained  within  the  metal  layer  of 
thickness  A.  Furthermore,  the  layer  experiences  a 
plastic  strain  somewhat  in  excess  of  the  yield  strain  Cg. 
Consequently,  the  dissipation  per  unit  area  of  crack 
extension  must  scale  as,  ri  —  agAcg.  This  trend  in 
fracture  energy  with  metal  layer  thickness  and  yield 
strength  provides  a  simple  framework  for  interpreting 
experimental  results. 

The  above  bound  is  only  applicable  when  the  metal 
layer  thickness  is  small.  For  thicker  layers,  the  num¬ 
ber  density  of  nudeation  sites  becomes  important  In 
this  case,  the  ductile  fracture  criterion  is  found  to  be 
essentially  the  same  as  that  of  the  homogeneous 
metals  [25] 

ri«2<rg2r,  (5) 

where  JTg  is  the  spacing  between  nucieation  sites.  This 
mode  of  fracture  dominates  when  JTg/A  <0.1  [24] 
(Fig.  7).  In  this  case,  the  majority  of  the  plastic 
dissipation  is  confined  to  the  metel  ligaments  between 
the  voids  :  hence,  the  key  length  scale  becomes  the 
spacing  ATg,  rather  than  the  metal  layer  thickness,  A. 
One  observation  suggest.,  that  the  voids  originate  at 
the  interface  (Fig.  S):  analogous  to  void  nucieation  at 
hard  particle  interfaces  in  alloys.  Hence,  the  interface 
microstnicture  can  have  an  important  influence  on  the 
fracture  energy.  The  prefen^  interfadal  sites  for 
nucieation  are  three-grain  junctions  [6]  in  the  ceramic 
at  the  interface  [Fig.  S(b)].  Consequently,  in  this 
range  of  metal  thickness,  the  grain  size  of  the  ceramic 
Z)  has  an  important  influence  on  F j,  with  D  replacing 
ATg  in  equation  (5).  The  most  vivid  illustration  of  this 
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grain  size  effect  is  in  interface  debonding  in  Al-O, 
toughened  bs  A1  alloys  [6).  When  the  Al-O-,  gram  size 
IS  small  (/3^2;iml,  extensive  debonding  occurs 
during  crack  growth  [Fig.  8(a)l  and  the  composite  has 
a  high  work  of  rupture.  Conversely,  when  the  grains 
are  large  {D  >  lO/im).  the  interface  does  not  debond 
[Fig.  8(b)|  and  the  composite  has  a  reduced  work  of 
rupture.  Similar  trends  in  void  nucleation  with  cer¬ 
amic  grain  size  have  been  found  in  transverse  testing 
of  A1  alloys  reinforced  with  AKO,  fibres  (26). 

In  summary,  when  interface  fracture  occurs  by 
a  ductile  mechanism,  the  debond  energy  satisfies 
some  simple  rules.  The  dominant  length  scales  arc 
the  metal  layer  thickness,  h.  and  the  ceramic  grain 
size  D.  as  well  as  the  length  ratio,  Dth.  At  small  Dih, 
D  is  the  important  length  and  vice  versa.  In  all  cases, 
the  stress  scaling  parameter  is  the  uniaxial  yield 
strength  Og. 

3.  BRITTLE  DEBONDING 

A  number  of  systems  have  been  found  in  which  no 
reaction  products  form  and  fracture  occurs  by  brittle 
debonding.  Such  debonding  differs  morphologically 
from  ductile  interface  fracture  in  that  there  is  no 
metal  attached  to  the  ceramic  side  of  the  fracture 


Fig.  8.  Incidence  of  ductile  debonding  between  A1  alloy-re¬ 
inforced  AIjO, :  (a)  extensive  debonding  in  materials  with  a 
2  am  grain  size,  (b)  absence  of  debonding  in  a  material  with 
20  am  grain  size. 


Fig.  9.  Fracture  surfaces  observed  in  siiu  in  the  optical 
microscope  for  cracks  extending  at  the  Au/AKO,  interface: 
(a)  moist  air  (RH  100*4);  (b)  dry  air  indicating  plastic 
distortion. 

surface  (Fig.  1).  Furthermore,  there  is  no  ceramic 
attached  to  the  metal,  clearly  indicating  that  the  crack 
extends  by  brittle  bond  rupture  at  the  interface  plane. 
These  interfaces  are  characterized  by  a  well-defined 
interface  plane,  when  imaged  at  atomic  revolution  in 
the  transmission  electron  microscope  [20].  The  inter¬ 
face  is  typically  faceted  and  there  may  be  some  of  the 
ceramic  in  solution  in  the  metal  and  vice  versa, 
resulting  from  interdiffusion  during  diffusion  bond¬ 
ing.  The  systems  that  have  been  most  extensively 
studied  consist  of  AIjO)  bonded  to  Au  [7, 8],  Pt  [2T\ 
or  Nb  (20. 28]  and  SiO,  bonded  to  Cu  [29].  A  coherent 
model  that  characterizes  the  interface  fracture  resist¬ 
ance  when  this  mechanism  occurs  has  yet  to  be 
devised.  However,  certain  general  characteristics  are 
apparent,  (i)  The  fracture  energies  are  appreciably 
larger  than  the  work  of  adhesion,  because  plastic 
dissipation  in  the  metal  accompanies  interface  crack 
extension,  leading  to  effects  of  metal  layer  thickness 
and  yield  strength,  (ii)  The  interface  can  be  embrit¬ 
tled  by  environments  that  induce  stress  corrosion. 
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Fig.  10.  Interface  fracture  resistances  for  the  Al,0,-Au 
interface. 

suggestive  of  a  scaling  between  f,  and  analogous 
to  that  in  homogeneous  oxides  and  in  liquid  metal 
embrittlement,  (iii)  The  interface  microstructure  is 
important  through  its  effect  on  the  density  of  debond 
nucleation  sites,  (iv)  The  fracture  energies  are  con¬ 
siderably  smaller  than  those  obuined  when  the  inter¬ 
face  fails  by  ductile  fracture.  ( v)  Interface  crack  growth 
can  be  subject  to  resistance  curve  behavior  associated 
with  intact  ligaments  that  remain  in  the  wake  of  the 
propagating  crack.  Each  of  these  points  will  be 
illustrated  by  examples  taken  from  the  above  systems. 

Stress  corresion  effects  have  been  most  vividly 
demonstrated  for  the  Cu-SiO;  [29]  and  Au-Al203  H 
system,  but  are  probably  widespread  when  interface 
fracture  occurs  by  brittle  debonding.  The  responsible 
environmental  species  is  water,  as  demonstrated  by 
dramatic  effects  that  occur  upon  excluding  moisture 
manifest  in  the  fracture  energy  and  the  morphology 
of  the  fracture  surface  [7].  When  moisture  is  present, 
r,  is  low  (but  still  larger  than  if'^)  and  the  metal  side 
of  the  fracture  surface  is  relatively  undistorted 
[Fig.  9(c)].  When  moisture  is  excluded,  T,  is  substan¬ 
tially  larger  and  the  metal  fracture  surface  experiences 
substantial  plastic  distortion  [8]  [Fig.  9(b)l.  Further¬ 
more,  interface  crack  growth  subject  to  stress  cor¬ 
rosion  appears  to  have  the  classical  dependence  of  the 


Fig.  1 1 .  Alternating  debonding  at  the  two  interfaces  formed 
in  a  thin  layer  between  Au  and  AKO,. 


Fig.  12.  Slip  steps  on  Au  fracture  surface  associated  with 
ligaments  that  bndge  the  crack  surface,  indicative  of  exten¬ 
sive  plastic  strain. 


crack  growth  rate,  on  the  d  energy  release  rate  <S  [30]. 
By  analogy  with  the  behavior  of  oxides  and  metals, 
the  inference  is  that  the  crack  growth  rate  in  stage  I 
has  the  form 

fl=do(^F/T?)*  (6) 

where  Tf  is  the  interface  fracture  energy  when  stress 
corrosion  is  absent  and  the  scale  velocity  do  depends 
on  relative  humidity.  Further  measurements  are 
needed  to  validate  this  behavior. 

When  stress  corrosion  is  excluded,  crack  growth 
involves  several  additional  features,  including  resist¬ 
ance  curve  behavior  [8, 29]  with  large  associated  values 
of  the  fracture  energy,  T r  (An)  (Fig.  10).  Crack 
extension  proceeds  by  debonding  from  voids  on  the 
interface  ahead  of  the  crack  [Fig.  9(b)],  leading  to  the 
incidence  of  alternating  debonding  on  both  interfaces 
(Fig.  II).  In  turn,  this  causes  intact  ligaments  in  the 
crack  wake.  These  ligaments  are  subject  to  extensive 
plastic  distortion  (Fig.  12),  implying  that  they  are  the 
source  of  the  rising  resistance  curve  behavior  noted 
in  Fig.  10.  VeriScation  of  this  premise  is  achieved 
by  removing  the  ligaments  through  exposure  to  a  wet 


Crack  Length  a  (mm) 

Fig.  13.  The  effect  of  removing  the  ligaments  by  stress 
corrosion  on  the  resistance  curve.  Note  that  after  the 
ligaments  have  been  removed,  the  original  resistance  curve 
is  duplicated. 
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atmosphere  under  stress  in  order  to  stress  corrode  the 
ligament  interfaces  (8].  When  this  has  been  accom¬ 
plished  and  testing  is  continued  in  a  dry  atmosphere, 
the  fracture  resistance  reverts  to  iu  original  level  and 
the  initial  remtance  curve  is  duplicated  as  new  liga¬ 
ments  develop  upon  further  crack  growth  (Fig.  13). 
With  this  confirmation  that  the  rising  resistance  is 
governed  by  plastic  dissipation  in  the  ligaments,  the 
resistance  effect  can  be  readily  simulated  (8, 31].  The 
salient  non-dimensional  parameters  are  Tg/rf  and 
/2Er^]''*  (a/H),  where  is  the  fraction 
of  interface  area  subject  to  intact  Ugaments  and  H 
is  the  beam  thkknms.  Numerical  simulations  for 
large-scale  bridging  (Fig.  14)  are  consistent  with 
experinwntal  measurements,  including  independently 
obtained  information  about and  <r,.  Bas^  on  this 
understanding,  it  should  be  possible  to  design  inter¬ 
faces  that  have  high  fracture  resistance.  One  inter¬ 
esting  approach,  demonstrated  for  Cu-SiO],  is  to 
introduce  morphological  features  on  the  interface 
that  increase  tte  ligament  area,  /a  [29]. 

The  most  basic  interface  fracture  resistanoe  is  that 
occurring  upon  initial  crack  extension  (Aa  -*0),  des¬ 
ignated  rj.  Limited  daU  on  Al]0]-Au  indicate  that 
rf  increases  as  the  metal  layer  thickness  increases, 
indicative  of  an  influence  of  plastic  dissipation,  but 
is  much  smaller  than  the  resistanoe  expected  when 
fracture  is  ductile  (Fig.  7).  Furthermore,  results  for 
Al}0]-Nb  128]  suggest  important  effects  of  yield 
strength.  Hkk  measurements,  coupled  with  obser¬ 
vations  of  extensive  plastic  distortion  (Fig.  9(b)), 
imply  an  important  role  of  plastic  ^ssipation. 
Dimensional  analysis  based  on  a  brittle  debonding 
mechanism  with  plasticity  identifies  the  following 
basic  parameters;  Tf/IFJ,  aohlW^,  N.  An  empirical 
fit  to  limited  experimental  data  for  Al]0,-Au  based 
on  these  parameters  (neglecting  N)  suggests  the 
approximate  relationship  (8] 

(7) 

Such  empirical  relationships  based  on  non-dimen- 
aonal  parameters  provide  guidance  for  basic  studies 
of  interface  fracture  in  accordance  with  this 
medumism. 

A  key  fundamental  problem  in  modelling  and 
predicting  relationships  between  Tj  and  is 


Fig.  14.  Simulated  resistaiioe  curves  based  on  large-scale 
bfidgiiig  by  metal  Ugamentr  experimental  results  are  super¬ 
posed. 


Rg.  IS.  A  schematic  of  the  features  around  an  interftoe 
crack  that  fails  by  brittle  debondiiig. 


illustrated  in  Fig.  15.  Atmnistic  cakulatioaa  of 
bond  separation  indicate  that  stresses  of  order  ii/lOO 
(or  >10GPa)  are  needed  at  the  crack  front  to 
cause  nipture.  Hosvever,  continuum  dastio-plastic 
calculations  indicate  that  the  stresses  cannot  exceed 
-*-3-50*  (24],  (or  <lGPa  for  Au,  Ft,  Nb).  The 
missing  feature  is  an  intervening  zone,  not  described 
by  existing  continuum  formulations,  having  radius  of 
mder  lO^-lO’h  (where  is  the  Burger’s  vector)  (32). 
This  zone  contains  a  distribution  of  dislocations  that 
allows  the  stress  to  build  up  to  that  needed  for  bond 
rupture.  A  representation  for  this  zone  compatible 
with  the  boundary  conditions  associated  with  the 
surrounding  continuum  dastio-plastic  material  has 
yet  to  be  provided. 


4.  EFFECT  Of  INTESrHASES 

Two  types  of  interphase  have  been  identified:  (i) 
Crystalline  reaction  products  formed  by  interdiffu¬ 
sion  that  can  be  rationalized  from  phase  equilibria 
and  kinetics,  (ii)  Amorphous  phases  formed  eitho-  by 
viscous  flow  of  a  phase  that  pre-exists  in  the  ceramic 
or  by  reaction.  A  simple  conduaon  based  on  various 
measurements  of  interface  fracture  in  interidiase 
dominated  interfaces  is  that  Tj  is  often  dosely  r^ted 
to  the  fracture  energy  of  tte  interphase  material 
itself.  Notably,  amorphous  interfaces  lead  to  Tj 
in  the  range  S-10Jm~^  crystalline  oxide  inter- 
phases,  10-20  Jm~^  and  intermetaOic  interphases, 
20-40  J  m'^.  This  ranking  has  important  exoqrtions 
elaborated  below,  but  generally  seems  to  iqrply 
de^te  considerable  complexity  in  the  local  details  eff 
int^ace  fracture.  The  basic  ifoenomena  are  dis¬ 
cussed  with  reference  to  results  for  the  following 
systems:  (a)  AljO]  bonded  to  Ti-Ta  alloys  whidt 
form  intermetallic  reaction  products  P,  10],  (b)  Pt 
and  Au  bonded  to  commercial  grade  A1]0)  which 
forms  an  amorphous  oxide  interphase  during  bond¬ 
ing  and  (c)  Pt  bonded  to  sapidi^  with  interphaaes 
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consisting  of  either  crystalline  SiO;.  (cristobalite)  or 
an  amorphous  Ca  silicate  [27],  A  preliminary  obser¬ 
vation  is  that  interphases  typically  facilitate  diffusion 
bonding,  leading  to  diminished  residual  voids  and 
defects,  as  exemplified  in  Fig.  16  for  the  Pt -sapphire 
system,  with  and  without  interphases.  Enhanced 
diffusivities  within  the  interphase  are  probably 
responsible  for  this  phenomenon.  However,  the  frac¬ 
ture  energies  of  bonds  with  interphases  are  typically 
lower  than  those  found  for  directly  bonded 
metal-ceramic  interfaces. 

Fracture  energy  results  obtained  for  either  Au  or  Pt 
bonded  to  commercial  grade  Al^O,  (Fig.  17)  indicate 
that  fracture  energies  F,  approach  as  the 

metal  layer  thickness  tends  to  zero,  where  plastic 
dissipation  effects  become  negligible.  Observations  on 


Fig.  16.  Diffusion  bonded  interface  in  the  Pt-AljOs  system: 
(a)  no  interphase  with  extensive  unbonded  area,  (b)  crys¬ 
talline  SiO]  interphase  with  some  residual  voids,  (c)  amor¬ 
phous  silicate  interphase  that  forms  a  network  at  the 
junction  between  the  Pt  grain  boundaries  and  the  Al]0]  (see 
Fig.  20). 
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Fig.  17.  Trends  in  T,  with  metal  layer  thickness  for  interface 
between  Au  or  Pt  and  commercial  grade  AljO,. 

these  systems  reveal  that  an  amorphous  layer  is 
present  on  the  Al-O,  side  of  the  fracture  surface 
(Fig.  18)  and  occasional  oxide  particulates  on  the 
metal  side.  Thus,  while  fracture  appears  to  occur 
predominantly  at  the  metal-glass  interface,  neverthe¬ 
less,  the  fracture  energies  are  similar  to  that  for  the 
glass  itself.  Furthermore,  ft  is  considerably  lower 
than  that  for  either  Au  or  Pt  directly  bonded  to 
AIjOj,  described  above. 

When  Pt  is  bonded  to  sapphire  with  an  intermedi¬ 
ate  SiO]  layer,  this  layer  is  found  to  be  crystalline  and 
epitaxial  (Fig.  19),  resulting  in  a  high  fracture  energy, 
rj>40Jro"^  However,  when  Ca  is  also  present, 
amorphous  ridges  form  during  diffusion  bonding, 
located  at  intersections  between  the  sapphire  and 
grain  boundaries  in  the  Pt.  These  ridges  are  evident 
on  fracture  surfaces  (Fig.  20)  and  also  dictate  the 
contrast  observed  by  optical  microscopy  [Figs  16(c) 
and  21(a)].  This  interface  has  a  relatively  low  fracture 
energy,  Fj «  IS  J  m~^  and  fracture  occurs  by  decohe¬ 
sion  at  the  amorphous  ridges  [Fig.  21(b)],  followed  by 
progressive  debonding  of  the  intervening  interface 
[Fig.  21(c)].  Again,  therefore,  the  presence  of  an 
amorphous  interface  has  a  detrimental  effect  on  P,. 

Intermetallic  interphases  formed  by  reaction  in  the 
Ai20]-Ti(Ta)  system  illustrate  a  rich  array  of 
phenomena,  including  effects  of  layer  thickness  and 


Fig.  18.  The  ceramic  side  of  a  fracture  interface  between  Pt 
and  commercial  grade  AI2O,. 
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Fig.  19.  TEM  cross  section  of  Pt-Al;0,  bond  with  SiO, 
(cristobalitel  interphase. 


of  residual  strain  within  the  reaction  products.  The 
reaction  products  in  this  system  are  intermetaliics 
formed  by  diffusion  of  the  oxygen  from  the  AhOj 
into  the  Ti  alloy,  accompanied  by  interdiffusion  of  Ti, 
Ta  and  Al.  The  phases  that  form  are  rationalized  by 
the  Ti,  Ta,  Al  ternary  diagram  (Fig.  22).  Notably, 
Si-TijAl,  y-TiAl  and  <r-phase  form,  with  the  TiAl 
adjacent  to  the  Al,0].  All  of  these  phases  have  a 
larger  thermal  expansion  coefficient  than  either  AIjO, 
or  the  Ti(Ta)  alloy  and  are  thus  subject  to  residual 
tension  of  about  600  MPa  [10].  This  residual  stress 
causes  periodic  microcracks  to  form  within  the  layers 
during  interface  failure  (Fig.  23).  In  consequence, 
the  interface  fracture  energies,  f, «  20-30  J  m**,  are 
found  to  be  comparable  to  those  for  the  (oxygen 
saturated)  intermetallic  reaction  products.  Obser¬ 
vations  of  periodic  microcracks  within  the  reaction 
products  indicate  that  they  have  characteristics  typi¬ 
cal  of  tunnelling  cracks  [33],  which  propagate  across 
the  layers  when  the  tensile  stress,  in  the  layer 
(residual  plus  applied)  exceeds  given  by 

c^^jEJJh  (8) 

where  h  is  the  layer  thickness.  T,  is  the  fracture  energy 
of  the  laye*"  material  and  £,  its  Young's  modulus. 
Furthermore,  the  cracks  form  with  a  spacing, 
I  %  4-8A.  Consequently,  when  residual  tensile  stresses 


Fig.  20.  Ridges  of  amorphous  Ca-silicate  on  the  AI^O,  side 
of  a  fracture  surface  of  Pt-AljO,  bond. 


Fig.  21.  Interface  debonding  mechanism  in  Pt-Al.O,  inter¬ 
face.  Decohesion  of  amorphous  phase  ridges  (a)  and  (b). 
Progressive  debonding  of  the  intervening  interface  is  sche¬ 
matically  lepresented  in  (c). 


exist  and  the  layer  is  relatively  thick  [small 
equation  (8)],  these  microcracks  can  be  activated  by 
the  tensile  field  associated  with  the  interface  crack. 
The  interface  fracture  mechanism  then  consists  of  the 
formation  and  coalescence  of  these  microcracks,  as 
sketched  in  Fig.  24.  The  microcrack  coalescence 
mechanism  could,  in  principle,  be  suppressed  either  if 
the  reaction  product  layer  is  very  thin  [large  a^, 
equation  (8)]  or  th(>  residual  stresses  are  compressive. 
In  such  cases,  the  fracture  energy  should  be  related  to 
that  for  the  interface  itself,  which  (in  the  one  case 
investigated)  appears  to  be  lower  than  that  for  the 
reaction  products  [10].  This  speculation  requires 
experimental  validation.  It  is  also  noted  that  there 
appears  to  be  no  contribution  of  plastic  dissipation  to 
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Fig.  22.  The  Ti-Ta-Al  ternary  phase  diagram. 


r,  when  the  reaction  product  layer  is  thick,  but  such 
a  contribution  may  arise  for  thin  layers,  as  suggested 
by  the  data  presented  in  Fig.  17. 

Finally,  it  is  noted  that  two  systems  (AljOj-Mo, 
AljOj-Cr)  have  been  identified  that  form  inter- 
phases  and  have  exceptionally  low  fracture  ener¬ 
gies  (substantially  smaller  than  for  the  reaction 
products  themselves)  (19, 34],  In  both  cases,  oxy¬ 
gen  in  solution  in  the  refractory  metal  is  respon¬ 
sible  for  the  formation  of  an  oxide  that  grows 
epitaxially  on  the  AI2O3  during  diffusion  bonding 
(Fig.  25).  Also,  fracture  occurs  at  the  oxide -metal 
interface.  It  is  not  yet  clear  whether  there  is  a 
fundamental  reason  for  “weak"  interfaces  between 
either  Mo  or  Cr  and  their  own  oxides  (MoOi  and 
CrjOj,  respectively),  i,e.  governed  by  a  low  work  of 
adhesion.  An  alternate  possibility  is  that  the  oxygen 
in  solution  in  the  refractory  metal  sufficiently  elevates 
its  flow  strengtht  that  minimal  plastic  dissipation 
accompanies  interface  fracture  [35]. 


S.  CONCLUDING  REMARKS 

Some  of  the  basic  issues  associated  with  the  frac¬ 
ture  energy  T,  of  metal-ceramic  interfaces  are  now 
clear,  through  elucidation  of  some  key  crack  growth 
mechanisms:  ductile  void  growth,  brittle  debonding 
and  microcrack  coalescence.  For  each  mechanism, 
some  understanding  has  been  developed,  leading  to 
preliminary  models  that  relate  F,  to  the  separate 
properties  of  the  adjoining  materials,  the  interphases 
(when  present)  and  the  interfaces.  The  limitations  of 
the  models  have  also  been  described  in  order  to 
identify  a  focus  for  further  research. 

When  fracture  occurs  by  ductile  mechanisms,  the 
relevant  length  scales  have  been  identified  as  either 
the  metal  thickness,  h,  or  the  ceramic  grain  size,  D, 


tThe  flow  strength  of  b.c.c.  metals  is  strongly  influenced  by 
dissolved  oxygen. 


Fig.  23.  Periodic  microcracks  formed  within  the  iniermetal- 
lic  reaction  product  layer  during  interface  fracture  in  the 
AljOj-TifTa)  system. 


depending  upon  the  magnitude  of  Dih.  The  other 
important  parameter  is  the  uniaxial  yield  strength  of 
the  metal.  While  this  understanding  now  exists,  it  is 
not  clear  why  brittle  debonding  is  suppressed,  causing 
ductile  void  growth  to  become  the  preferred  failure 
mechanism. 

Interfaces  that  form  without  interphases  can  also 
fail  by  brittle  interface  debonding.  Such  interfaces 
have  relatively  large  F^,  because  of  a  major  role  of 
plastic  dissipation  in  the  metal,  as  evident  from  effects 
of  metal  thickness  and  yield  strength.  It  is  hypoth¬ 
esized  that  is  still  an  important  quantity  govern¬ 
ing  Tj,  but  this  has  yet  to  be  verified.  A  fundamental 
effort  is  needed  to  address  this  issue  that  couples 
atomistic  calculations  with  elastic-plastic  continuum 
mechanics.  A  complicating  factor  is  the  existence  of 
a  resistance  curve,  caused  by  metal  ligament  bridging, 
but  a  good  undersunding  of  this  effect  seems  to 
exist.  Another  complication  is  that  these  systems  are 
susceptible  to  stress  corrosion  cracking,  caused  by 
moisture. 

Interphases  and  reaction  products  have  a  major 
effect  on  r,.  A  general  trend  is  that  T,  increases  as 
the  fracture  energy  F,  of  the  interphase  increases, 
but  there  are  important  exceptions.  Studies  of 
crack  extension  when  interphases  are  present  have 
identified  a  microcrack  coalescence  mechanism  that 
rationalizes  the  importance  of  T,.  This  understanding 
has  highlighted  a  potentially  key  role  of  residual 
stress  in  the  interphases.  Appreciable  plastic  dissipa- 


Fig.  24.  The  microcrack  mechanism  of  interface  fracture 
with  brittle  reaction  products  subject  to  residual  tensile 
stress. 
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Fig.  25.  Oxide  interphase  fonnation  in  AIjO,  refractory 
metal  bonds:  (a)  Mo-AIjO,  with  MoOj  interphase,  (b) 
Cr-AljOj  with  Cr,0,  interphase:  the  oxygen  needed  to  form 
the  oxide  comes  from  solution  in  the  refractory  metal. 
Oebonding  occurs  at  the  oxide-metal  interface. 


tion  in  the  metal  also  appears  to  be  suppressed  when 
relatively  thick  interphases  are  present.  This  has  an 
important  effect  on  lowering  T,  and  needs  to  be 
explored  in  further  detail,  especially  the  relationship 
with  layer  thickness. 

Two  refractory  metal  systems  with  interphases  that 
have  particularly  low  fracture  energies  have  been 
identified:  these  are  AIjO,  bonded  to  either  Mo  or  Cr. 
In  both  cases,  oxygen  in  solution  in  the  metal  leads 
to  oxide  interfaces  and  fracture  occurs  between  the 
metal  and  its  own  oxide.  Further  research  is  needed 
to  establish  whether  these  systems  are  unusual  by 
virtue  of  a  low  work  of  adhesion  between  the  metal 
and  its  oxide  interphase  or  whether  oxygen  in  the 
metal  inhibits  significant  plastic  dissipation. 
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ABSTRACT 

Sapphire  fibers  are  promising  reinforcements  for  both  oeramk  and  intermetallic  matrices 
because  of  their  high  specific  strength  and  stiffness  as  well  as  their  superior  creep  resistance. 
These  attributes  can  be  utilized  only  if  fiber  coatings  are  identified  to  control  the  interfadal 
properties.  The  feasibility  of  employing  Zr02  coalings,  which  are  thermochemically 
compatible  with  sapphire,  was  determined  on  the  basis  of  fiber  debonding  requirements.  In 
general,  two  types  of  behavuM'  are  observed:  coatings  which  promote  debonding,  and 
coatings  which  permit  fiber  fiulure.  These  characteristics  are  explained  in  terms  of 
microstructural  differences  between  the  coatings  which  result  fiom  variations  in  die  coating 
deposition  method  and  subsequent  processing. 

INTRODUCTION 


Requirements  for  high  temperature,  oxidation  resistant  materials  necessitate  the 
development  of  ceramic  and  intermetallic  matrices  reinforced  with  strong  brittle  fibers  such 
as  sapphire.  To  achieve  acceptable  toughnesses  in  sudi  brittle  matrix  composites,  it  is 
imperative  that  criteria  be  satisfied  for  debonding  of  the  fiber  fiom  the  matrix  at  the  crack  tip 
as  well  as  further  debonding  and  fiber  pullout  in  the  crack  wake.  Hence,  the  fiber /matrix 
interface  behavior  determines  the  over^  toughness  of  brittle  matrix  composites.  The 
debonding  criterion  is  governed  by  the  nlativefraebtre  energiet  of  tiu  interfoce  anifibe^. 
The  pullout  characteristics  are  governed  by  the  interfaciol  tlidmg  mistone^.  Reoo^iizing 
that  interfadal  properties  can  be  manipulated  with  fiber  coatings  has  led  to  numerous 
investigations  to  identify  coatings  which  are  thermochemically  compatible  with  typical  fiber 
and  matrix  materials  and  also  satisfy  the  mechanical  property  requirements  outlin^  above. 
The  present  study  emphasizes  coatings  for  sapphire  fibera  in  an  AI2O3  iruitrix.  This  system 
has  been  selected  because  matrix  cracking  problems,  which  arise  from  thermal  expansion 
differences  between  the  fiber  and  matrix,  are  minimized.  However,  the  results  of  this  study 
may  aiso  be  applicable  when  intemnetallic  matrices  such  as  y-HAl  and  MoSi2  are  used.  Tlw 
coating  material  selected  for  fitis  study  was  ZrOj,  which  is  both  chemically  staUe  with 
sapphire  at  temperatures  of  interest,  1000^  to  1200*C,  and  oxidation  resistant. 

An  important  coruept  from  interfadal  fracture  medianics  investigations^*^  concerns  the 
critical  interface-to-fib^  fracture  etrergy  ratio  which  must  be  satisfied  for  fiber  debonding  to 


occur  in  preferertce  to  fiber  failure.  This  concept  can  best  be  illustrated  with  the  "debortd 
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map"  for  bimaterial  interfaces  shown  in  Figure  1.^  Plotted  is  the  fracture  energy  ratio  for  two 
values  of  matrix  crack  ittcUrution,  <t>,  as  a  function  of  the  elastic  mismaich  between  the  two 
materials,  represented  by  the  Dundurs'  paraiiteier  The  iderttificalion  of  two  regimes 
separated  by  the  locus  of  fracture  errergy  ratios  makes  it  poasibte  to  predict  the  ttuDdrtnun 
allowable  interfocial  hacture  ettergy  for  a  composite  tvith  fibers  of  kitown  fracture  energy. 

As  an  exarr^rle,  assumiitg  an  elastically  homogerreous  system  (ie.,  a  ■  0)  and  noting  that  for 
sapphire^'^  F  ■  25-30  )m*^,  debond  coatings  on  sapphire  fibers  must  have  interfadal  fracture 
energies  less  than  -  7  Jm'^  if  the  system  is  to  lie  in  the  debonding  regime  for  mil  matrix  crock 
itieUttatioiu.  Residual  stresses  artd  the  intriroic  size  of  flawrs  in  the  fiber  and  coating  rruiy 


FlguK  1.  Debortd  map  for  bimaterial  interfoces. 

EXPERIMENTAL  PRCXXDURE 
Satt^le  Preparation 

Z1Q2  coatings  were  deposited  onto  basal-plane,  opiical-quaUty  sapphire  discs  (2-4  cm 
diameters)  using  either  sputtering  or  liquid  precursors  (sol  gel)  whicii  were  p3molyzed 
following  depositkm.  The  ^tter  coatings  ivere -1-2  pm  dddc,  whereas  ttie  sol  gd  coatings 
were -0.25-05  pm.  In  all  cases,  the  as-deposited  films  were  porous.  Two  such  discs,  with 
coating  placed  against  coaling,  were  diffusion  bonded  into  the  sandwich  geometry 
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schematically  shown  in  Figure  2.  For  these  experiments,  sapphire  has  been  used  to  represent 
both  the  matrix  and  fiber,  as  elaborated  above.  The  boivding  conditions  involve  heatii^  in 
vacuum  (<10^  torr)  to  1300*  C  (-1/2  for  Z1O2)  under  a  small  api^ed  load  (1-3  MPa)  (or 
times  of  12  and  48  hours.  The  processing  temperatures  thus  exceed  the  range  of  profecied  use 
temperatures,  ensuring  the  evaluation  of  miciostructurally  stable  interfaces. 

N^echanical  Testing 

The  diffusion  bonded  samples  were  used  to  produce  t«vo  types  of  mechanical  test 
spedmens.^'^^  The  phase  an^e  of  loading  for  both  techiniques  is  similar  and  comparable  to 
that  associated  with  crack  front  debondiitg  in  actual  composites.  Furthermore,  the 
fracture  energies  obtained  from  analysis  of  these  specimens  are  urtaffecled  by  rcadual  stress 
in  the  thin  coatings,  sittce  such  stresses  are  itot  relieved  by  the  propagsbon  of  the  interface 


Figme  2.  Test  geometries  used  a)  Interfscial  Cone  Grade  b)  Bimaterial  Flexure  Beams 

The  Interfedal  Corre  Crack  Test^,  illustrated  in  Hgure  2a,  emfrfoys  an  elastic  indentation 
tedmiquetosinnilatethebdiaviorofaoompositecontainir^a  matrixoack.  The 
advarttages  of  diis  test  indude  snudl  sample  size  (-2cm  diameter)  and  simple  sample 
preparation,  making  it  an  ideal  initial  test  for  debond  coatings.  A  spherical  WCindenter  is 
used  to  produce  a  Hertzian  cone  crack  in  the  upper  "matrix”  layer,  which  can  be  stably 
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groMm  through  this  layer  until  it  reaches  the  coaled  interface.  Furthennore.  the  choice  of  a 
transparent  sapphire  matrix  fadlitales  direct  crack  growth  observation.  The  cone  crack 
produced  is  iiKUned  to  the  interface  at  an  angle  which  ctepends  on  matrix  properties 
(crystallographic  anisotropy  and  Poisson's  ratio).  For  sapphire.  -  30*.  whereupon  the 
deboitd  map  indicates  that  debonding  occurs  in  systems  for  which  Tj  <  0.8  F.  Fbr  coati^ 
on  sapphire  fibers,  this  corresponds  to  a  maxiinum  interfodal  fracture  energy  of  -20  Jm~^ 
Debonding  in  the  Interfada)  Cone  Crack  Test  is  a  necessary,  but  not  sutficient  cortdition  for 
fiber  coating  selection.  COnsequentiy.coatings  which  ddwitded  were  also  evaluated  using  a 
flexure  test™  in  which  the  crack  plaM  is  perpendioilar  to  the  coated  interface  (O  «  90*). 
Beams  (Figure  2b)  whidi  had  diinensions  3  Jmm  x  4mm  x  40mm  were  tested  in  four  point 
flexure  in  a  )ig  affixed  to  the  stage  of  an  optical  microscope. 

RESULTS  AND  DISCUSSON 


Three  types  of  Zr02  coatings  were  examirred:  sol  gd  and  sputter  coatings  diffusion 
bonded  for  12  hours,  and  sputter  coatings  subject  to  bondirtg  for  48  hours.  The  mechanical 
test  results  for  these  coated  interfoces  are  shown  in  Figure  3.  The  samples  produced  %vith  sol 


ngoieS.  Results  of  mechanical  tests  on  Z1O2  coated  interfaces.  (Interfodal  Cone 
Crack  test  results  are  drded) 
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gel  coatings  bonded  for  12  hours,  and  sputter  coatings  bonded  for  48  hours,  had  interfacial 
fracture  energies  in  the  "fiber  failure"  regime  of  the  debond  map  and  are  imsuitable  for 
composite  use.  However,  the  sputter  coated  interfaces  bonded  for  12  hours  exhibited 
relatively  low  interfadal  fracture  energies  arul  the  debond  map  predicts  that  such  coatings 
may  be  satisfactory  for  sapphire  fibers. 

The  difference  in  the  observed  fracture  behaviors  for  coated  interfaces  of  identical 
chemical  composition  can  be  explained  in  terms  of  the  coatii^  microstructures.  TEM 
micrographs  reveal  that  the  sapphire/sol  gel  Zi02/sapphire  interface  (Rgure  4a)  is  much 
thinner  tlun  those  produced  by  sputtering  (Figures  4b  and  4c.)  Furthermore,  when 
debonding  is  induced  by  using  ittclined  matrix  cracks,  tius  system  is  found  to  fracture  at  the 
interface.  Similar  fracture  cfumctoistics  were  exhibited  by  the  sputter  coated  samples 
bortded  for  48  hours  ( Rgure  5).  In  this  case,  the  fracture  path  deviated  from  the  interface 
over  small  isolated  areas,  possibly  because  of  irthomogeneities.  In  contrast  the  sputter 
coated  samples  bonded  for  12  hours  contained  significantly  more  porosity  (Rgure  4).  This 
inter-coating  porosity  provides  an  alternate  fracture  path,  through  the  coating  ratter  than  at 
the  interface  ( Figure  6)  which  accoimts  for  the  relatively  low  fracture  energy.  The 
implication  of  this  study  is  that  the  fracture  energy  of  the  interface  betsveen  Z1O2  and 
sapphire  is  too  high  to  satisfy  the  deboiKling  criterion  for  all  matrix  crack  indiitations. 
However,  debondittg  can  be  ertcouraged  through  the  development  of  a  porous 
microstructure  which  provides  a  lower  energy  fracture  path  tkrougft  the  coating. 


Figure  4.  ZrC>2  coating  microstructures;  a)  TEM  micrograph  sol  gel  Zi02/sapphire  interface 

b)  SEM  micrograph  12  hour  sputter  Zi^  /sapphire  interfiice 

c)  SEM  micrograph  48  hour  sputter  Zr02  /sapphire  interface. 
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Figure  5.  Mating  fracture  surfrces  for  sputter  coated  samites  a)  bonded  for  48  hours 
b)  bonded  for  12  hours 

The  use  of  ZrQ2  debond  coatings  for  sapphire  may  be  limited  by  factors  other  than  the 
interfricial  fracture  energy.  Pure  ^02  is  knowm  to  transform,  on  cooling,  from  a  tetragonal 
to  a  monodinic  crystal  structure.  The  effect  of  this  phase  transformation  and  the  thermal 
expansion  mismatch  between  Z1Q2  and  sapphire,  can  be  seen  in  TEM  mkiographs  (Hgure 
7.)  Microcracks  in  the  Z1Q2  coating  and  at  the  coating/sapphiie  interfooe,  as  well  as  bend 
contours  associated  with  localized  strain  in  foe  sappl^  were  observed.  Both  of  these  factors 
may  degrade  the  strength  of  sapphire  reinfoTGements  and  reduce  foe  utility  of  Zx02  ddt>oiul 
coatings. 
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Figun6.  MicTDcracks  and  inieifacul  Strain  revealed  by  TEM. 
CCHMCLUSIONS 

The  fracture  energies  of  several  ZrOz  coating/sapfrftire  interfaces  were  measured-  The 
interface  hacture  energy  was  found  to  be  prtMbitividy  high  for  fiber  debonding  to  occur 
over  all  matrix  crack/  fiber  indinations.  However,  when  foe  inter-coating  porosity  is 
substantial,  the  porosity  is  found  to  provide  a  low  energy  foacture  path  thmgh  the  coating 
rather  than  at  the  interface,  such  that  fiber  debonding  in  sapphire  fiber-reinforced  composites 
can  be  achieved.  Interfacial  microcracking  and  residual  strain  in  foe  sap{foire  caused  the 
coating  may  degrade  the  fiber  stiengfo  and  limit  the  usefulness  of  Z1O2  coatings. 
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Tbe  current  interest  in  tough,  high-temperature  materials 
has  motivated  fiber  coating  development  fbr  brittle-matrix 
composites  with  brittle  reinfiircenients.  Such  coatings  arc 
needed  for  controlied  interface  debonding  and  frirtional 
sliding.  The  system  investigated  in  this  study  was  sapphire 
fiber-reinfbrc^  alumina.  This  system  is  thcnnochcniically 
stable  for  severe  use  conditions,  exhibits  little  thermal 
expansion  mismatch,  and  utilizes  the  excellent  strength  and 
creep  resistance  of  sapphire  reinforcements.  Porous  oxide 
and  reflractory  metal  coatings  which  satisfy  requirements 
for  toughness  improvement  in  these  composites  were  identi¬ 
fied  by  employing  a  variety  of  newly  developed  mechanical 
testing  tecimiques  for  determining  the  interfacial  fracture 
energies  and  sliding  resistances. 

I.  Introduction 

The  mechanical  requirements  for  fiber  coatings  in  brittle- 
matrix  composites  are  reflected  in  two  properties:*'^ 
debonding  and  sliding.  These  properties  are  manifest  as  an 
interface  debond  energy,  F, ,  and  a  stress  to  cause  sliding  along 
the  debonded  interface,  t.  A  prerequisite  for  good  composite 
strength  and  toughness  is  that  a  debond  criterion  be  satisfied, 
wherein  the  debond  energy  relative  to  the  fiber  fracture  energy, 
r„  satisfy  Fyr,  <  1/4.*  Control  of  sliding  is  needed  to  ensure  a 
notch-resistant  material,  such  that  t  100  MPa.  Larger  values 
result  in  high  stress  concentrations  on  fibers  around  notches  and 
lead  to  notch-sensitive  materials.’  Coatings  of  C  and  BN  meet 
these  criteria,  but  both  are  susceptible  to  oxidation.  Conse¬ 
quently,  when  SiC  fibers  are  used,  and  when  matrix  cracks  are 
present,  oxidation  embrittlement  is  encountered  because  the 
fiber  oxidizes  to  form  a  silicate  layer  that  violates  debonding 
requirements.*  Other  coatings  are  thus  desirable  for  high-tem¬ 
perature  applications.  The  present  study  examines  some  alter¬ 
native  fibCT  coating  concepts,  with  emphasis  on  coatings  for 
oxide  fibers,  such  as  sapphire,  which  are  not  subject  to  the 
above  oxidation  problem. 

Debonding  of  sapphire  fibers*  requires  coatings  with  a 
debond  energy  F,  ^  5  J-m'’.  Few  high-temperature  materials 
have  intrinsic  fracture  energies  small  enough  to  satisfy  such  a 
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requirement.  Potential  options  are  oriented  micas." '  some 
amorphous  oxides,*  and  fugitive  coatings  which  are  removed 
after  composite  consolidation.'"  However,  the  amorphous  coat¬ 
ings  have  limitations  governed  by  viscous  flow  at  elevated  tem¬ 
peratures.  plus  reaction  with  Al,0,.  Two  alternative  concepts 
are  explored  in  this  article:  (i)  porous  oxide  coatings  aitd  (ii) 
coatings  that  form  “weak"  interfaces  with  Al,0,.  The  first  con¬ 
cept  recognizes  that  porosity  generally  decreases  the  fracture 
energy  of  brittle  materials,  such  as  oxides. "  Consequently,  cer¬ 
tain  porous  oxide  coatings  may  be  able  to  satisfy  debonding 
requirements  for  sapphire  fibers,  by  allowing  debonding  within 
the  coating  itself.  'The  second  concept  is  ba^  on  the  expecta¬ 
tion  that  certain  nonoxide  coatings  may  allow  interface  debond- 
ingf  While  most  such  interfaces  have  relatively  hi^  fracture 
energies  (F,  >  10  J-m'-),’  larger  than  that  required  fr>r  the 
debonding  of  sapphire  fibers,  preliminary  evidence  has  sug¬ 
gested  that  ceitain  refractory  metals  provide  suitably  low 
values.’ 

An  effective  coating  should  have  the  attribute  that  it  does  not 
degrade  the  strength  of  the  fibers.  Consequently,  coatings  that 
either  react  with  or  dissolve  the  fibers  are  usually  unacceptable. 
This  thermochemicai  requireriKnt  further  limits  the  potential 
set  of  coating  materials.  Various  refractory  materials  that 
exhibit  known  thermochemicai  compatibility  with  AljOs  at 
1S00*C  have  been  evaluated  (Table  I),  plus  C.  Y2O),  a^  the 
refractory  metals.  Mo,  W,  Cr,  and  Zr.  llie  latter  are  still  suscep¬ 
tible  to  oxidation,  but  in  conjunction  with  oxide  fibers,  it  is 
hoped  that  the  composite  system  would  have  good  durability  in 
oxidizing  atmospheres,  superior  to  either  C  or  BN  coatings  on 
SiC  fibers. 

II.  Approach 

The  overall  approach  used  to  identify  viable  fiber  coating 
concepts  is  illustrated  in  Fig.  I .  Planar  geometries  readily  ame¬ 
nable  to  processing  and  testing  are  used  to  screen  candidate 
coating  materials.  The  associated  test  procedures  include  a 
Heruian  indenution  technique'*  and  a  mixed-mode  flexure 
test”  (Figs.  1(a)  and  (b)).  For  coatings  that  exhibit  debonding. 


Thi!»  concept  IS  being  esplwed  at  Corning  Incorporated,  by  K .  Chyung. 


Table  1 .  Some  Materials  Thermochemically  Stable  with  AI,Os 
at  1500% 


Malcfial 

Ref. 

ReiMfks 

7-TiAI 

29 

AUO,  dissolves 

Nb 

30 

AI.O,  dissolves 

NiAl 

31 

ZrO, 

32 

1249 


1250 
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ihe  tructure  energy,  f,.  may  also  be  determined  from  these 
tests  The  subset  ot  coating  matenuls  that  satisfy  liber  debond¬ 
ing  requirements  is  then  ur  J  to  address  composite  perfor¬ 
mance  For  this  purpose,  sapphire  libers  are  coated  and 
incorporated  into  a  bnttle  matnx.  Beam  specimens  are  cut  from 
the  consolidated  plate  (Fig.  1(c)).  with  the  libers  onented  along 
the  beam  axis.  Tensile  and/or  flexural  tests  are  then  used  to 
a.s.sess  the  interaction  of  a  crack  with  the  coated  fibers  and  to 
obtain  information  about  the  sliding  stress,  t.  The  magnitude  of 
T  is  ascertained  from  a  measurement  of  the  crack  opening  dis¬ 
placement  as  a  function  of  the  applied  load.'"  Such  tests  also 
permit  measurement  of  the  fiber  pull-out  length,  h.  and  the  fiber 
fracture  mirror  radii”  The  latter  yield  a  direct  estimate  of  (he 
in  situ  strengths  of  fibers.  S.‘*  The  magnitudes  of  S  and  h.  in 
turn,  give  another  estimate  of  t.  and  thus  provide  a  useful  con¬ 
sistency  check.  In  addition,  t  can  be  obtained  from  fiber  push- 
through  tests  (Fig.  1(d)). In  the  present  study,  a  combina¬ 
tion  of  the  above  tests  is  used  to  assess  coating  concepts  for  sap¬ 
phire  fibers  in  polycrystalline  AKO,. 

111.  ExperimcnUl  Procedure 
(!)  Processing 

The  coatings  were  deposited  either  by  evaporation,  sput¬ 
tering.  chemical  vapor  deposition,  or  sol-gel  methods.  For  the 
planar  geometry,  coatings  were  deposited  on  two  surfaces, 
each  representing  either  the  fiber  or  matrix  component  of  the 
composite.  Bonding  was  then  conducted  by  hot  pressing  at 
homologous  temperatures  (for  the  coating  material)  in  the  range 
0.4  <  T/T„  <  0.7.  Consequently,  the  system  experienced  a 
thermal  cycle  arutlogous  to  that  expected  for  composite  pro¬ 
cessing.  Specimens  containing  fibers  were  produced  by  sputter 
or  evaporation  coating  sapphire  fibers  and  incorporating  them 
into  powder  matrices,  using  hot  pressing  to  achieve 
consolidation. 

(A)  Coating  Deposition:  Oxide  “sol-gel"  coatings  were 
produced  from  liquid  precursor  materials.  A  spin  coating  appa¬ 
ratus  was  used  to  deposit  the  coatings  onto  the  planar  subst^s 
used  for  diffusion  bonding.  The  coated  substrates  were  then 
heat-treated  in  air  to  temperatures  suitable  for  pyrolysis  of  the 
precursor,  typically  below  I000°C.  During  pyrolysis,  the  film 
is  converted  to  an  oxide.  Subsequent  iterations  were  used  to 
increase  the  thickness  of  the  coating. 

Sputtered  coatings  were  deposited  onto  sapphire  disks  and 
fibers  (Saphikon  single-crystal  sapphire  fibers)  in  an  rf  diode 
sputtering  unit.  The  spunering  tarots  used  in  most  cases  were 
high  purity  (^99.9%);  only  the  W  target  had  a  lower  purity 
(~99.S%).  Oxide  coatings  were  deposited  by  reactive  sput¬ 
tering  using  a  S0%-S()%  mixture  of  research-grade  argon  and 
oxygen  at  a  total  working  gas  pressure  of  6  mtorr.  The  interme- 
tallic  compounds  were  p^uced  from  dual  opposed  targets  of 
the  pure  elements.  Both  the  refractory  metal  and  intermetaliic 
coatings  were  deposited  in  an  atmosphere  comprised  of 
research-grade  argon  at  6  mtorr  working  gas  pressure.  The  top 
and  bottom  target  voltages  were  maintained  at  3  and  0.5  kV. 
respectively.  Fibers  were  rotated  during  coating  at  ~  I  rpm. 

Submicrometer-thick  Mo  coatings  were  deposited  onto  sap¬ 
phire  fibers  using  an  electron  beam  evaporator  and  a  high- 
purity  target.  A  glow  discharge  cleaning  procedure  was  used 
prior  to  coating  the  fibers.  Deposition  was  carried  out  at  rela¬ 
tively  high  vacuum  (<  10'*  torr),  with  the  fibers  rotated  at  ~  10 
rpm. 

The  carbon  coatings  were  produced  by  a  low-pressure  chem¬ 
ical  vapor  deposition  technique  in  which  methane  was  mixed 
with  research-grade  argon  carrier  gas  in  a  tube  furnace.  Flow 
rates  of  10  cm^/min.  for  the  methane,  and  100  em'/min.  for  the 
argon,  were  used.  Throughout  deposition,  the  furnace  tempera¬ 
ture  was  maintained  at  1 200°  to  1 300°C. 

iB)  Bunding  and  Consolidation:  For  experiments  to  be 
conducted  with  planar  configurations,  three  different  AI<Oi 
materials  were  u.sed:  (i)  (0001 )  sapphire:  (ii)  a  high-purity  poly- 


crvstaHiiK*  material:  and  iiiii  a  low -punts  matenal  (Coors 
AD-ddS  and  CiHirs  AD-dh  substrate',  rcspeciisels  i  The  test 
specimens  were  prtxluced  by  dilfusion  bisnUine.  usinc  a  proce¬ 
dure  desenbed  elsewhere  '  Bondine  m  FT  ~  0  5  allowed 
coatings  to  be  produced  w  ith  relative  densiiv  levels  in  the  ranee 
0  65  to  1 

Tests  on  coaled  sapphire  libers  were  conducted  after  incorpo¬ 
rating  into  a  high-puriiy  idd  d'l  i  polycry sialline  .AI.O,  matrix. 
For  this  purpose,  submicromeier  AI-()  powder  i  .AKP-.M)  w  ith  a 
panicle  si^e  of  ~().2  p.m  obtained  trom  :sumiiomo  Chemical 
Co. .  Ltd. )  was  isostaiically  cold-pressed  into  two  thin  disks  5 
cm  in  diameter.  These  disks  were  then  sintered  in  air  at  1500°C 
for  2  h.  A  row  of  coated  fibers  and  hnise  pviwder  were  placed 
between  the  disks,  the  assembly  insened  between  dies  arid  vac¬ 
uum  hot-pressed  at  150U°C  for  2  h  subject  to  an  axial  pressure 
of  —2  MPa.  These  consolidation  conditions  resulted  in  an 
essentially  fully  dense  matrix. 

(2)  Testing  and  A  naiysis 

(A)  Mechanical  Behavior:  The  Flertzian  indentation  and 
mixed-mode  flexure  testing  procedures  used  with  planar  speci¬ 
mens  have  been  described  elsewhere.'^'*  The  flexural  tests 
required  precracking.  This  step  was  conducted  in  three-point 
flexure,  using  a  row  of  Knoop  indentations  along  the  tensile 
surface  to  control  the  crack  pop-in  load  and.  hence,  the  extent 
of  the  ptecrack  along  the  interface. 

The  tests  used  with  the  specimens  containing  fibers  have 
been  performed  using  a  combination  of  fiber  push-out  and  pull¬ 
out  techniques.  The  fiber  push-out  technique  has  been 
described  previously.^  The  fiber  pull-out  tests  required  that 
chevron  notches  be  machined  into  beams  conuining  single 
fibers  (Fig.  1(c)).  This  notch  geometry  ensured  stable  crack 
growth  through  the  beam  upon  flexural  loading.  The  crack  was 
grown  until  the  crack  front  passed  below  the  fiber.  This 
occurred  with  a  small  crack  opening,  which  induced  some  fiber 
debonding  and  sliding.  After  precracking,  the  beam  was  sup¬ 
ported  and  the  remaining  matrix  ligament  mechanically 
removed.  This  procedure  created  a  specimen  consisting  of  two 
blocks  of  matrix  material  bridged  by  a  single  fiber,  amenable  to 
(ensile  testing.  Tests  were  conducted  in  situ  in  a  Hitachi  2100 
scanning  electron  microscope  (SEM)  to  permit  measurement  of 
the  crack  opening  displacement  and  the  corresponding  tensile 
loads.  These  measurements  may  be  used  to  evaluate  the  sliding 
resistance,  t.  '* 

(Bl  Analytical  Techniques:  Specimens  for  scanning  elec¬ 
tron  microscopy  were  prepared  using  standard  metallographic 
techniques.  Ca^n-coated  samples  were  examined  in  a  JEOL 
SM  840  SEM  in  secondary  mode.  The  microscope  was 
equipp^  with  a  Tracor  Northern  TN  SSOO  system.  Samples  for 
transmission  electron  microscopy  (TEM)  were  prepared  by 
grinding  wafers  to  a  final  thickness  of  approximately  100  fim 
before  cutting  3-mm-diameter  specimens.  These  were  subse¬ 
quently  dimple-ground  and  ion  milled  to  electron  transparency 
with  Ar  at  5  kV  and  I  mA  at  14°  incidence  angle.  The  samples 
were  examined  at  200  kV  in  a  JEOL  2000FX  TEM  quipped 
with  a  LINK  eXL  high  take-off  angle  energy  dispersive  spec¬ 
troscopy  system.  Computer  simulations  and  indexing  of 
select^  area  diffraction  (SAD)  patterns  were  facilitated  by  the 
Diffract  software  package  (Microdev  Software.  Hillsboro.  OR 
97124). 

IV.  Coating  Characterization 

f/>  Oxides 

For  the  oxide  coatings,  a  range  of  porosities  was  generated, 
as  illustrated  in  Fig.  2.  At  the  equivalent  bonding  cycle,  the 
thinner,  sol-gel  coatings  had  lower  intercoating  porosity  than 
the  sputtered  coatings,  whereas  the  porosity  at  the  interface  was 
similar  for  both.  In  all  cases,  the  gram  size  was  about  equal  to 
the  coating  thickness.  The  most  notable  features  found  by  TEM 
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Fig.  1.  Approach  adopted  to  identify  viable  fiber  coating  concepts  for  brittle-matrix  composites,  consisting  of  develofring  testing  procedures  to 
ev^uate  the  debonding  and  sliding  propensities  of  various  coatings  on  sapphire. 


were  bend  contours  in  the  sapphire  caused  by  residual  strains’’ 
(Fig.  3).  For  unstabiiized  Z1O2  coatings,  extensive  straining  in 
the  sapphire  was  apparent,  as  well  as  microcracks  within  the 
coating  (Fig.  3(A)).  This  effect  diminished  with  decreasing 
coating  ttickness  (Fig.  3(B)).  Selected  area  diffraction  indi¬ 
cated  that  the  Z1O2  was  monoclinic  and  the  strains  are  attributed 
to  the  tetragonal-to-monoclinic  phase  transformation.  For  ZrO^ 
coatings  partially  stabilized  with  3  mol%  Y^O,,  the  tetragonal 
phaM  was  retained  and  the  intensity  of  tte  strain  contours 
diminished  (Fig.  3(C)).  However,  some  residual  strain  per¬ 
sisted,  attribute  to  the  thermal  expansion  mismatch  between 


ZiO;  and  AI2O].  Such  strains  appear  to  be  an  inherent  problem 
with  oxide  coatings,  potentially  leading  to  fiber  strength  degra¬ 
dation  (Appendix). 

(2)  Refractory  Metab 

For  the  refractory  metal  coatings,  thin  foil  cross  sections  for 
TEM  were  difficult  to  produce,  because  of  debonding.  How¬ 
ever,  for  Mo,  results  have  been  obtained  in  two  cases:  (a)  a  thin 
(0.7  p.m)  evaporated  coating  with  the  high-purity  AljO,  matrix 
and  ^)  a  thicker  (>3  p.m)  sputtered  coating  with  the  lower- 
purity  AI2O]  matrix.  For  the  former,  the  coating  appeared  to 


Kig.  2.  /rf)  coating’ sapphire  inli.Tlaci.s  proilucod  h\  Itie  lnllnuinL’ ilillii'it'ii  hxiidme  si.liedules  i  \imi|  eel  inatiiiL' dillusinn  hmidcd  al  I  '(HiC  Im 
12  h  wilh  an  applied  Iliad  111  I  Ml  a.  i  H  i  sputlered  eiiaiiii;j  diMusinn  hmided  al  l'iMi(  inr  1 2  li  «  ilh  an  apjilied  luad  iil  I  \tl’a.  i(  i  spiillered  ^nal 
in^  ditlUMon  bonded  al  1  hHI  (.'  lot  4S  h  leKh  an  applied  load  nt  Ml’a 


have'  Mime  eiiseimtinuil)  (Ml;.  4(A)),  hui  olherveise  survieeit  Ihe 
eonsolidalnin.  These  eliseiintinuiiies.  which  are  induced  b\  dil- 
lusiun.  are  Ivpieal  lor  thin,  poKcryslalline  tilms,  '*  ITJ.S  analy¬ 
sis  was  unable  to  detect  either  Mo  in  the  ,M  ()  or  Al  in  the  Mo 
For  the  latter,  a  relatively  thick  (  ,^(K)  nm)  dense  polycry stal- 

line  MoO.  phase  was  found  at  the  sapphire  interlace  (Fig, 
4(B)),  In  addition,  an  amorphous  silicate  phase  was  observed  at 
the  MoOyMo  interlace  that  presumably  resulted  from  viscous 
flow  of  the  silicate  from  the  polycrystalline  A|.().  into  porosity 
at  this  interface. 

The  Mo  coatings  were  also  investigated  by  SHM.  tifwr 
dchondin^.  For  sputtfred  coatings,  oxide  particles  (identified 
as  MoO.)  were  found  to  be  attached  to  the  sapphire  in  regions 
where  debonding  (Kcurred  between  the  Mo  and  sapphire.  X-ray 
diffraction  of  the  debond  surface  confirmed  the  presence  of 
MoO,  on  the  .sapphire.  Shallow  ridges  were  also  apparent  on 
the  sapphire  side  of  the  debond  surface,  having  spacings  com¬ 
parable  to  the  grain  size  in  the  metal  (Fig.  5(A)).  These  ridges 
are  believed  to  form  at  grain  boundaries,  by  diffusion  during  the 
bonding  priKess,  as  equilibrium  dihedral  angles  are  estab¬ 
lished.  Small  impressions  were  evident  on  the  Mo  side  of  the 
debonded  surface  between  Mo  and  the  hif>hcr-piirii\  Aid), 
(Fig,  b),  having  dimensions  which  coincide  with  the  AI.O, 
grain  size.  These  are  believed  to  have  formed  by  deformation  of 
the  Mo  during  diffusion  bonding. 


The  spiiiu  ri  d  L'r  cuaiing'.  exhibited  similar  leatures  .A  thin 
polyeryvl.illme  chromium  oxide  (  2(K)  nm  thick)  was  attached 

to  the  sapph)re  (Fig  7i,  with  the  remainder  of  the  coating  being 
Cr.  Analysis  by  EDS  indicated  no  Cr  in  the  AlO:  and  only  trace 
amounts  of  .Al  in  the  chromium  oxide  Selected  area  diftraction 
patterns  established  that  the  chromium  oxide  was  C'r.O,.  and 
significant  porosity  existed  at  the  metal  oxide  interlace 
Debonding  was  evident,  occurring  between  Ihe  metal  and  its 
oxide  layer. 

The  spuitfrt’d  Vv'  coalings  on  sapphire  exhibited  pronounced 
ridges  on  the  sapphire  side  of  the  debond  surface  (Fig,  5(B)I. 
These  have  been  associated  with  Fe-  and  Cr-rich  grain  bound¬ 
ary  impurity  phases,  originating  in  Ihe  sputtering  target  The 
resulting  degradation  of  the  sapphire,  evident  in  Fig  5(B). 
illustrates  the  importance  of  selecting  chemically  stable  coat¬ 
ings  Similar  features  were  observed  at  C  .AI.O.  interfaces  dif¬ 
fusion  bonded  al  high  temperatures  (  ■UIKfC)  under  high 
vacuum  (  '10  ''  lorr).  For  this  sy  stem,  the  ridges  are  attributed 
to  the  formation  of  an  AI.C  reaction  product 

Studies  of  the  us-spuuvri'd  Mo  and  Cr  lilms.  using  W'DS  and 
X-ray  diffraction,  revealed  an  oxide  surface  layer.  In  addition, 
there  was  an  oxide  layer  adjacent  to  the  sapphire,  ideniilied  by 
peeling  the  coaling  from  the  substrate.  These  findings  indicate 


Fig.  3.  (A)  Fxicnsive  bend  contours  in  the  sapphire  when  unslahili/ed  ZK).  sputtered  coalings  were  used  ll  is  helicved  that  the  contours  result 

from  strain  in  the  fiber  due  lo  Ihe  /-  •  m-Zrf)  phase  iranslomialion  (B)  The  bend  contours  in  Ihe  sapphire  ilccrease  with  coaling  thickness  tor  the 
unslabilized  sol-gel  ZrO  coating  ((')  The  extent  of  bend  contours  was  tiirlher  reduced  when  thin  slabih/ed  sol  gel  Zr()  coalings  were  used  The 
remaining  stresses  are  believed  to  result  from  C'TF  mismatch  across  (he  well-bonded  inlerlacc 
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Fi(>.  4,  (A  I  Tl.M  imcrivjraph  shussiivj  ihc  di--cv>ntiniii'us  suhniicromolcr  Mo  cojiini;  on  a  sapphire  nher  in  ihe  hieh  punts  A I  ( )  mains  i  H  i  1 1  \I 
micrographs  ol  a  dillusion  honded  Mo  sapphire  interlace  ssiih  the  losser  punts  \l  ()  A  cmtlinuous  MoO  phase  occurs  adiacent  to  the  sapphire  and 
an  amorphous  silicate  phase  esists  ss  ithin  the  it  i  'riacial  pores  hetsseen  Mo  and  the  Mot )  phase 


thal  the  oxide  phase  is  iniiialls  deposited  on  the  sapphire  sub¬ 
strate  durini;  sputtering  and  that  a  surtace  oxide  lornis  subse¬ 
quent  to  deposition,  prior  to  ditiusion  bondino 

V.  Mechanical  Measurements 
f/)  Debonding 

Preliminary  experiments  conducted  on  planar  specimens 
with  a  spherical  indenier  provided  inlonnalion  about  the  inci¬ 
dence  of  debonding  at  a  .^0'  crack  inclination  to  the  interlace. 
From  such  experiments,  it  was  established  that  most  dtlYusion- 
bonded  coatings  formed  high  fracture  energy  interfaces.  Only 
the  coalings  consisting  of  Mo.  W.  Cr.  Zr.  and  C  debonded  con- 
si.stently.  Coatings  tif  ZrO-  and  \  .AhO,  were  found  to  exhibit 
variable  debonding  tendencies.  Coalings  of  Nb.  -y-TiAI.  and 
NiAl  did  not  debond.  Furthermore,  from  the  list  of  promising 
coating  materials,  several  were  observed  to  chemically  react 
with  the  sapphire  during  diffusion  bonding.  The  only  coaling 
materials  from  this  set  which  were  found  to  be  chcmuuHx  sui- 
hli'  with  sapphire  aNive  I.Y(X)°C  and  tti  rclkihly  dchond  were 


hjrmcd  hv  chcmicjl  rcjction  durinj:  bondini!  \*nh  >  ()  coudngv 


Mo.  Cr.  porous  Zrf)..  and  porous  Al-C);  Further  studies  were 
conlined  to  these  materials  The  relracttirx  metals  would  obvi¬ 
ously  oxidi/e  during  service  The  cflecis  ol  Oxide  formation  on 
coaling  performance  would  need  to  be  further  studied  In  at 
least  one  instance,  lor  Mo.  coating  oxidation  can  be  benehcial. 
as  discussed  in  Section  V(2). 

The  dehonding  propensity  of  the  rclrticton  metal  coatings 
was  observed  to  vary  w  ith  the  purity  of  the  Al-O..  When  either 
sapphire  or  sapphire  plus  high-piirin  polycrystalline  AI.O  was 
used,  debonding  occurred  consistently  with  I’,  =■  4  J  iii  -  lor 
Mo  and  2-.Y  J  m  '  lor  Cr  Furthemiore.  as  already  noted,  the 
debonding  occurred  at  the  interfaces  between  either  Mo  AI.O, 
or  Mo  Mo().  and  Cr  Cr-O,  Conversely,  when  the  impure  .AI.O, 
was  used,  debonding  was  not  observed  in  the  Hertzian  indenta¬ 
tion  lest,  implying  a  lower  houmi  for  F,  of  -  16  Jm  '  This 
behavuir  is  attributed  to  the  silicate  phase  found  at  the 
Mo'MoC).  interface,  which  seemingly  forms  a  strong  bond  ' 
and  increases  1',  for  that  interface.  In  addition,  as  already  noted. 
MoO.  appears  to  bond  well  with  sapphire. 


’This  lower  N>und  is  I .  -  ()  XT, .  lorrcspondinj;  to  j  crjck  inkrijcc  iniitn»ih«>n 
ot  wuh  r.  2<U  m 


Fig.  5.  (A)  Shallow  ridges  observed  on  ihc  sapphire  surface  of  a  Mo/sapphirc  diffusion  couple  upon  debonding.  (Bl  Pronounced  ridges  on  the 

debonded  sapphire  surface  when  an  impure  W  coating  was  used.  The  grain  boundary  impurity  phase  is  composed  of  Fe  and  Cr. 
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Fig.  6.  Mo  coating  contbrming  to  the  surface  features  of  a  high- 
purity  polycrystalline  AI.O,  substrate  during  diffusion  bonding. 


The  results  for  the  oxide  coatings  were  found  to  be  sensitive 
to  the  coaling  porosity.  The  dense  coatings,  which  have  a  rela¬ 
tively  high  interfacial  fracture  energy,  debond  along  the  inter¬ 
face.  But  debonding  only  occuned  when  the  crack  approached 
the  interface  at  a  shallow  inclination.  Conversely,  the  coatings 
having  the  lowest  relative  density  (p  ==  0.65),  exhibited  a  rela¬ 
tively  low  interfacial  fracture  energy,  P,  «  5  J  m  %  and 
debonded  within  the  coating,  at  all  crack  inclinations.  Such 
debonds  exhibit  fracture  surface  features  typical  of  those  for 
porous  ceramics."  These  debonding  tendencies  are  rationalized 
by  using  the  coating  density,  p,  as  a  plotting  variable  against  the 
ratio  of  the  interfacial  fracture  energy  to  sapphire  fracture 
energy  r/r,(Fig.  8(A)). 

The  debonding  results  obtained  for  all  of  the  above  coatings 
can  be  displayed  on  a  debond  diagram,  relevant  to  sapphire 
fiber-reinforced  brittle-matrix  composites  (Fig.  8(B)). 


(A) 
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Elastic  Mismatch,  a 

(B) 

Fig.  8.  (A'  The  relative  density  of  oxide  coatings  plotted  as  a  func¬ 
tion  of  P/P,  clarifies  the  role  of  coating  porosity  in  the  debonding  pro¬ 
cess.  (B)  A  summary  of  the  interfacial  fracture  energy  measurements 
for  various  coatings  on  sapphire  is  presented  on  a  “debond  map."  Coat¬ 
ings  which  fall  within  the  fiber  debonding  regime  of  the  map  have  some 
potential  for  sapphire  fibers.  However,  coatings  denoted  by  ir  were 
found  to  chemically  react  with  sapphire;  these  were  precluded  from  fur¬ 
ther  consideration. 


(2)  Sliding  Resistance 

For  porous  oxide  coatings  on  sapphire  fibers  in  a  polycrystal¬ 
line  APO,  matrix,  single-fiber  tests  revealed  small  fiber  pull-out 
(Fig.  9).  Debonding  resulted  in  a  monolayer  of  the  oxide  parti¬ 
cles  attached  to  the  fiber  that  remairfed  throughout  the  sliding 
process  (Fig.  9).  These  particles  are  believed  to  act  as  asperities 
that  resist  sliding,  resulting  in  a  relatively  large  sliding  stress,  t. 
This  stress  was  estimated  from  the  pull-out  length  and  the  fiac- 
ture**^'*  mirror  radius  to  be  —140  MPa  (Table  II).  A  similar 
value  was  obtained  from  fiber  push-out  measurements.  This 
value  of  T  is  larger  than  that  required  for  optimum  composite 
strength  and  toughness. 

The  refractory  metal  coatings  debond  readily  during  single¬ 
fiber  pull-out  tests,  but  the  coating  is  plastically  deformed.  This 
deformation  occurs  because  the  coating  conforms  to  both  the 
matrix  and  the  fiber  during  consolidation  and  results  in  prohibi¬ 
tively  high  sliding  resistances,  such  that  little  fiber  pull-out 


Fig.  7.  Cr/sapphire  diffusion  bond  containing  a  Cr.O,  phase  adjacent 
to  the  interface. 
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Fig.  9.  A  porous  oxide  interface  led  to  fiber  pull-out  of  a  feu  fiber 
diameters  Oxide  particles  were  observed  to  sinter  to  the  sapphire  liber 
and  remained  attached  during;  pull-out.  The  fracture  mirror  on  the  liber 
is  also  visible 


occurs  (Fig.  10).  Similar  behavior  is  found  during  push-out 
tests  (Fig.  1 1(A)),  which  also  indicate  a  high  sliding  resistance. 
T  =  120  MPa  (Fig.  13). 

A  reduction  in  the  sliding  resistance  for  Mo-coated  fibers  has 
been  achieved  by  removing  the  coatinn.  after  composite  consol¬ 
idation.  to  leave  a  gap  between  the  fiber  and  the  matrix.  This 
has  been  accomplished  by  heating  the  composite  in  air' 
(IffOO'C  for  2  h).  The  surface  roughness  of  the  fiber  and  the 
matrix  then  provide  the  sliding  resistance.  For  coatings  some¬ 
what  thicker  than  the  asperity  amplitude  on  the  fiber  ( ~  I  jim). 
the  sliding  resistance  obtained  from  crack  opening  displace¬ 
ment  measurements  in  single-fiber  pull-out  tests  is  found  to  be 
small  (T  <  I  MPa),  with  large  asstKiated  pull-out  lengths  (Fig. 
12).  This  sliding  resistance  is  too  low  for  the  requisite  combina¬ 
tion  of  strength  and  toughness  in  the  composite.  For  thinner 
(—0.7  p.m)  coatings,  push-out  tests  indicate  a  sliding  resistance 
within  the  requisite  range,  t  =  20  MPa  (Fig.  13).  with  no  evi¬ 
dence  of  wear  mechanisms  on  the  fiber  surface  (Fig.  1 1(B)). 

VI.  Concluding  Remarks 

The  debonding  and  sliding  properties  of  various  coating 
materials  on  sapphire  fibers  have  been  evaluated.  In  general, 
most  materials  bonded  well  to  sapphire.  The  notable  exceptions 
were  certain  refractory  metals  (such  as  Mo.  Cr.  and  W)  which 
formed  low  fracture  energy  interfaces  with  sapphire.  Several 
factors  may  be  responsible  for  the  low  debond  energies:  poros¬ 
ity  at  the  interfaces,  oxygen  dissolved  in  the  metal  (that  sup¬ 
presses  plastic  dissipation)."  and  the  formation  of  a  metal  oxide 


*Bccausc  Mo  forms  volatile  omdes 


Table  II.  Sliding  Stress  with  Porous  Alumina  Interface 


Fraclufc  mirror 

In  situ  fiber 

Fulloul 

Sliding 

radius. 

sirenplh.-V* 

length. 

stress,  T 

iM-ml 

(GPal 

h 

(M-ni) 

iMPal 

27 

l.6« 

193 

142 

•5  =  35(V  where  A.  IS  the  fiber  umphness  1  2.5  MPa).'  t  =  S{r,2h). 
where  r  IS  the  sapf^irc  fiber  radius  ' 


iMoO;  or  Cr-O  ).  '  .A  svxtematic  studv  would  be  needed  to 

identify  the  eniieal  faetorisi 

(huh-  cmtiiiies.  which  lomi  vtrong  interfaees  with  sapphire, 
can  aKo  tv  uselul  debond  eoating>.  paw  ided  that  they  ci'iii.un  .t 
vignilieaiit  amount  of  [loriKiiy  subsequent  loeompi'site  eonsoli 
dation  The  porosity  in  these  coatings  provides  a  low  ir.ietiiie 
energy  path  causing  debonding  within  the  eoatme  1  he  ['r.Kii 
e.il  problem  ol  ensuring  coating  porosuv  mav  fv  appio.u  lied  bv 
iiieorporaling  a  seeond  phase  material,  such  as  eoiloiJ.il  graph¬ 
ite.  into  the  coating  and  removing  it  alter  the  eomposiic  is 
evmsolidated 

The  sliding  eharaeteristies  ol  the  various  interfaces  were  also 
investigated.  The  sliding  resistance  obtained  on  interfaces  pro¬ 
duced  with  refractory  metal  coatings  is  apparently  too  high  for 
significant  liber  pull-out.  because  the  coating  detorms  during 
sliding  However,  for  coatings  such  as  Mo.  which  form  volatile 
oxides,  the  interfaeial  sliding  resistance  can  be  signilieanily 
reduced  through  coating  removal  by  heal  treatment  in  air.  Fugi¬ 
tive  carbon  coatings  also  have  this  attribute.'"  but  were  not  used 
in  this  study  because  the  carbon  reacted  with  the  sapphire  in  the 
diffusion  bonding  experiments,  it  is  recognized,  however,  that 
altering  the  processing  conditions  could  eliminate  this  problem. 
Once  the  coaling  has  been  removed,  the  fiber  surface  and 
matrix  roughness  provide  the  sliding  resistance  needed  tor  load 
transfer.  The  resultant  system  is  also  oxidatively  stable.  The 
coaling  thickness  relative  to  the  fiber  and  matrix  roughness 
amplitude  is  now  a  key  parameter.'-  An  optimization  study  is  in 
progress. 

The  sliding  resistances  of  oxide  coatings  examined  in  this 
study  were  also  unacceptably  high,  becau.se  of  the  undulating 
debond  trajectory.  It  is  believed  that  t  can  be  reduced  if  the 
grain  size  and  porosity  of  the  coating  are  carefully  controlled. 
Further  studies  of  the  effect  of  debond  surface  irregularities  on 
the  sliding  behavior  are  needed  to  address  this  issue. 

Fiber  strength  degradation  is  another  concern  for  oxide  coal¬ 
ings.  When  reaction  products  with  the  fiber  coating  are 
avoided,  potential  sources  of  fiber  strength  degradation  persist, 
including  residual  strain  (Fig.  3)  and  undulations  prvxiuced  on 
the  fiber  surface  by  diffusion  (Fig.  5).  Some  basic  characteris¬ 
tics  are  amenable  to  analysis  (Appendix).  The  predictions  (Fig. 
14)  indicate  that  m-ZrO,  coalings  are  unacceptable  because,  for 
typical  coating  thicknesses  (h  =  0.1-1  (am),  the  large  mismatch 
stresses  cau.sed  by  the  transformation  lead  to  fiber  strengths 
below  the  acceptable  limit  for  high-performance  applications 
(S  <  1  GPa).  Furthermore,  coatings  such  as  YAG  with  a  mis¬ 
match  governed  by  thermal  expansion  are  also  predicted  to 
cause  an  unacceptably  low  fiber  strength  (S  <  2  GPa).  unless 
the  coatings  are  thin  (/»  <  3  (am).  A  general  implication  is  that 


Fig.  10.  Short  fiber  pull-out  lengths  were  observed  when  Mo  coat¬ 
ings  were  used. 
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Fig.  II.  The  surface  morphology  of  the  pushed-out  sapphire  fibers 
was  found  to  change  when  the  Mo  coating  was  removed  by  oxidation: 
(A)  as-hot-pressed  condition:  (B)  heat-treated  condition. 


Fig.  12.  Long  liber  pull  out  eun  rc'uli  when  Ihiek  i  h  (xnn  Mo  eoai 
mg',  are  removed  h\  ovidaiioii 
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Fig.  13.  Fiber  push-out  curves  reveal  that  the  interfacial  sliding 
resistance  was  decreased  to  an  acceptable  level  by  removing  the  submi¬ 
crometer  thick  (0.7  p.m)  Mo  coating  from  the  interface. 


oxide  coatings,  which  typically  bond  well  to  sapphire,  are  a 
possible  source  of  fiber  strength  degradation.  The  extent  of 
degradation  is  diminished  by  thin  coatings  and  small  thermal 
expansion  mismatch.  Also,  porosity  in  the  coating  tends  to  alle¬ 
viate  the  degradation  problem. 

APPENDIX 

Fiber  Degradation 

When  the  coating  is  in  residual  tension  caused  by  thermal 
expansion  misfit,  the  coating  cracks  before  fiber  failure  and 
may  cause  a  degradation  in  fiber  strength.  When  this  crack  pen¬ 
etrates  into  the  fiber,  the  stress  intensity  factor.  for  a  crack 
of  depth  a  assexiated  with  the  residual  field  from  the  coating 
is'^ 

An  =  1 .  lA.  iri/l  I  -  I'l 

I  .  I  (T,,/// ^  TTfl  (A-l) 


Fig.  14.  The  predicted  influence  of  oxide  coatings  on  the  strength  of 
sapphire  fiber:  p  is  the  coating  densiiy.  It  is  assumed  that  the  uncoated 
fibers  have  a  strength  ,5„  =  2.5  GPa. 
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where  Ct  is  the  misfit  strain,  b  the  coating  thickness.  £,  its 
Young’s  modulus,  v  its  Poisson's  ratio,  and  a„  the  misfit  stress. 
The  applied  stress  a  also  induces  a  stress  intensity*^ 

AT  =  I .  layjira  (A-2) 

By  adding  the  /Cs  and  equating  to  the  fracture  resistance  of  the 
fiber,  the  stress/crack  length  relation  becomes 


a  =  0.9 


V 


ita 


ira 


(A-3) 


Differentiating  Eq.  (A-3)  and  setting  dtr/da  =  0  for  the  maxi¬ 
mum.  gives  a  fiber  strength, 

S  =  =  0.2(£,r,/a„A)  (A-4) 

This  result  applies  when  S  is  smaller  than  the  strength  5a  of  the 
uncoated  fibers.  Fiber  strengths  as  a  function  of  coating  thick¬ 
ness  for  a  range  of  dense  and  porous  oxide  coatings  are  plotted 
in  Fig.  14. 
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Abstract 

Environmentally  compatible  interfaces  based  on  double  coating  concepts  have  been  developed  for  sapphire  fibers  in 
y-TiAl  matrix  composites.  The  fiber  coating  design  involves  two  layers  with  distinct  functions:  one  in  contact  with  the 
fiber  which  provides  the  debonding  and  sliding  characteristics  required  for  toughening,  and  a  second  one  next  to  the 
matrix  which  proteas  the  fiber  and  debond  layer  from  diffusional  interactions  and  mechanical  degradation  during 
processing.  Three  double  coating  systems  were  tested  wherein  the  debond  layer  consisted  of  pyrolytic  carbon,  colloidal 
carbon  or  a  mixture  of  carbon  and  alumina.  The  diffusion  barrier  was  in  all  cases  a  dense  alumina  layer  <  5  /mi  thick. 
With  the  exception  of  the  pyrolytic  carbon,  all  other  coatings  were  applied  by  slurry  processing  techniques.  After 
composite  consolidation,  the  coatings  were  evaluated  using  fiber  push-out  tests,  whereupon  each  double  coating  was 
found  to  enable  successful  debonding  and  sliding  of  the  sapphire  fibers.  The  environment^  compatibility  of  the  coatings 
was  tested  by  oxidizing  the  carbon  in  the  debond  layer  at  elevated  temperatures.  This  produced  measurable  changes  in 
the  interfacial  properties,  but  push-out  tests  confirmed  that  the  coating  design  still  allowed  fiber  debonding  and  sliding 
within  the  ranges  desired  for  improving  toughness. 


1.  Introduction 

The  mechanical  properties  of  fiber-reinforced 
materials  are  known  to  be  strongly  influenced  by  the 
fiber/matrix  interface  [1-9].  Optimum  longitudinal 
properties,  for  both  brittle  and  ductile  matrix  materials, 
require  that  the  interfaces  debond  and  slide  with  a  rela¬ 
tively  low  shear  resistance,  t,  relative  to  fiber  strength, 
S.  Small  values  of  zjS  are  needed  to  achieve  a  '  ule-of- 
mixtures”  composite  tensile  strength,  by  ensuring  a 
global  load  sharing  condition:  generally,  r/5  must  be 
smaller  than  -0.05  [10-13].  A  high  composite 
fracture  resistance  also  requires  small  values  of  r/5  as 
needed  to  achieve  large  fiber  pull-out  lengths  and 
hence,  a  substantial  contribution  of  fiictional  dissipa¬ 
tion  to  the  work  of  rupture  [10, 14, 15]. 

Single  crystal  sapphire  fibers  offer  significant  poten-  • 
tial  for  both  hi^  temperature  strengthening  and 
tou^ening  of  intermetallic  matrix  composites,  notably 
y-TiAl.  Unfortunately,  directly  bonded  interfaces 
between  AljOj  and  y-TLAI  are  “strong”  and  do  not 
debond  easily  during  fracture  [16].  He  and  Hutchinson 
[17]  have  proposed  that  an  interface  should  have  a 
fiucmre  energy,  Tj,  lower  than  1/4  of  the  fiber  fracture 
energy,  T,,  if  it  is  to  fail  ahead  of  an  incident  crack.  (A 
detailed  description  of  the  debonding  criterion  is  given 
in  ref.  17.)  Rej'orted  T,  values  for  sapphire  fibers  [18] 


range  from  7  to  23  J  m~^,  requiring  in  principle  that 
Fi  s:  2  J  m' This  suggests  the  use  of  fiber  coatings  to 
introduce  “weak”  interfaces  with  suitably  small  values 
of  Fj  and  r  [1-6,  20].  The  intent  of  this  study  was  to 
devise  and  test  fiber  coatings  that  fulfill  the  requisite 
debonding/sliding  characteristics  for  sapphire  fibers  in 
y-TlAl  matrix  composites.  The  potentitd  applications 
also  require  the  coating  to  be  thermochemic^y  com¬ 
patible  with  the  composite  constituents,  sufficiently 
strong  to  maintain  its  integrity  during  processing,  and 
capable  of  maintaining  the  toughening  mechanisms 
operational  after  exposwe  to  oxidative  environments 
at  temperatures  in  excess  of  1000  "C. 

Prior  studies  have  shown  that  many  coating  candi¬ 
date  materials  which  are  environment^y  stable  would 
also  bond  strongly  to  sapphire  [1].  Conversely, 
materials  that  have  been  found  to  debond  easily  fi'om 
AI2O3,  notably  C  and  refractory  metals  like  Mo  and  W 
[1],  are  prone  to  diffusional  interactions  with  the  y- 
TLAl  matrix  and  are  not  oxidatively  stable  at  high  tem¬ 
peratures.  The  latter,  however,  could  still  be  utilized  if 
the  coatings  are  designed  in  the  double  layer  configura¬ 
tions  proposed  in  Fig.  1.  The  present  work  focuses  on 
C-based  coatings  but  similar  approaches  may  be  imple¬ 
mented  with  W  and  Mo  [1]. 

In  one  approach  (Concept  1  in  Fig.  1 ),  a  thin  layer  of 
C  is  in  direct  contact  with  the  fiber  and  covered  with  a 
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Fig.  1 .  SchemaQc  Tepresentation  of  three  double  coating  concepts  for  sapphire  fibers  in  }^TiAl  matrix  composites. 


thicker,  dense  AI2O3  layer  which  separates  it  from  the 
matrix  and  prevents  interdiffusion  during  processing. 
The  C  coating  would  be  fugitive  [21]  under  oxidative 
environments,  but  can  be  designed  to  leave  a  gap 
between  the  fiber  and  the  dense  AI2O3  layer  which 
obviates  the  need  for  debonding  (Concept  2).  A  sliding 
resistance  could  still  be  incorporated  if  the  C  layer  is 
chosen  to  have  a  thickness  smaller  than  the  peak-to- 
peak  amplitude  of  the  fiber  roughness.  The  ‘"debond” 
(gap)  surfaces  would  mimic  the  underlying  fiber 
topography,  as  shown  in  Fig.  1,  and  the  fiber  displace¬ 
ments  would  result  in  asperity  interactions  that  give 
rise  to  a  finite  r.  (In  the  particular  case  of  the  sapphire 
fibers,  the  surface  has  a  sinusoidal  roughness  pattern 
which  produces  a  modulated  sliding  response  [22].) 
Obviously,  Concept  2  requires  that  the  AI2O3  layer 
does  not  sinter  to  the  fiber  in  order  to  maintain  the  ease 
of  slidir^. 

A  desirable  level  of  Fi  could  be  achieved  by  using 
porous  coatings  as  illustrated  in  Concept  3,  Fig.  1.  In 
this  case,  the  debond  layer  consists  of  a  C  +  AI2O3 
mixture  wherein  the  carbon  may  be  subsequently  elimi¬ 
nated  by  oxidation  to  yield  a  highly  porous  oxide.  This 
provides  discrete  bridging  between  the  fiber  and  the 
outer  coating.  Debonding  occurs  by  fiacture  through 
the  porous  oxide  [20]  and  the  sliding  resistance  arises 
fi’om  the  interaction  of  asperities  on  the  debond 
surfaces.  It  is  (  >ected  that  Fj  would  depend  on  coating 
porosity,  which  may  be  varied  through  processing  [20]. 


2.  Materials  and  processing 

Sapphire  fibers  with  c-axis  orientation  and  ~  130 
ftm  diameter  were  produced  at  Saphikon,  Inc.,  by  the 


Edge-defined  Film-fed  Growth  (EFG)  process.  These 
were  cut  into  6-cm  segments,  washed  in  an  ultrasoni- 
cally  stirred  acetone  bath  to  remove  the  sixing  and 
subsequently  heat  treated  at  SSO  *C  for  2  h  to  eliminate 
any  combustible  residue  on  the  surface. 

Three  debond  coatings  were  applied:  carbon  black 
(pyrolytic),  colloidal  carbon  and  a  C  -f-  AI2O3  mixture 
as  a  precursor  to  the  porous  oxide  coating.  Carbon 
black  was  simply  deposited  by  passing  fibers  through 
an  acetone  fkune,  generating  a  sub-micron  coating 
thickness.  Both  the  colloidal  carbon  and  the  C  +  AI2O3 
slurries  were  applied  by  dipping,  resulting  in  coatings 
with  final  thicimesses  ranging  fi’om  1  to  3  ;<m.  In  the 
first  case,  fibers  were  dipped  once  into  a  commercially 
available  colloidal  carbon  suspension  (from  Ted 
bic.).  The  latter  was  dUuted  with  isopropyl  alcohol  until 
its  viscosity  was  suitable  to  create  a  uiiiform  coating 
approximately  1  /tm  thick  after  drying.  The  C  +  AI2O3 
slurries  were  prepared  by  mixing  graphite  powder  <  1 
fjim  in  size  (from  Aldrich  Chemical  Co.)  into  an  alumina 
sol  (DISPAL  23N4-20,  fiom  Vista  Chemical  Co.), 
which  had  been  diluted  to  the  desired  AI2O3  content 
and  mixed  with  sufficient  nitric  acid  to  adjust  the  pH  to 
-  4.  The  ratios  of  alumina  sol  to  graphite  powder  were 
varied  fiom  6%  to  10%  to  change  the  coating  porosity 
after  oxidation.  (The  exact  porosity  content  of  each 
coating  was  not  determined,  but  the  changes  were 
inferred  fiom  fiber  push-out  tests  which  show  an 
increase  in  interfacial  fracture  energy  as  the  A1203 
content  is  increased.  One  should  also  note  that  the 
carbon  must  remain  in  the  coating  until  composite 
densification  is  completed.  Otherwise,  the  porous 
alumina  layer  would  densify  during  the  subsequent  hot 
isostatic  pressing.  This  paper  confines  its  attention  to 
the  10%  alumina  porous  coatings,  deferring  the  issue 
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of  coating  porosity  to  a  future  publication.)  All  clipped 
fibers  were  air  dried  prior  to  applying  the  second 
coating. 

The  outer  coating  was  also  applied  by  dipping  the 
previously  coated  fibers  into  a  slurry  consisting  of  0.18 
a-AfO,  particles  (AKP-50  from  Sumitomo 
Chemical  Co.)  and  the  commercial  alumina  sol  cited 
above.  Dispersion  of  the  powders  was  promoted  by 
adjusting  the  pH  of  the  sol  between  2  and  3.4  and  by 
using  ultrasonic  agitation.  The  viscosity  was  later 
adjusted  by  adding  deionized  water  and  nitric  acid  to 
maintain  the  pH  in  the  range  specified.  After  the 
second  coating,  the  fibers  were  air  dried,  heated  in 
vacuum  to  500-600  ®C  and  held  for  1  h  to  eliminate 
the  volatile  constituents,  and  finally  heated  to  1350  ®C 
in  Ar  and  held  for  2  h  to  densify  the  outer  A1203  layer. 
The  outer  coating  was  typically  5-10  fsm  thick  and 
-  97%  dense.  Further  densification  by  increasing  the 
sintering  temperature  was  not  attempted  out  of 
concern  for  the  possible  degradation  of  the  fiber  by 
reaction  with  the  carbon.  Studies  reported  elsewhere 
[23]  have  shown  that  the  coating  performs  effectively  as 
a  diffusion  barrier  in  spite  of  the  small  amount  of 
residual  porosity. 

Coated  fibers  were  carefully  incorporated  into  a 
slurry  of  y-TLAI  powder  (rapidly  solidified 
Ti-48Al-2.3M)-0.5Ta  with  an  average  particle  size  of 
~  120  ^m,  prepared  by  Pratt  and  Whitney  Labora¬ 
tories)  in  deionized  water  to  produce  green  compacts 
with  fiber  volume  fractions  of  -  20-30%.  The  green 
compacts  were  canned,  degassed  in  vacuum  at  300  ®C, 
seal^  and  hot  isostatically  pressed  in  argon  at  276 
MPa  and  1066  ®C  for  4  h.  Typical  cross  sections  of  the 
resulting  composites  are  shown  in  Fig.  2.  More  exten¬ 
sive  microstructural  analysis  is  reported  elsewhere  [23]. 

To  simulate  the  potential  effects  of  service  environ¬ 
ments  on  the  coatings,  slices  of  the  various  composites 
were  exposed  to  heat  treatments  in  air  at  either  800  'C 
for  1  h  or  1000  ®C  for  24  h,  and  the  interface  charac¬ 
teristics  re-evaluated. 


3.  Testing  procedures  and  analysis 

Push-out  tests  were  conducted  to  determine  the 
interfacial  characteristics  associated  with  each  of  the 
three  double  coatings  using  an  apparatus  and  pro¬ 
cedures  described  in  detail  elsewhere  [24].  Thin  w^ers 
of  the  composite  400-/<m  thick  were  cut  perpendicular 
to  the  fiber  axis  and  their  surfaces  were  subsequently 
polished  to  a  1-^m  diamond  finish.  Each  wafer  was 
then  mounted  on  a  support  base  so  that  a  fiber  was 
positioned  directly  above  a  200-|rm  diameter  hole  in 
its  center.  The  fiber  was  pushed  from  the  top  into  the 
hole  using  a  lOO-yum  diameter  SiC  cylindrical  indenter. 


The  fiber  displacements  were  monitored  by  a  trans¬ 
ducer  placed  at  the  bottom  of  the  specimen. 

Push-out  curves  typically  show  a  linear  elastic  load¬ 
ing  region,  following  by  stable  debond  propagation 
down  the  fiber/matrix  interface  [24].  The  debond  crack 
becomes  unstable  at  -1.5  fiber  radii  from  the  bottom 
side  of  the  specimen  resulting  in  a  load  drop.  A  P.  (The 
debond  instability  was  determined  from  finite  element 
calculations  carried  out  by  Liang  and  Hutchinson  [25]). 
Thereafter,  the  fibers  slide  relative  to  the  matrix.  The 
debond  load  drop,  AP,  is  related  to  the  debond  energy, 
r.,by[25] 


AP= 


/ +  (ro  +  pnf^)  -  jmB.  _  j  j 


B.R 


pB, 


(1) 


+  Pr 


where 

‘  (l-v,)£-H(l -Hv)£, 


and 

£  is  the  Young's  modulus,  v  is  Poisson’s  ratio,  subscript 
“f "  refers  to  the  fiber,  “h",  is  the  section  thickness,  p  is 
a  coefficient  of  friction,  P  is  the  fiber  radius,  is  the 
residual  axial  compressive  stress  in  the  fiber,  /Ik  is  the 
residual  radial  compressive  stress  at  the  interface,  and 
To  is  the  shear  strength  at  zero  normal  stress  (mechan¬ 
istically  related  to  an  asperity  pressure  that  arises 
during  fiber  sliding)  [22, 24, 26-29]. 

The  nominal  sliding  strength,  r,  at  push-out  dis¬ 
placement,  d,  is  obtained  from  the  instantaneous  load, 
P,  using 


2nR(h-d) 

In  general,  the  sliding  stress  is  not  constant,  because  of 
asperity  effects  and  wear  processes  [22,  26-28]. 
Consequently,  the  sliding  stress  just  after  the  debond 
load  drop  is  used  for  comparing  coatings.  It  is  also 
useful  to  compare  the  coefficients  of  friction  for  each  of 
the  sUding  interfaces.  For  this  purpose,  since  the  fiber/ 
matrix  asperities  are  in  near  perfect  registry  at  the 
onset  of  sliding  (  Tq  *  0),  p  is  given  by 

^  f?  .  f  P  \ 

^  2B,A  \nR-B,pR/ 


(3) 


Fit:.  2.  Representative  cross  sections  ot  double  cotited  sapphire  fibers:  a  general  view  of  a  composite  with  sol  ".,  of  dout'le 

coated  fibers;  b  carbon  bhick  dense  alumina;  c  colloidal  carbon  dense  alumina,  and  d  C*  III", .AlOi  precursor  to  porous  alumimi 
followed  b\  dense  alumina. 


l  AHI.I  I.  Material  properties 


I’ropertv 

;.-riAI 

Sapphiie  fiber 

'loung's  nidilulu''.  F  fli’a 

Poisson'v  ratio,  r 

IT.^.f 

11.27 

Thermal  c.xpansion  coefficient,  a 

l.f 

/mi  m  K 

The  stresses  and  are  evaluated  Irtim  the  thermal 
expansion  mismatch,  using  the  formulae  summarized 
in  ref.  .^0.  For  this  study,  it  is  tissumed  that  the  axial 
mismatch  pressure,  p^.  is  relieved  by  debonding.  The 
relevant  material  properties  used  in  cqns.  I  through 
are  included  in  dable  1 . 


4.  Results  and  discussion 

Typical  push-out  curves  for  the  as-hot  isostatically 
pressed  specimens  accompanied  by  scanning  electron 
micrographs  in  Fig.  .s  reveal  correspondences  between 
surface  texture  and  sliding  stress.  The  carbon  black 
interlace  Fig.  3iao  exhibits  a  very  small  debond  load 
drop  and  a  relatively  high  sliding  stress.  Recall  that  this 
is  the  thinnest  of  the  three  debond  coatings  and  will  be 
most  affected  by  the  underlying  fiber  surface  rough 
ness.  This  feature  is  demonstrated  in  Fig.  4.  where  the 
sinusoidal  modulations  in  the  load  displacement  trace 
are  clearly  visible.  Prior  work  has  shown  th;it  the  wave¬ 
lengths  noted  during  sapphire  fiber  push-out  are 
identical  to  those  of  the  fiber  surface  roughness  122j. 
The  fiber  surface  roughness  was  measured  both  by 
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Fiber  Displacement  (pm) 


Fiber  Displacement  (pm) 

Fig.  3.  A  comparison  of  representative  push-out  curves  and  associated  micrographs  of  pushed  fibers  with;  (a)  carbon  black  debond 
coating;  (bl  colloidal  graphite  debond  coating,  and  (c)  carbon  alumina  debond  coating.  In  all  cases  the  fibers  are  covered  with  a  layer 
of  dense  alumina  that  remains  bonded  to  the  matrix. 
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Fig.  4.  Fiber  roughness  appears  as  a  sinusoidal  modulation  in  the 
push-out  curve.  Note  the  approximately  10  pm  wavelength 
characteristic  of  the  sapphire  fiber  surface  topography. 


microscopy  and  profilometry,  wherein  profiles  taken 
along  the  fiber  axis  showed  a  sinusoidal  surface  modu¬ 
lation  with  a  predominant  10-^m  wavelength  and  a 
peak  to  peak  amplitude  of  0.3  ^m.  Notably,  the  load 
modulations  shown  in  Fig.  4  also  display  a  10-/tm 
wavelength.  Push-outs  for  the  colloidal  carbon  coating 
(Fig.  3b)  indicate  a  small  debond  load  drop— though 
larger  than  that  of  the  carbon  black  coating— and  a  low 
sliding  stress.  The  low  r  arises  because  the  relatively 
thick  and  brittle  C  coating  provides  a  fracture  propaga¬ 
tion  path  that  does  not  necessarily  mimic  the  underly¬ 
ing  fiber  geometry.  The  C-*-  IO70AI2O3  inner  coating 
(Fig.  3(c))  has  the  largest  debond  load  drop,  because 
the  associated  alumina  network  provides  a  bonded 
framework  between  the  fiber  and  outer  alumina  coat¬ 
ing  (fiber/matrix  bonding  is  inferred  from  the  relatively 
large  debond  load  drops  and  is  corroborated  by  the 
rough  appearance  of  the  debonded  interface).  How¬ 
ever,  once  sliding  commences,  the  sliding  stress  has  an 
intermediate  magnitude. 

Push-out  curves  obtained  after  high-temperature 
oxidation  exposure,  plotted  as  bands  in  Fig.  5  to  show 
the  range  of  variability,  provide  further  insight  into  the 
coating  performance.  Experimental  results  indicate 
that  these  treatments  eliminate  the  carbon  from  the 
inner  (debond)  layers  and,  after  prolonged  exposure  at 
1000  “C,  reveal  changes  in  the  interfacial  properties 
consistent  with  the  development  of  discrete  bond 
between  the  fiber  and  the  outer  AljOj  coating  [31J. 
The  C+IO70AI2O3  coating  transforms  to  a  porous 
alumina  layer  during  heat  treatment,  showing  a  signifi¬ 
cant  drop  in  sliding  stress  after  1  h  at  800  ‘C.  Contin¬ 
ued  heat  treatment  results  in  an  increase  in  sliding 
stress.  Fig.  5(a).  In  the  carbon  black  system,  oxidation 
slightly  relieves  the  mismatch  pressure,  such  that  the 


1  h  heat  treatment  at  800  "C  reduces  the  sliding  stress. 
Fig.  5(b).  However,  further  exposure  at  1000  "C  for 
24  h  increased  variability  in  the  sliding  behavior,  attri¬ 
buted  to  some  sintering  of  the  outer  AhO,  coating  to 
the  fiber.  The  colloidal  carbon  system  exhibited 
characteristics  similar  to  both  the  carbon  black  and 
porous  alumina  systems.  Fig.  5(c),  consistent  with  a 
reduction  in  the  eloping  pressure  after  an  800  *C  heat 
treatment  in  air.  Treatments  in  air  at  1000  *C  resulted 
in  an  increased  variability  in  the  sliding  stress.  The 
major  difference  between  the  coatings  is  in  the  fracture 
energy  of  the  interface  and  the  magnitude  of  the  initial 
sliding  stress. 

Values  of  the  debond  and  sliding  parameters  for 
each  of  the  as-hot  isostatically  pressed  systems,  F,,  r 
and  ft,  obtained  from  eqns.  ( 1  )-(3)  are  summarized  in 
Table  2.  Since  the  interfacial  fracture  energies,  F,,  are 
less  than  the  aforementioned  approximately  2  J  m'% 
each  of  these  coatings  satisfies  the  debond  criterion 
proposed  by  He  and  Hutchinson  [17].  A  bar  chart 
comparison  of  r  before  and  after  heat  treatment.  Fig.  6, 
facilitates  comparisons  and  validates  the  features  out¬ 
lined  above.  For  this  purpose,  r  was  computed  at  the 
peak  load  in  order  to  emphasize  effects  of  interfacial 
sintering  during  heat  treatment.  A  statistical  compari¬ 
son  of  the  results  (using  SYSTAT,  a  commercially  avail¬ 
able  statistical  analysis  software  package)  demonstrates 
that  heat  treatment  at  800  “C  for  1  h  significantly 
affects  the  sliding  stress  for  both  carbon  coatings,  but 
has  no  statistically  significant  effect  on  the 
C  +  10%Al2O3  coating.  However,  continued  heat  treat¬ 
ment,  at  1000  ®C  for  24  h,  introduces  substantial  vari¬ 
ability,  resulting  in  similar  sliding  behavior  for  all 
systems.  Preliminary  fi-acture  tests  conducted  on  beam 
specimens,  both  before  and  after  heat  treatment, 
revealed  substantial  fiber  pull-out,  e.g.  Fig.  7. 


5.  Concluding  remarks 

Double  coating  concepts  for  sapphire  fibers  in  y- 
TlAl  were  implemented  and  ev^uated  using  fiber 
push-out  tests.  These  double  coating  systems  employ 
an  inner,  debond  coating  of  either  carbon  or 
carbon -F  alumina  that  provides  a  path  for  interfacial 
crack  propagation  and  also  protects  the  fiber  during 
consolidation.  These  inner  coatings  are,  in  turn,  pro¬ 
tected  from  the  matrix  by  a  second,  diffusion  barrier 
consisting  of  dense  alumina.  Each  coating  system  was 
found  to  permit  debonding  and  sliding,  in  accordance 
with  accepted  criteria  for  strengthening  and  toughen¬ 
ing.  Thus,  the  double  coating  concept  had  been 
demonstrated  to  be  viable  for  intermetallic-matrix 
composite  systems. 
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Fig.  S.  Range  of  results  for  push-out  tests,  comparing  the  behavior  of  as-hot  isostatically  pressed  and  heat  treated  specimens,  (a)  carbon 
black,  (b)  colloidal  carbon,  and  (c)  carbon  +  alumina  debond  coating.  In  all  cases  the  carbon  is  eliminated  during  the  oxidative  heat 
treatment. 


TABLE  2.  Comparison  of  interfacial  properties  for  each  coating 


Sample 

r.lJm-^) 

T(MPa) 

ft 

Carbon  black/alumina 

0.01 

100 

0.23 

Colloidal  carixm/alumina 

0.01 

40 

0.09 

Ibrous  alumina/alumina 

0.05 

75 

0.09 

Results  from  oxidation  studies  show  distinct  inter¬ 
facial  differences  associated  with  removal  of  the  inner 
carbon  coatings.  One  effect,  which  is  beneficial, 
concerns  reduction  of  the  mismatch  strain,  causing  a 
decrease  in  sliding  stress.  Furthermore,  when  using 
fugitive  coatings,  fiber  roughness  plays  a  key  role  by 
allowing  asperity  interlock  after  the  coating  has 
oxidized.  The  second  effect  may  be  deleterious  since, 
in  the  absence  of  the  inner  coating,  the  outer  Ai203 
layer  may  sinter  to  the  sapphire  fiber.  This  not  only 
changes  the  debond  characteristics  of  the  interface,  but 
may  also  change  the  in  situ  fiber  strength,  both  of 


carbon  colloidal  porous 

black  graphite  alumina 


Fig.  6.  Comparison  of  the  peak  sliding  stress  for  each  coating 
and  each  heat  treatment  condition  as  calculated  from  the  tests 
illustrated  in  Fig.  S.  Means  and  standard  deviations  are  derived 
from  a  minimum  of  five  push-outs  for  each  coating  and  heat 
treatment. 


which  affect  composite  toughness.  These  deleterious 
effects  can  be  controlled,  however,  by  using  a  highly 
porous  AI2O3  network  within  the  inner  coating.  Alter- 
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Fig.  7.  Evidence  of  fiber  pull-out  after  fracture  testing  (courtesy 
of  Weber  etal.  [23|). 


natively,  the  outer  coating  may  be  replaced  by  another 
oxide  which  is  less  prone  to  sintering  with  sapphire. 
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Introduction 

Cobalt-tungsten  carbide  cermets  are  prototypical  dual-phase  composites  wherein  the  metal  is  the  minor 
phase  (volume  fraction.  /a,»0.1-0.2),  but  is  continuous,  because  of  capillarity  effects  at  the  mtetphase  interfaces 
during  sintering.  The  refinement  of  such  composites  into  the  nanometer  size  scale  regime  is  of  interest  and 
indeed,  has  been  achieved  (1],  with  the  expectation  that  nanoscale  refinement  will  enhance  such  properties  as 
hardness  and  tensile  stfength.  The  role  of  plastic  flow  in  the  metal  phase  on  the  stress/strain  curve  of  these 
composites  is  addressed  in  this  article.  The  emphasis  of  most  previous  analyses  of  dual-phase  metal/ceramic 
composites  has  been  on  the  flow  strength  of  systems  with  dispersed  particles,  in  the  /_>0.5  range.  The  results 
have  been  interpreted  either  by  using  a  dislocation  pile-up  approach  [2]  or  (for  >  0.8)  by  considering  dislocation 
loops  bowing  around  particles  [3].  Here,  we  suggest  that  neither  of  these  models  is  appropriate  for  cermets  with 
small  metal  fraction  (/ai<0.2)  at  size  sc^es  in  the  nanometer  regime.  Instead,  flow  in  the  metal  is  related  to 
single  dislocations  moving  in  the  metal  chaimels,  controlled  by  an  Orowan-type  relation.  FurtheitiKne,  the 
constraint  of  the  less  deformable  WC  is  shown  to  provide  stfong  flow  strength  elevation.  The  latter  efiect  has 
previously  been  evaluated  for  structures  in  the  micrometer  (or  greater)  regime  in  terms  of  a  continuum  approach 
(41. 


The  flow  properties  are  expected  to  be  sensitive  to  microstructural  details,  especially  the  morphology  of 
the  metal  phase.  Two  bounds  are  analyzed  (Fig.  1):  i)  both  phases  are  continumis,  with  the  metal  as  a  cylindrical 
network  along  the  three-grain  interface  of  the  ceramic,  ii)  only  the  metal  is  continuous  and  thus  serves  as  a 
'matrix''  with  embedded  ceramic  particles.  In  ail  cases,  it  is  assumed  that  the  stress  is  below  that  at  which  cracks 
form  in  the  ceramic,  that  the  interfaces  are  ’strong’  (do  not  debond)  and  that  the  ceramic  is  elastic.  Analysis 
of  the  latter  morphology  is  approached  from  two  perspectives:  one  based  strictly  on  continuum  plasticity, 
wherein  there  are  no  size  effects,  and  the  other  using  dislocation  models.  Comparison  of  these  two  approaches 
provides  important  insight  about  nanoscale  issues. 
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When  both  the  metal  and  ceramic  are  continuous,  the  stress/strain  behavior  without  cracking  should  be 
bilinear  (I^  2a)  and  essentially  the  same  as  that  found  for  either  a  metal  matrix  composite  with  contimious 
ceramic  fibers  [5]  or  a  ceramic  with  a  dispersed  metal  phase  [6].  The  initial  modulus,  £«,  is  governed  by  that 
for  the  composite  E,  and  the  slope,  beyond  the  Tmee*  is  related  to  modulus  of  the  composite  with  oil  of  the 
stress  borne  by  the  ceramic  The  intermediate  behavior  around  the  'knee'  is  governed  by  the  flow  properties 
of  the  metal,  through  the  evolution  of  load  shedding  to  the  ceramic  The  magnitude  of  E,  depends  on  the  precise 
morphology  of  the  metal,  analogous  to  the  strong  effects  of  pore  shape  on  the  modulus  of  porous  bodies.  Two 
extremes  are  of  interest  When  the  metal  has  the  morphology  of  rods  aligned  along  the  loading  axis,  the  'rule-of- 
mixtures'  applies,  such  that 

E,IE  -  (1-/J  (1») 

Conversely,  when  the  metal  occurs  as  an  isolated  spherical  phase 

EIE,  -  l♦Cl<V(7-5v^lfJ(l-^)  (lb) 

where  is  Poisson’s  ratio  for  the  ceramic  The  corresponding  composite  Poisson’s  ratio  is 

V,  -  (l/2)-£/l-2v;^  (Ic) 

The  location  of  the  Tmee'  and  the  behavior  in  its  vicinity  are  strongly  influenced  by  the  highly  constrained 
nature  of  the  plastic  flow  in  the  metal.  Consequently,  there  are  major  effects  of  morphology  ai^  of  residual 
stress  caused  ^  thermal  erqumsion  misfit  The  details  are  not  addressed  in  this  article. 

ContinuoM  Metal  Phase 

CaUBBam  Amnatcfa 

Some  basic  continuum  results  [7,8]  are  reviewed  first  The  stress/strain  curve  for  a  thin  metal  layer 
between  elastic  plates  (Fig.  2b),  in  the  ^)Mncc  of  work  hardening  in  the  metal,  exhibits  a  non-linear  transient 
with  high  apparent  work  hardening  of  the  composite,  followed  by  a  limit  stress,  o^  given  by, 

o,/«.  -  (3/4)^(V4)4rA  (2) 

where  o,  is  the  uniaxial  yield  strength  of  the  metal,  h  is  the  metal  thickness  and  d  the  plate  width.  This  limit 
stress  develops  after  strains  in  the  metal  layer  of  order  e,,  where  is  the  uniaxial  yield  strain.  If  the  metal  layer 
in  the  composite  has  uniform  width  evoywhenr,  the  initial  value  of  d/h  in  Eqn.  (2)  is  related  to  the  metal  volume 
fraction,  in  approximate  accordance  with 

/.  -  3Vd.  (3a) 

More  generally, 

/.  -  3xVd  (3b) 

where  x  is  dependent  on  the  excess  metal  phase  at  three-  and  four-grain  interfaces.  The  simplistic  results 
obtained  by  inserting  Eqn.  (3c)  into  Eqn.  (2)  have  several  obvious  limitations.  The  most  important  problems 
are  concerned  with  i)  the  metal  phase  morphology,  ii)  metal  phase  redatribmion  and  iii)  work  hardming  in  the 
metal.  Even  when  the  metal  is  perfectly  plastic,  o,  is  sensitive  to  x>  which  dictates  the  metal  concentration  at 
which  the  ceramic  phase  becomes  connected,  This  effect  is  illustrated  in  Fig.  2  for  the  case  of  a  ceramic 

phase  having  nominal  'equiaxed"  morphology.  As  expected,  o,/o,-«>  as  /.-/«.  Hence  the  definition  of  in 
terms  of  the  metal  phase  morphology  is  critical.  In  addition,  conservation  of  volume  in  the  metal  (assuming  no 
debonding  and  no  cavitation)  requires  metal  redistribution,  such  that  the  metal  phase  thickness  h  along  the 
transverse  interfaces  diminishes  as  the  composite  deforms.  In  the  limit,  h  can  reach  zero,  leading  to  contact  of 
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ceramic  grains  and  a  decrease  in  the  effective  value  of  the  area  fraction  in  some  regions.  This  effect  further 
elevates  the  flow  strength  as  the  composite  deforms  and  obviates  the  existence  of  a  limit  load.  Finally,  work 
hardening  in  the  metal  increases  the  flow  strength.  Some  typical  effects  for  power  law  hardening  with  equiaxed 
particles  (when  /„»0.8)  are  illustrated  in  Fig.  3. 

In  summary,  the  dramatic  effects  of  morpl.alogy  and  of  work  hardening  in  the  metal  on  the  stress/strain 
curve  establish  that  predictions  are  only  meaningful  when  complete  experimental  information  is  available 
concerning  these  factors.  Without  this  information,  the  utility  of  the  continuum  description  cannot  be  evaluated. 
However,  it  is  emphasized  that  the  continuum  approach  does  not  give  a  particle  size  effect  in  the  absence  of 
cracking,  debonding  and  cavitation,  at  least  when  the  morphology  is  size  independent.  Gear  experimental 
information  that  particle  size  is  important,  in  some  cases,  indicates  the  need  for  a  dislocation-based  approach 
to  address  certain  aspects  of  the  flow  behavior. 

Dislocation  Approach 

In  the  nanometer  size  regime,  two  issues  are  important.  Dislocations  can  neither  bow  around  the  ceramic 
particles,  because  of  geometric  constraints,  nor  can  they  be  sustained  in  a  pileup  array,  because  the  stress  to 
sustain  two  dislocations  (the  minimum  size  pileup)  exceeds  that  to  move  a  single  loop.  Instead,  loops  nucleate 
and  deposit  at  the  interface,  as  shown  in  Fig.  4a.  The  segment  of  these  loops  remaining  in  the  metal  phase  can 
then  move  in  the  z  direction  as  represented  in  Fig.  4b.  In  the  case  depicted,  the  dislocations  in  the  interface  are 
considered  to  be  edge  dislocations  and  the  moving  segments  screw  dislocations.  The  structure  is  analogous  to 
that  within  i)  persistent  slip  bands  in  fatigued  metals  [9];  ii)  heavily  deformed  pearlite  [10];  and  iii)  strained 
multilayer  structures  (strained  superlattices)  [11].  When  the  modulus  of  the  ceramic  exceeds  that  of  ^e  metal, 
the  dislocations  encounter  an  image  repulsion  and  stand  off  a  distance  y^  from  the  interface  [12,13],  For  an 
exueme  case  of  AljO^/Nb.  with  a  shear  modulus  ratio  of  6.  the  stand-off  distance  is  ya>0.09h.  Hence,  for  most 
cases,  this  image  effect  can  be  neglected.* 

The  resolved  effective  shear  stress  to  move  the  dislocation  segment  is 

T  >  phcos^/A  (4) 

where  n  is  the  shear  modulus,  b  is  the  Burgers  length  and  <p  is  defined  in  Fig.  4c.  The  angle  p  is  dictated  by 
the  line  energy  of  the  moving  (screw)  segment, 

{WJD  •  (|ihV4it)In(*/h)  (5a) 

relative  to  that  of  the  edge  segment  deposited  at  the  interface 

WJL  =  Iph*/4*(l-v)Jln(A/h)  (5b) 

Here,  A  is  the  mean  dislocation  spacing  in  the  interface.  Usually,  as  soon  as  microstrain  is  imposed  on  the 
system,  A  decreases  with  strain  to  a  limiting  value  ,  2-3b  [14],  The  relation  among  the  above  quantities  b; 
cosp=W,/W,.  Consequently,  since  W,  depends  weakly  on  h,  the  power  dependence  of  r  on  h  deviates  only 
slightly  from  -1  '[15]. 

The  resolved  effeaive  shear  stress  must  equal  the  resolved  flow  strength,  such  that, 

0^-0^  •  t/m  •  \ibcoa^mh  (6) 

where  m  is  the  Schmid  factor  for  the  active  glide  plane.  The  relationship  between  o^  and  o„  depends  on  the 
constraint  that  develops  in  the  thin  metal  layers.  This,  in  turn,  depends  on  the  plastic  flow  that  occurs  around 
the  comers  of  the  ceramic  particulate,  between  the  transverse  and  normal  layers.  If  such  flow  in  inhibited,  the 
system  behaves  in  a  strictly  elastic  manner.  Conversely,  if  this  process  occurs  readily,  the  composite  flow  strength 


*ir  U  is  signifkam,  the  effective  Orowan  segment  length  becomes  h-2yQ  instead  of  h. 
Usually,  scatter  in  data  is  such  that  it  is  difTicull  to  discern  deviations  from  - 1  power. 
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is  dictated  by  a  constraint  factor,  analogous  to  that  for  the  continuum  phenomenon.  Eqn.  (1).  Furthermore, 
composite  flow  is  controlled  by  the  transverse  la^  thickness,  which  decreases  as  the  composite  deforms,  leading 
to  geometric  hardening.  Specificaily,  since  the  plastic  strain  is  limited  to  the  metal  phase,  the  transverse  plastic 
strain  is 

•  -A*/2d 

whereupon  the  transverse  layer  thickness  reduces  to 

h/d  -  (hjd)*e'„  (7b) 


where  h,  is  the  initial  metal  layer  thickness.  The  ratio  h^/d  is,  in  turn,  related  to  the  metal  volume  fraction, 
subject  to  the  metal  phase  morphology  parameter  x.  Eqn.  (3b).  The  plated  dislocations  in  Fig.  4a  provide  load 
shedding  to  the  ceramic  phase  just  as  in  the  continuum  analysis.  Hence,  Eqn.  (2)  applies  to  this  case  with 
Og-t/m,  Eqn.  (6).  The  limit  flow  suength  for  nanoscale  structure  thus  becomes. 


9coa»xHWd)tt 

4*l/:-(3xAi)<^ 


(8a) 


-  (9coi^x^bfd)p/4ii^J 


(8b) 


Consequently,  when  /.  is  small  and  the  metal  phase  morphology  dictates  that  x  >  1,  constraittt  becomes  a  dominant 
faaor,  leading  to  linear  hardening.  Furthermore,  there  is  a  nanoscale  size  effect,  associated  with  the  term  b/d. 
Note  that  the  linearity  in  the  hardening  is  qualitatively  similar  to  the  flow  behavior  expected  when  the  ceramic 
phase  is  continuous. 
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Fig.l.  caranic-netal  coapositM  with  (a),  th*  Mtallie 
phase  continuous  and  (b) ,  both  phases  continuous. 
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Fig.  2.  Typical  stress-strain  curves  for  ceranic-netal 
conposites  with  (a) ,  both  phases  continuous  and  (b) , 
the  metallic  phase  continuous 
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Fig.  3.  Effect  of  power  law  hardening  exponent  N  on  the 
stress-strain  behavior  of  a  SMtal  eatrix-eguiaxed  ceraeic 
particulate  conposite  with  f^  ■  0.8  [7]. 
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Fig.  4.  Dislocations  foraed  in  o  phase  and  (a),  deposited 
at  or  near  interface  (view  along  dislocation  line) ,  (b) , 
bowing  out  and  moving  (view  perpendicular  to  (a) .  (c)  shows 
the  geometry  of  the  bowed  segment. 
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ON  CRACK  EXTENSION  IN  DUCTILE/BRITTLE 
LAMINATES 

H.  C.  CAO  aad  A.  G.  EVANS 

MateruUs  DqMrtment.  College  of  Engmaering,  University  of  California,  Saou  Barbara,  CA  93 1 06,  U.S.A. 
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Abatract — ^The  proMem  of  crack  progrcttion  in  a  laminate  consisting  of  alternate  brittle  and  ductile  layers 
has  been  addressed.  A  finite  element  analysis  has  been  used  to  calculate  stresses  in  the  vicinity  of  a  crack 
and  the  results  rationaliaed  on  the  basis  of  low  and  high  stress  bounds  associated,  respectively,  with 
small-scale  yielding  and  with  a  shear  lag  at  the  interface.  Preliminary  experiments  conducted  on  AljOj/Al 
laminates  have  been  used  to  assess  the  crack  extension  criterion,  upon  comparison  with  the  stress  analysis. 
Implications  for  the  strength  and  toughness  of  laminates  are  briefly  presented. 


Btsami — On  a  souleve  le  proUdme  de  la  progression  des  fissures  dans  un  materiau  laminaire  constitud 
de  couches  fiagiles  et  ductiles  altemies.  Une  analyse  par  ddments  finis  a  Hi  utilisde  pour  calculer  lea 
contraintes  au  voisinage  d’une  fissure,  et  les  rdsuluts  ont  etd  rationaliads  a  partir  de  hmites  de  faiUe  et 
de  forte  contraintes  assoddes  lespectivement  d  une  plastidtd  d  petite  dchelle  et  d  un  retard  du  dsaillement 
d  I'interface.  Des  expdrienoes  prdlhnitiaires  mendes  sur  des  matdriaux  laminaites  A1]0]/A1  ont  permis 
d’dtabUr  un  critdre  d'allongement  des  fissures,  par  comparaison  avec  I'analyse  des  contraintes.  On  prdsente 
bridvement  ce  qui  en  decoule  pour  la  idsistancr  mdcanique  et  la  duretd  des  matdriaux  laminaires. 

ZaaMumsafiaamai — Die  Frage  der  Riflauabieitung  in  einem  aus  altemieiend  q>r6den  und  duktilen 
Schichten  bestehendem  Laminat  wird  behandelt.  Mit  einer  Finit-Element'Aiialyse  warden  die  Spannungea 
in  der  Ndhe  des  Risses  berechnet;  die  Ergebnisae  werdeii  auf  der  Grundlage  von  Bindungen  mit  kleiner 
Spannung,  die  mit  Fheflen  in  kleinem  Maflstab  zusammenhangea,  und  mit  grofler  Spannung,  die  mit 
einem  Sdierungsverzug  an  der  Grenzfliche  xusammenhingen,  erkldrt.  VoiUufiige,  an  Al]0|/Al-Lami- 
naten  durchgeiuhrte  Experimente  enndglichen,  das  Rifiausbreituiigskriterium  nach  Vetgleicfa  mit  der 
Spannungsanalyse  abzus^taen.  Die  Bedeutung  der  Festigkeit  und  der  Zahigkeit  der  Laminate  wird  kurz 
behandelL 


1.  INTRODUCTION 

Several  composite  reinforcement  concepts  involve 
material  combinations  consisting  of  one  brittle  and 
one  ductile  constituent.  Examples  include  metal 
matrix  composites  leinforoed  with  ceramic  fibers  and 
laminated  composites  comprised  of  alternate  layers 
of  atber  ceramics  or  intermetallics  with  metals  [1,2]. 
Failure  propagation  in  such  composites  involves  tlw 
transmission  of  cracks  from  one  Mttle  layer  into  the 
adjacent  brittle  layers,  across  the  intervening  ductile 
material  [1-3],  as  schematically  indicated  on  Fig.  1. 
This  oack  propagation  process  may  be  characterized 
by  a  resistance  curve  [3],  wherein  the  nominal  stress 
intensity  factor  increases  with  crack  extension 
(Fig.  1).  The  intent  of  the  i»esent  study  is  to 
explore  criteria  for  the  propagation  of  cracks  in  such 
systems. 

To  motivate  analysis  of  this  phenomenon,  exper¬ 
iments  are  conducted  on  laminated  test  specimens. 
The  materials  used  consist  of  a  high*purity  poly- 
crystalline  Ai203  and  Al.  In  this  system,  the  interface 
has  a  suflteientiy  high  fracture  energy  [1,4]  that 
crack  propagation  occurs  without  deboi^g.  The 
additioiuU  complexity  introduced  by  debonding  is 
thus  avoided. 


2.  EXPERIMENTS 

Zl.  Procedures 

Two  types  of  specimen  geometries  have  been  used: 
an  asynunetric  ceramic/metal/ceramic  sandwich  and 
a  lamiiuite  consisting  of  alternate  layers  of  ceramic 
and  metal.  The  spedmens  were  made  by  solid-state 
difiuaon  bonding  at  a  temperature  close  to  the 
melting  point  of  the  metal,  and  subject  to  a  small 
applied  pressure  ( ~  S  MPa).  Test  beams  for  sand¬ 
wich  specimens  were  cut  from  the  bonded  plates  and 
surfaces  ground  using  a  lesin-bonded  diamond  wheel. 
The  ovnrall  dimensions  were  3  x  4  x  25  mm,  the 
outer  alumina  layer  was  1  mm  and  the  aluminum 
layer  was  100  |im.  The  side  faces  were  metallograph¬ 
ies  polished  to  facilitate  observations  of  cracking 
in  the  AljOj  and  a  slip  in  the  alloy,  and  to  control 
edge  flaws.  Laminate  specimens  having  dimensions  of 
~  5  X  10  X  45  mm  were  prepared  in  a  similar  fashion. 
The  thickness  of  the  alumina  layers  was  —  I  mm, 
w^iile  the  aluminum  layers  varied  in  thkdeness  be¬ 
tween  50  and  100  tim.  The  volume  fraction  of  metal 
was /» 0.05-0.1.  The  beams  were  tested  in  three- 
point  flexure  with  an  outer  span  of  either  20  or 
40  mm,  in  the  orientations  depicted  in  Figs  2  and  3. 
In  some  cases,  Knoop  indentations  were  placed  into 
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Crack  Extension,  Aa 


Fig.  1.  A  schematic  indicating  crack  transmission  across 
ductile  layers  and  associated  resistance  curve  characteristics. 

the  tensile  surface  prior  to  testing  in  order  to  extend 
cracks  stably  up  to  the  interface.  The  first  type  of 
specimen  geometry  is  used  to  address  the  crack 
extension  criterion  and  the  second  to  study  the 
toughness  of  laminated  composites. 

2.2.  Mechanical  properties 

The  load/defection  response  of  sandwich  speci¬ 
mens  is  characteristic  of  the  behavior  reported  in  a 
previous  publication  [1].  An  initial  load  drop,  which 
initiates  at  P, ,  coincides  with  cracking  of  the  outer 
tensile  layer  (Fig.  2).  The  lower  load  P;  is  the  load 
sustained  by  the  crack  arrested  at  the  first  interface. 
Further  deflection  of  the  beam  causes  the  load  to 
increase  non-linearly  to  a  load  at  which  another  crack 


P/2  Crack  P/2 


Datadlon.S 

Fig.  2.  A  Khematic  of  the  sandwich  test  geometry  and  a  typi¬ 
cal  load/deflection  curve,  indicating  the  characteristic  lo^. 

nucleates  in  the  second  AljO)  layer  and  the  load 
drops.  The  sequence  of  evenu  between  crack  arrest, 
plastic  deformation  and  crack  transmission  are 
vividly  revealed  in  Fig.  3.  The  plastic  zone  initiates  at 
the  tip  and  then  extends  preferentially  along  the 
interface.  The  sequence  of  events  observed  in  lami¬ 
nate  specimens  is  similar;  the  crack  continues  to 
arrest  and  renucleate  at  each  metal/ceramic  interface 
(Fig.  4).  Additionally,  the  crack  is  bridged  by  intact 
metal  layers  across  the  crack  surfaces.  The  nominal 
resistance  associated  with  this  process  is  presented  in 
Fig.  5. 

In  some  cases,  multiple  cracking  of  the  brittle 
layers  occurred,  whereupon  the  crack  front  and 
the  fracture  zone  became  diffuse.  For  material  that 


Fig.  3.  Observations  of  cracking  and  the  formation  of  the  plastic  zone  near  the  crack  tip. 
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Fig.  4.  A  laminate  specimen  and  the  corresponding 
load/deflection  curve.  The  load  peaks  refer  to  extension 
across  successive  brittle  layers,  while  the  minima  represent 
arrest  at  the  meul  layers.  Note  the  dark  regions  in  the  metal 
intercepting  the  crack.  These  occur  because  the  metal  is 
drawn  from  the  surface  due  to  plastic  deformation. 

exhibits  such  behavior,  analysis  of  the  fracture  pro¬ 
cess  involves  considerations  additional  to  those  dis¬ 
cussed  in  the  present  study.  Multiple  cracking 
becomes  more  prevalent  as  either  the  strength  or 
thickness  of  the  brittle  layers  increases.  For  example, 
this  mode  can  be  induced  by  careful  polishing  of  the 
specimen  side  surfaces  to  eliminate  edge  flaws  in  the 
ceramic  layer. 

The  above  experimental  information  has  estab¬ 
lished  several  characteristics  that  motivate  the  follow¬ 
ing  analyses;  (i)  cracks  can  be  transmitted  between 
brittle  layers  without  failing  either  the  ductile  layer  or 


0  1  2  3  4  5 

Crack  Length,  a  (mm) 

Fig.  5.  A  nominal  resistance  curve  obtained  from  Fig.  4. 


the  interface;  (iii  the  crack  propagation  load  dimin¬ 
ishes  as  the  crack,  extends,  resulting  in  a  nomiiwl 
resistance  to  crack  extension.  Ag  =  10  l.'MPa^  m. 
substantiallv  higher  than  the  crac^ng  resistance 
cf  the  brittle  layers  [I]  (  ~  MPa,,_  ml.  (in)  cracks 
arrested  at  the  interface  exhibit  plastic  blunting, 
accompanied  b\  the  formation  of  a  plastic  zone 
within  the  metal  layer. 

3.  STRESS  FIELDS 
3.1.  Some  basic  results 

A  simplified  overview  of  the  salient  mechanics 
provides  a  background  for  the  more  detailed  finite 
element  calculations.  Two  limits  seemingly  character¬ 
ize  the  stress  distribution  in  the  next  brittle  layer 
ahead  of  a  crack  arrested  at  a  brittle/ductile  interface. 
The  limits  can  be  expressed  in  terms  of  two  non- 
dimensional  quantities:  //a,  the  ratio  of  the  plastic 
zone  size  to  the  crack  length  and  a  I a^.  the  ratio  of  the 
imposed  stress  to  the  uniaxial  yield  strength  of  the 
ductile  material  (Fig.  6).  For  small  values  of  both 
parameters  (//a  <  1,  aioo  <  1).  a  small-scale  yielding 
(S.S.Y.)  limit  applies,  wherein  ^/a  ~  (ala,,)'.  For 
large  values  of  both  parameters,  a  shear  lag  (S.  L.) 


0.5  1.0  2.0  5.0 

Relative  Stress,  G/Go 


Fig.  6.  (a)  A  schematic  showing  the  plastic  zone  width,  1.  (b) 
Schematic  of  trends  in  plastic  zone  size.  At  small  stresses,  the 
results  are  conveniently  normalized  using  small-scale  yield¬ 
ing  fla  -  (e/ool^  while  at  larger  stresses,  a  shear  lag  scaling 
is  used,  ('/a  ~ 
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limit  obtains  with,  ^ja  '•a lag.  An  elementary  ap¬ 
preciation  for  these  limits  can  be  gained  from  stan¬ 
dard  S.S.Y.  and  S.L.  solutions.  For  an  elastically 
homogeneous  material  in  S.S.Y.,  the  stress  in  the 
elastic  zone  on  the  plane  ahead  of  the  crack  is 

A:,/.y/2^  (1) 

where 


and  X  is  th'  distance  ahead  of  the  crack.  Conse¬ 
quently,  at  a  distance  h  ahead  of  the  crack,  within  the 
elastic  zone. 


The  corresponding  width  of  the  plastic  zone  is  [S] 

«r/fl»0.817(o/ffo)'  (3) 

The  results  for  <r,,  and  f  given  by  equations  (1) 
and  (3),  respectively,  will  be  shown  to  have  wide 
applicability  in  the  S.S.Y.  limit,  even  when  the  plastk 
zone  size  /  is  large  compared  with  the  ductile  layer 
thickness.  A,  and  when  the  elastic  mismatch  is 
substantial. 

In  the  shear  lag  limit,  slip  in  the  ductile  layer  near 
the  interface  (Fig.  3)  extend  several  multiple  of  the 
crack  length.  Then,  with  the  shear  stress  on  the 
interface  given  by  the  shear  yield  strength 
force  equilibrium  governs  the  simple  result, 

^/a  =73(0/0,).  (4) 

To  estimate  the  <!„  stress,  some  simple  premises  are 
made,  and  later  justified  by  the  finite  element  calcu¬ 
lations.  By  regarding  that  tractions  o,/73  be  im¬ 
posed  on  the  intact  brittle  layer  over  the  slip  length, 
/,  the  o„  stress  on  the  plane  ahead  of  the  crack  for  an 
elastically  homogeneous  system  has  the  approximate 
form,  [6] 

dy /y.  (5) 

The  lower  integration  limit  (y  =  A)  has  been  used 
because  o^  =  0  at  the  crack  plane  and  only  attains  the 
shear  yield  strength  a^/y/S  at  a  distance,  y  »  A  from 
the  crack  plane.  Integration  of  equation  (3)  gives, 

ln(//A).  (6) 

The  following  numerical  results  will  be  shown  to  have 
broad  consistency  with  the  simple  estimation  of 
and  /  represented  by  equations  (6)  and  (4). 

The  S.S.Y.  and  S.L.  limiting  solutions  are  both 
important  because  they  relate  to  separate  events  in 
the  failure  sequence.  The  S.L.  limit  is  most  likely  to 
apply  upon  tensile  loading  when  disconnected  cracks 
first  form  in  the  brittle  layers.  The  S.S.Y.  limit  is  more 
an>licable  to  long  cracks  and  hence,  for  characteriz¬ 
ing  the  crack  extension  resistance. 


J.2.  Numerical  procedure 


A  finite  element  program  ABAQUS  has  been  used 
to  generate  numerical  elastic/plastic  solutions.  Two 
basic  plane  strain  geometries  have  been  used.  In  the 
first  instance,  the  S.S.Y.  limit  is  addressed  by  having 
a  thin  metal  layer  contained  in  an  infinite  body  with 
a  semi-infinite  crack.  Displacement  boundary  con¬ 
ditions  are  used,  characterized  by  the  mnote  K,  in 
accordance  with  the  homogeneous  elastic  field 


(7) 


where  u,  is  the  displacement,  (r,  0)  are  the  coordinates 
with  respect  to  the  crack  tip,  is  the  shear  modulus 
of  the  oermic  and  u,(6)  is  a  non-dimensional  co¬ 
efficient  [6].  The  boundary  conditions  arc  imposed 
along  a  circular  contour  having  radius  many  times 
( >  100)  both  the  metal  layer  thickness  A  and  the 
I^tk  zone  size,  t.  The  geometry  is  discretized  by 
using  4-noded  quadra-lateral  isoparametric  elements 
in  association  with  a  full  integration  scheme.  The 
ratio  between  the  layer  thickness  and  the  outer 
boundary  radius  is  1/2000.  The  size  of  the  smallest 
element  is  h/X  (Fig.  7).  A  small  circular  region  is 
removed  from  the  crack  tip  at  the  front  metal/ceramic 


Crack  Tip 


Fig.  7.  Finite  element  mesh  used  for  small-scale  yielding 
calculations. 


CAO  ano  tVANS:  CRACK  EXTENSION  IN  DUCTILE  BRITTLE  LAMINATES 


3001 


Table  I  Maienal  propeniee 
Youni's  Modulus.  £ 

£(A1;0, 1-4:0  Gl»a 
£^(  All  —  '0  GPa 
j  -0  7t 

Poisson's  raiio.  0 


Yield  strength.  On 


i,,(Ai.o,  I  =  0 : 
i.jAll-0  3 


_ Al  -  70  MPa 

indicates  the  plane  strain  tensile  modulus  as  defined 

E  —  E/(  I  —  »•). 


by 


interfaces  to  exclude  aspects  of  the  problem  associ¬ 
ated  with  the  large  plastic  strain  at  the  crack  tip. 
The  region  is  also  taken  to  be  /■  50.  The  metal 
is  represented  by  a  power  hardening,  Osgood- 
Ramberg,  law  with  isotropic  hardening  and  a  harden¬ 
ing  coefficient,  A  =  20,  characteristic  of  Al.  An  elastic 
mismatch  characteristic  of  Al/ALOj  [8]  (Dundurs' 
elastic  mismatch  parameter  a  =  —0.7,  Table  1)  is  also 
used.t  The  crack  plane  >>  =  0  is  a  symmetry  plane. 
The  same  mesh  is  used  to  investigate  the  effect  of 
elastic  constant  mismatch  by  suppressing  the  plastic 
deformation  in  the  metal  and  varying  the  a  elastic 
mismatch  parameter  for  fixed  fi  =  a  /3. 

The  second  geometry  examines  the  S.  L.  limit  and 
the  traiuition  range.  It  consists  of  three  finite  layers: 
two  elastic  layers  on  the  outside  and  an  elastic/plastic 
layer  on  the  inside  (Fig.  8).  Periodic  boundary 
conditions  are  used  and  thus,  the  results  refer  to  a 
periodic  linear  array  of  cracks  in  a  laminated  com¬ 
posite.  The  lower  boundary  >>  =  0  is  a  symmetry 
plane  and  the  upper  boundary  is  kinetically  con¬ 
strained  to  move  along  the  y-axis  with  no  rotation 
and  with  zero  shear  traction. 

J.3.  Stresses 

In  all  cases,  the  elastic/plastic  calculations  confirm 
that,  for  elastic  mismatch  represented  by  a  =  —0.7, 
the  plastic  zone  develops  preferentially  along  that 
interface  intersecting  the  crack  front  (Fig.  9)  and 
subsequently  extends  across  the  metal  layer.  Trends 
in  the  plastic  zone  size  with  stress  obtained  using 
finite  geometries  are  plotted  on  Fig.  10.  The  S.S.Y. 
and  S.L.  limits  are  apparent:  S.S.Y.  at  //a  ;;  I  and 
S.L.  at  //<j  ^  1.  The  slight  non-linearity  at  large  £la 
may  be  attributed  to  the  use  of  periodic  boundary 
conditions,  which  cause  interactions  between  plastic 
zones.  The  interface  shear  stress  remain  essentially 
constant  within  the  plastic  zone  and  somewhat  larger 


tThe  Dundurs'  parameters  for  bimaterial  combinations  are 
defined  by 

*“£,(I-i.„)-l-£„(l-i..) 

£.(l-2u„)-£„(l-2u.) 

where  £  is  the  Young's  modulus  and  u  is  Poisson's  ratio. 
The  subscripts  c  and  m  refer  to  ceramic  and  metal, 
respectively. 
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Fig.  8.  Finite  element  mesh  for  three-laver  system 
(n/b  <  2/5, /i  a  -  1  4). 


than  (To/s/b  because  of  work  hardening  (Fig.  11). 
This  feature  is  the  basis  for  the  shear  lag  limit. 

A  summary  of  the  S.S.Y.  calculations  is  presented 
in  Fig.  12.  The  tesulu  emphasize  the  stresses  in 
the  brittle  layer,  at  x  =h.  and  are  normalized  by 
the  stresses  expected  at  the  same  location  in  a 
homogeneous  elastic  body.  The  major  conclusion 
for  present  purposes  is  that  the  a,.,  stresses  are  almost 
the  same  as  those  applicable  to  a  homogeneous 
elastic  body  (within  10%),  even  when  the  plastic 


Fig.  9.  Calculated  evolution  of  plastic  zone.  The  hatched 
areas  define  the  zone  size  at  different  stresses  e/og, 
(a)  ala„  <  1.35,  (b)  a  On  >  1.06. 
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Fig.  10.  CalculiKid  trends  in  non-dimensonnl  slip  length  /la  with  lelntive  applied  stress.  Also  shown  are 
the  analytical  small-scale  yielding  and  shear  lag  predictions. 


zone  size  i  is  several  times  the  metal  layer  thickness  A  similar  conclusion  obtains  upon  varying  the 
[Ftg.  12(a)].  These  stresses  have  a  maximum  elastic  mismatch  between  the  metal  and  the  ceramic 
represented  by  {Fig.  I2(b)l. 

<7  For  analysis  of  the  laminate  geometry,  the 

(g)  stresses  are  nonnalized  by  the  nominal  apfdM  stress, 
^  a,  defined  as. 


Distance  from  crack  plane,  y/h 

Fig.  11.  Interface  shear  stresses  for  various  applied  stress  levels;  also  indicated  is  the  extent  of  the  shear 

lag  zone  at  the  largest  applied  stress. 
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Distance  From  Crack  Plane,  y/h 


Fig.  12.  The  a„  stresses  ia  the  brittle  layer  for  small-scale  yielding  normalized  by  the  values  expected  for 
a  homogeneous  elastic  body,  (a)  Effect  of  limited  plasticity  in  metal  layers,  (b)  Effect  of  elastic  mismatch. 


(r=>P/[a -I- 6 +£./!/£.]  (9) 

where  P  is  the  imposed  load  per  unit  width. 

Based  on  the  values  of  ^  summarized  in  Fig.  1 1,  the 
a„  stresses  are  plotted  in  Fig.  13  in  accordance  with 
the  logarithmic  formulism  suggested  by  equation  (6). 
It  is  apparent  that  at  applied  stresses  sufficiently  high 
for  the  shear  lag  to  be  most  applicable,  all  of  the 


resuits  have  about  the  same  magnitude  at  small  yjf 
when  normalized  in  accordance  with  the  logarithmic 
form 


where  a  is  the  applied  stress,  with  a.  b,  f  and  h  defined 
in  Fig.  6(a).  Consequently,  equation  (10)  encompasses 
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Non-Oimensional  Distance,  rn  (y/f) 


Fig.  13.  Variation  in  the  non-tlimenaional  lUeaa  in  the  ibear  lag  range  with  non-dimensional  distance,  yjf. 

(a)a/h.l.  (b)a/fr-0.4. 


all  of  the  effects  of  geometry,  applied  stress  and  yield 
strength;  furthermore,  this  parameter  is  relatively 
constant  for  ln(y/0  up  to  »  — 3.  At  intermediate  y If, 
the  stresses  exhibit  the  approximate  form 

(^)  -5.8gin(y//’)  (II) 

where  Q  is  a  coefficient  that  ranges  between  — 1/2  and 
- 1/3  for  different  geometries. 


4.  CRACK  PROGRESSION 

Most  of  the  experimental  information  presented  in 
Section  2  refers  to  crack  progression  wherein  fja  <  I, 
whereupon  S.S.Y.  conditions  should  ap^ly.  Conse¬ 
quently,  equating  /f|  in  equation  (8)  to  the  measured 
resistance  and  also  inserting  the  metal  layer  thickness 
(A  >■  100  pm),  then  the  maximum  stress  in  the 
AI2O)  upon  crack  extension  is  piloted  to  be 
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'400  MPa.  This  stress  is  similar  lO  the  reported 
strength  5  of  this  Al.O,  [1].  Hence,  a  plausible 
cntenon  for  crack  extension  is  that  (t__„  %  S.  leading 
to  a  critical  value  of  the  nominal  stress  intensitv 
factor.  A'lu,  given  by 

=  (12) 

The  implied  influence  of  the  metal  layer  thickness,  as 
well  as  the  insensitivity  to  the  yield  strength  Oo-  are 
clearly  amenable  to  further  expenmental  assessment. 

The  consequences  of  this  cntenon  for  short  cracks, 
when  the  shear  lag  limit  obtains,  is  deduced  from 
equation  (10)  by  equaung  <r^  to  5.  leading  to  an 
implicit  expression  for  the  cracking  stress,  a^.  given 
by, 


In  the  important  limit  a  b«\. 

ffj  *  (/iffo  u )( I  —  2.9<3.'f)).  (14) 

This  prediction  is  again  amenable  to  experimental 
assessment. 

5.  CONCLUDING  REMARKS 

A  key  feature  of  the  analysis  has  been  the  demon¬ 
stration  that  the  stresses  of  interest  can  be  rational¬ 
ized  on  the  basis  of  small-scale  yielding  and  shear  lag 
imits.  The  analysis,  coupled  with  experimental  re¬ 
sults  on  laminates,  suggests  that  a  stress  controlled 
fracture  criterion  applies,  with  crack  extension  occur¬ 
ring  when  the  peak  stress  in  the  ceramic  reaches  the 
fracture  strength.  This  criterion  predicts  that,  in  both 
S.S.Y.  and  S.L.  regimes,  the  crack  extension  resist¬ 


ance  is  enhanced  as  the  meial  layer  thickness  in¬ 
creases.  This  behavior  should  be  contrasted  with  the 
reduction  in  initial  cracking  stress  for  the  bnttle 
layers  as  the  thickness  increases  (1.9|  The  other 
property  predicted  to  be  of  importance  is  the  yield 
strength,  ct,,  .  However,  the  relative  roles  of  S  and  e,, 
are  strongly  influenced  by  the  operative  regime,  either 
S.S.Y.  or  S.L. 

Several  important  features  of  the  crack  extension 
process  have  not  been  addressed  in  the  present  study 
and  require  further  research.  A  more  complete  under¬ 
standing  of  the  transition  between  the  S.S.Y.  and  S.L. 
regimes  is  needed,  as  well  as  of  interactions  between 
plastic  zones  in  the  latter.  The  cnterion  for  crack 
extension  should  be  extended  to  involve  a  ceramic 
cracking  process  governed  by  weakest  link  statistics. 
Finally,  crack  bridging  effects  on  the  resistance  re¬ 
quire  consideration  in  order  to  provide  a  complete 
descnption  of  the  fracture  behavior. 

REFERENCES 

1.  B.  J.  Dalgleish.  K.  P.  Trumble  and  A.  G.  Evans.  Acta 
metall.  37.  1923  (1989). 

2.  H.  E.  Deve.  A.  G.  Evans  and  R.  Mehrabian.  Mater. 
Res.  Soc.  170,  33  (1990) 

3.  G.  R.  Odette.  W.  Shekerd  and  G.  E.  Lucas.  To  be 
published. 

4.  Y.  Klipfel.  M.  Y.  He.  R.  M.  McMeeking,  R.  Mehrabian 
and  A.  G.  Evans,  Acta  metall.  38,  1063  (1990). 

5.  G.  P.  Charepanov.  Mechanics  of  Brittle  Fracture. 
McGraw-HiU.  New  York  (1979) 

6.  S.  Timoshenko  and  J.  N,  Goodier.  Theory  of  Elasticity. 
p.  147.  McGraw-Hill.  New  York  (1959). 

7.  P.  Paris  and  G.  C.  Sih.  ASTM  STP  381  (1965). 

8.  J.  W.  Hutchinson.  Metal ICeramic  Interfaces  (edited  by 
M.  Ruble  et  a!.),  pp.  295-307.  Pergamon  Press,  Oxford 
(1990). 

9.  M.  S.  Hu  and  A.  G.  Evans.  Acta  metall.  37, 917  (1989). 


Acia  mttaU.  maier  Vol.  41.  No  2.  pp.  S05-$l  I.  1993 
Pholed  in  Great  Britain 


0956-71 5  t  93  $6,00 0.00 
Ptigamon  Pick  Ltd 


THE  FRACTURE  RESISTANCE  OF  DIRECTIONALLY 
SOLIDIFIED  DUAL-PHASE  NiAl  REINFORCED 
WITH  REFRACTORY  METALS 

F.  E.  HEREDIA*,  M.  Y.  HE‘,  G.  E.  LUCAS',  A.  C.  EVANS',  H.  E.  DtVE*  and 

D.  KONITZER* 

'Materials  Department,  College  of  Engineering,  University  of  California,  Santa  Barbara, 

CA  93106-5050,  '3M  Corporation,  St.  Paul,  Minnesota  and  'General  Electric,  Engine  Division, 

Cincinnati,  Ohio,  U.S.A. 

(Received  IS  June  1992) 

Abstract — The  fracture  resistance  of  two  directionally-solidified,  NiAl  refractory  metal  systems  has  been 
measured  and  analyzed.  One  system,  NiAl/Mo,  has  a  mkrostnictiire  consisting  of  Mo  rods.  The  second 
system,  NiAl/Ct<Mo),  has  a  layered  microstructure.  Both  materials  are  found  to  have  an  appreciably 
higher  initiation  toughness  than  NiAl,  followed  by  a  rising  resistance,  with  the  layered  microstructute 
giving  the  superior  properties.  The  results  have  been  rationalized  by  available  models  based  on  the 
following  thrw  mechanisms;  crack  trapping,  crack  lenucleation  and  ductile  phase  bridging. 


1,  INTRODUCTION 

The  fracture  resistance  characteristics  of  dual-phase 
intermetallics  with  a  second  phase  consisting  of  a 
ductile  refractory  metal  have  been  broadly  docu¬ 
mented  [1-6],  Present  understanding  indicates  im¬ 
portant  effects  of  the  flow  strength  and  ductility  of  the 
refractory  metal,  its  morphology  and  dimensions,  as 
well  as  the  interface  debond  resistance  [4-9],  There 
are  two  main  morphological  classes  of  dual-phase 
material  [10-12]:  (i)  type  I  materials  with  a  continu¬ 
ous  intermetallic  phase,  wherein  the  refractory  metal 
is  configured  as  either  a  network  or  as  aligned  rods; 
(ii)  type  II  materials  with  a  layered  structure  compris¬ 
ing  alternate  layers  of  intermetallic  and  metal.  The 
key  difierences  in  these  morphologies  are  sketched  in 
Fig.  1.  For  type  I  microstructures,  the  crack  has 
unimpaired  access  to  the  brittle  material;  whereas,  for 
the  type  II  layered  microstnicture,  a  crack  that  first 
forms  in  a  brittle  layer  must  renucleate  in  the  next 
brittle  layer  [13].  These  differences  are  reflected  in  the 
initiation  toughness.  The  subsequent  rise  in  the  resist¬ 
ance  with  crack  extension  is  expected  to  be  similar  for 
both  microstructures  [7, 8]. 

In  the  present  study,  the  two  morphological  classes 
of  refractory  reinforcement  are  investigated  for  the 
same  NiAl  matrix,  using  materials  produced  by  direc¬ 
tional  solidification  [10-12]:  (i)  NiAl/Mo  is  used  to 
provide  a  type  I  system  with  a  continuous  NiAl 
matrix,  pli:^  cUigned  rods  of  Mo  reinforcement;  (ii) 
NiAl/Cr(Mo)  is  used  to  create  a  type  II  system  with 
alternating  layers  of  NiAl  and  Cr(Mo).  The  fracture 
resistance  of  these  materials  is  measured  and  related 
to  microstructure,  through  crack  growth  models. 


2.  MATERIALS 

The  materials  studied  (Table  1)  were  produced  by 
directional  solidification  at  a  growth  rate  of  10  cm/h, 
using  procedures  described  elsewhere  [12].  The 
NiAl/Mo  material  has  the  type  I  microstructure 
shown  in  Fig.  2.  Polished  cross-sections  examined  in 
the  scanning  electron  microscope  (SEM)  indicate  that 
this  material  consists  of  aligned  Mo  rods  with  radius, 
R  0.6 3/m,  and  a  volume  fraction,/^  « 0.12.  Com¬ 
parable  examinations  of  the  NiAl/Cr(Mo)  material 
indicate  a  type  II  layered  microstructure  (Fig.  3). 
The  NiAl  layers  have  an  average  thickness 
hi  V  0.7S  3/m,  and  the  Cr(Mo)  layers  have  a  thick¬ 
ness,  V  0.3S  3/m,  corresponding  to  a  volume  frac¬ 
tion  of  refractory  metal,  /„ » 0.3.  The  layers  are 
essentially  continuous  in  the  growth  direction.  How¬ 
ever,  some  discontinuities  exist. 

3.  EXPERIMENTAL 

Specimens  were  made  by  EDM  with  the  dimen¬ 
sions  specified  in  Fig.  4.  A  narrow  straight  3  mm-deep 
notch  was  introduced,  also  by  EDM.  The  specimens 
were  loaded  in  flexure  upon  a  20  mm  span,  in  a 
servohydraulic  machine,  with  a  displacement  gauge 
in  contact  with  the  specimen.  Loads  were  imposed 
using  displacment  control  on  the  actual  specimen. 
This  technique  allowed  precracks  to  be  introduced 
from  the  notch.  Subsequent  to  precracking,  loads  and 
displacements  were  recorded  subject  to  constant  dis¬ 
placement  rates  and  the  crack  length  was  monitored 
using  a  high-resolution  optical  microscope.  Resist¬ 
ance  curves  were  generatml  using  this  approach. 
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a)  Type  I  Microstructures  :  Rods 


b)  Type  II  Microstructures  :  Layers 

Fig.  I.  A  schematic  showing  the  type  I  and  type  II 
microstructures  with  associated  crack  growth  events  and 
resistance  curves. 

Subsequent  to  testing,  fracture  surfaces  were  exam¬ 
ined  in  the  scanning  electron  microscope  (SEM)  and 
quantitative  measurements  made  of  the  plastic  stretch 
of  the  refractory  metal.  Other  morphological  features 
were  characterized,  as  appropriate. 

4.  MEASUREMENTS  AND  OBSERVATIONS 

Crack  growth  resistances  measured  on  the  two 
refractory  metal  reinforced  materials,  as  well  as  NiAl, 
are  summarized  in  Fig.  5.  The  corresponding  load, 
displacement  responses  are  plotted  on  Fig.  6.  It 
is  apparent  that  there  are  major  contrasts  in 
behavior,  (i)  The  NiAl  has  an  initiation  resistance, 
Ao*6MPa  .yin,  with  no  resistance  enhancement 
upon  crack  extension,  (ii)  The  NiAl/Mo  type  I  ma¬ 
terial  has  a  somewhat  higher  initiation  resistance, 
K^  =  10  MPa  .^yln.  Furthermore,  the  resistance  then 
rises  to  a  level  /T, »  15  MPa  yS,  after  a  crack  exten¬ 
sion,  Aa  »  300 /tm.  At  this  stage,  the  crack  extends 
unstably  across  the  specimen,  (iii)  The  NiAl/Cr(Mo) 
type  II  material  has  a  much  larger  initiation 


fin  regions  where  the  crack  extends  unstably,  the  Mo  does 
not  exhibit  significant  plastic  stretch,  indicative  of  a 
rate-dependent  ductile-to-brittie  transition. 
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resistance.  s:  17  MPa  ^  in.  followed  b>  a  nsing 
resistance  that  reaches  A,  ^  22  MPa  ^  in.  at  a 
crack  extension  Ao  %  500  ^m.  In  this  matenal.  crack 
growth  is  stable.  Furthermore,  the  load  displacement 
curve  (Fig.  6)  is  reminiscent  of  that  found  for 
duciilc/britte  laminates,  comprising  successive  load 
drops  as  the  crack  extends  across  the  brittle  layers 
(13]. 

In  the  NiAl/Mo  type  1  material,  plastic  stretching 
of  the  Mo  is  evident  from  inspection  of  the  side 
surfacest  (Fig.  7).  Corroborating  evidence  that  the 
Mo  is  ductile  is  obtained  from  fracture  surfaces 
(Fig.  8).  It  is  also  evident  from  Fig.  8  that  the 
Mo/NiAl  interface  is  susceptible  to  debonding.  with  a 
debond  length  (d  ^  R)  sufficient  to  achieve  a  plastic 
stretch,  ^  1  .SR.  At  locations  where  the  crack 
interacts  with  the  Mo,  there  are  steps  in  the  NiAl. 


Fig.  2.  Cross  section  of  the  NiAl/Mo  system  examined 
in  the  scanning  electron  microscope,  (a)  general  view, 
(b)  aligned  rods. 
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Fig.  3.  Cross  section  of  the  NiAI.'Cr(Mo)  system  examined 
in  the  SEM,  (a)  overview,  (b)  layers. 


manifest  as  “trails”  emanating  from  the  reinforce¬ 
ments  (Fig.  9).  These  "trails"  are  typical  of  those 
induced  by  crack  trapping  [14-17],  as  the  crack  front 
circumvents  the  reinforcements. 

The  fracture  morphology  for  the  type  II  layered 
material  is  more  difficult  to  specify.  A  key  feature  is 


25  mm 


8  mm 

Fig.  4.  The  specimen  geometry  used  for  fracture  resistance 
testing. 
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Fig.  5.  Resistance  curve  results,  (a)  NiAl/Mo,  (b) 
NiAI/CifMo).  Also  shown  are  predicted  values  of  the 
initiation  toughness  and  subsequent  propagation  resistance. 


the  intermittent  splitting  that  occurs  at  the 
NiAI/refractory  metal  interface  evident  both  from 
side  views  and  from  fracture  surfaces  (Fig.  10).  The 
split  length  can  be  relatively  large,  but  the  majority 
of  the  interface  decohesions  are  small,  typically 
10  The  ductility  of  the  refractory  metal  is  evident 
from  the  plastic  stretch  exhibited  on  the  fracture 


OaptaowiMfit  (iim) 

Fig.  6.  Load/displacement  curves  measured  for  the  two 
materials. 
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Fig  7  SI’M  views  of  a  crack  oxlendmg  in  ihc  NiAl  Mo 
syslem.  indicalmg  ihc  plastic  stretch  of  the  Mo  that  occurs 
as  the  crack  extends  through  the  material 


surface  (Fig.  11).  as  well  as  the  dtstortion  between 
adjacent  interface  decohesions  (Fig.  10). 

5.  SOME  BASIC  MECHANICS 

Interpretation  of  the  preceding  measurements  and 
observations  is  subject  to  know  ledge  of  the  mierome- 
chanics  associated  with  each  of  the  observed  mechan¬ 
isms.  The  most  important  are:  (i)  ductile  phase 
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Fig.  9.  Higher-resolution  SEM  views  of  the  fracture  surface 
of  the  NiAI  Mo  indicating  characteristic  crack  trapping 
■■trails"  in  the  NiAl 


bridging;  (ii)  crack  front  trapping;  (iii)  splitting;  and 
(iv)  crack  renucleation.  The  mechanics  of  each 
phenomenon  is  briefly  reviewed  and  the  salient  results 
provided. 

5.1.  Bridging 

When  crack  bridging  by  ductile  reinforcements 
occurs,  it  contributes  to  a  geometry  insensitive  rise  m 
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Fig.  8.  SEM  fractographs  of  the  NiAl  Mo  system  showing 
plastic  stretch  of  the  Mo  and  interface  debonding. 


Fig.  10.  Periodic  splitting  evident  on  both  fracture  and  side 
surfaces,  in  some  regions  of  the  layered  NiAl  CriMol 
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Fig.  1 1 .  A  high-resolution  view  of  a  fracture  surface  show¬ 
ing  plastic  stretch  of  the  refractory  metal  to  a  ridge. 


crack  growth  resistance  [7-18].  The  principal  charac¬ 
teristics  are  governed  by  the  flow  properties  of  the 
refractory  metal  reinforcement,  as  well  as  the  extent 
of  interface  debonding.  The  maximum  toughening 
arises  when  the  interface  is  susceptible  to  debonding. 
In  this  case,  the  following  relationships  have  been 
found  to  predict  toughening,  provided  that  the  refrac¬ 
tory  metal  also  has  high  ductility  [9, 18],  (i)  A  linear 
softening  traaion  law  governs  bridging,  with  peak 
stress,  a,. ,  plastic  stretch  u,  [1 8]  leading  to  an  elevation 
of  the  steady-state  fracture  energy,  AT,,  given  by 

Ar,=fMl2.  (1) 

The  magnitudes  of  a,  depend  on  the  interface, 
through  the  extent  of  debonding.  When  debonding  is 
extensivct,  the  peak  stress  <7^ »  Oo<  Ihe  uniaxial  yield 
strength,  whereas  the  plastic  stretch,  Uc»d,  the 
debond  length  [2,4].  (ii)  Between  initiation  and 
steady-state,  the  enhanced  fracture  energy  AT^  has  the 
form  [9, 18]. 

ATr  » a,/u,[1.6a  - O.la^  -F 0.5ac’]/4 

with 

a=Aa/L.  (2) 

where  L,  is  the  crack  length  at  the  onset  of  steady- 
state,  given  by  [18] 

L,  =  0.l2nu^E/ac  (3) 

with  E  being  the  composite  Young's  modulus. 

5.2.  Crack  trapping 

Crack  trapping  effects  arise  in  type  I  materials  with 
a  continuous  brittle  matrix  [14-17].  It  occurs  when 
the  crack  front  interacts  with  higher  toughness 
reinforcements,  requiring  the  crack  to  penetrate  be¬ 
tween  the  reinforcements.  The  associated  pertur¬ 
bation  of  the  crack  front  requires  an  increase  in  the 
imposed  stress  intensity  factor,  corresponding  to  an 


tWithout  debonding,  constraint  causes  to  be  appreciably 
above  <r,;  typically  »  4<to  [7]. 


increase  in  crack  growth  resistance.  The  important 
variables  affecting  the  resistance  are  the  volume  frac¬ 
tion  of  reinforcements.  /„,.  as  well  as  a  parameter  that 
provides  a  combined  measure  of  the  reinforcement 
toughness  and  the  interface  integriiv .  Simulations  of 
this  phenomenon  have  been  performed  for  a  range  in 
/„  and  reinforement  properties  [15-17].  The  results 
are  summarized  in  Fig.  12.  It  is  apparent  that,  when 
the  reinforcement  has  a  high  toughness,  substantial 
trapping  effects  occur,  even  at  moderate  volume 
fractions. 

5.3.  Splitting  and  renucleatwn 

In  materials  having  a  layered  type  II  microstruc¬ 
ture.  with  alternating  brittle  and  ductile  layers,  crack 
extension  is  impeded  at  the  interface  [13. 19].  The 
impediment  occurs  either  by  plastic  blunting,  when 
the  interface  has  good  integrity  (as  found  in  Al-Oj/AI) 
[13. 19],  or  by  splitting,  when  the  interface  decoheres 
(as  found  in  TiAI/Nb)  [I].  In  both  cases,  the  interven¬ 
ing  ductile  layer  modifies  the  stress  ahead  of  the  crack 
front  [20,21].  The  stress  modification  caused  by 
yielding  with  a  well-bonded  interface  only  becomes 
significant  when  the  yield  strength  ffg  is  much  lower 
than  fracture  strength  of  the  intermetallic  [20],  such 
that  the  slip  length,  L,  is  larger  (Fig.  1 3).  Nevertheless, 
the  mere  existence  of  this  ductile  layer  displaces  the 
next  brittle  layer  to  a  location  that  experiences  dimin¬ 
ished  stress.  Consequently,  a  crack  renucleation 
phenomenon  must  occur  (at  this  reduced  stress  level) 
before  crack  growth  can  proceed.  The  stress  in  the 
brittle  layer,  a^y,  that  dictates  the  renucleation  event 
has  magnitude  (Fig.  13)  [13, 19,20] 

<fyy  *  1  W 
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Fig.  12.  Predictions  of  the  influence  of  crack  trapping  on  the 
initiation  fracture  toughness  [IS -18]. 
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where  is  the  crack  tip  stress  intensity  factor 
dictated  by  the  applied  load,  pluc  crack  face  tractions 
caused  by  bridging,  etc.  In  order  to  predict  the 
critical  applied  K,  a  renucleation  criterion  is 
needed  in  conjunction  with  equation  (4),  as  discussed 
below. 

Conversely,  the  stress  can  be  substantially 
modified  by  splitting.  TIm  important  variables 
affecting  this  behavior  are  expressed  by  the  relation 
1211 

<t„^K^«F(Llh^,llh^)  (5) 

where  L  is  now  the  split  length,  /  the  crack  length  and 
is  the  function  plotted  on  Fig.  14.  The  stress 
alleviation  caused  by  splitting  is  pronounced  when 
the  split  length,  as  well  as  the  crack  length,  are 
relatively  large.  However,  for  short  cracks,  a„  in¬ 
creases  upon  initial  splitting. 

Renucleation  occurs  when  <r„  reaches  the  critical 
level  needed  to  form  a  crack  in  the  next  brittle  layer. 
Two  bounds  govern  this  criterion,  dependent  on  the 
intermetallic  layer  thickness,  A|.  When  the  layer  is 
relatively  thick,  cracking  involves  flaws  in  the  inter* 
metallic  and  a  statistical  criterion,  based  on  the 
inteimetalUc  tensile  strength,  is  relevant  [13, 19].  For 
thin  layers,  a  tunnel  cracking  mechanism  occurs, 
controlled  by  flaws  that  propagate  through-thickness 
in  steady-state  [22, 23].  Such  behavior  is  deterministic 
and  occurs  at  a  critical  stress  given  by 

S  =  (6) 

where  An,  is  the  critical  mode  I  stress  intensity  factor 
for  the  intermetallic  and  is  a  numerical  coefBcient, 
of  order  unity.  By  equating  <r„  in  equation  (5)  to  5 
in  equation  (6),  the  renucleation  toughness,  A^, 
becomes 

AN  =  A.[n/Fl7^.  (7) 

t 


Relative  Length,  L  /  hn, 

Fig.  13.  Effects  of  slip  and  splitting  on  the  o„  stress  ahead 
of  a  semi-infinite  crack  in  a  layered  material  [20]. 


Fig.  14.  Effects  of  splitting  on  the  stress  ahead  of  a  finite 
crack  in  a  layered  material  [21]. 

6.  ANALYSIS  OF  RESULTS 

Interpretation  of  the  experimental  results  is 
achieved  by  initially  addressing  the  effects  that  govern 
the  elevation  of  the  initiation  toughness  above  the 
matrix  toughness  using  the  parameters  summarized 
in  Table  1.  The  enhanced  toughness  involves  crack 
trapping  in  type  I  material  and  mack  renucleation  in 
type  II  material.  For  the  type  I  NiAl/Mo  system,  the 
crack  trapping  calculations  (Fig.  12),  in  conjunction 
with  a  NiAl  matrix  toughness  of  5-6MPa>yW 
predict  an  initiation  toughness,  Ag «  10  MPa  .^m 
[Fig.  S(a)].  This  value  fo  A^  is  consistent  with  the 
resistance  measured  at  crack  extensions  up  to 
~100/im. 

For  the  type  II  NiAl/Cr(Mo)  system,  initial  crack 
extension  involves  renucleation  which  occurs  at  a 
stress  intensity  A^,  given  by  equation  (7)  with  the 
parameters  summarized  in  Table  1.  The  prediction 
that  appears  to  be  consistent  with  the  experimental 
measurement  is  that  based  on  the  assumption  that 
splitting  is  ubiquitous. 

Following  initial  crack  growth,  the  increase  in 
resistance  AT ^  caused  by  deformation  of  the  intact 
refractory  metal  ligaments  is  given  by  equations 
(I)-(3),  based  on  the  parameters  indicated  on 
Table  1.  The  corresponding  steady-state  stress  inten¬ 
sity  factor  Ak  is  related  to  ATi^  by 

K^^yjKi  +  Ei^^.  (8) 

This  predicted  effect  of  bridging  is  superposed  on  the 
experimental  data  (Fig.  5).  It  is  apparent  that  ductile 
bridging  does  not  fully  account  for  the  increase  in 
resistance  found  experimentally  for  either  material. 
Such  conditions  contrast  with  the  dominant  effect  of 
ductile  bridging  found  in  other  ceramic  and  inter¬ 
metallic  matrix  composites  [1, 2, 4, 9]. 

The  extra  contribution  to  the  crack  growth  resist¬ 
ance  probably  arises  from  the  non-planarity  of  the 
fracture.  This  phenomenon  is  known  to  increase  the 
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ductile  phase  bridging  contribution  to  the  crack 
growth  resistance  [8],  as  well  as  introducing  possible 
frictional  contributions  when  the  crack  faces  are  in 
contact  [24],  A  quantification  of  these  effects  is  not 
attempted. 

7.  CONCLUDING  REMARKS 

The  formation  of  refractory  metal  reinforcements 
within  NiAl  by  directional  solidification  has  been 
shown  to  provide  a  marked  increase  in  the  resistance 
to  fracture.  The  most  important  effects  relate  to  the 
substantial  increase  in  initiation  toughness,  which 
involves  interactions  of  the  crack  front  with  the 
refractory  metal.  These  interactions  depend  on  the 
reinforcement  and  matrix  morphologies,  and  involve 
crack  trapping,  as  well  as  renucleation  phenomena. 
Existing  models  of  these  mechanisms  appear  to  be 
consistent  with  the  experimental  measurements. 

Crack  trapping  represents  a  substantial  contri¬ 
bution  to  the  overall  fracture  toughness  of  the 
NiAl/Mo  system.  A  similarly  important  role  of  crack 
trapping  has  not  been  evident  from  data  on  related 
intermetallic  and  ceramic  systems,  which  have  rela¬ 
tively  coarse  microstructure  (ff>10/<m)  and  low 
modulus  reinforcements  [1,9].  Crack  trapping  is  pre¬ 
dicted  to  be  dependent  only  on  volume  fraction  and 
thus  be  independent  of  scale.  The  relatively  high 
modulus  of  the  Mo  may  thus  be  critical.  Notably, 
when  a  crack  approaches  a  bimaterial  interface,  its 
motion  is  retarded  by  a  high  modulus  layer,  because 
of  the  diminshed  crack  opening,  reflected  in  a  reduced 
stress  intensity  factor  [22,23].  Consequently,  the 
crack  often  arrests  before  reaching  the  interface.  Such 
a  condition  would  facilitate  the  crack  bowing  mech¬ 
anism  that  is  assumed  in  the  trapping  calculation 
[lS-17]  and  be  consistent  with  the  bowing  demar¬ 
cation  found  in  the  NiAl/Mo  system.  This  presumed 
importance  of  the  reinforcement  modulus  requires 
additional  study. 
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AMraet — ^Layered  materials  comprised  of  one  brittle  and  one  ductile  constituent  exhibit  crack  growth 
diaracteristics  that  depend  on  the  sequential  renucleation  of  cracks  in  each  brittle  layer.  An  analysis  of 
the  problem  is  present  with  two  different  interface  responses.  One  for  a  well-bonded,  slipping  interface 
and  the  other  for  an  interface  that  debonds.  It  is  shown  that  either  slip  or  debonding  enhance  the  fracture 
resistance,  with  debonding  being  the  more  effective.  The  analysis  is  compared  with  experimental  results 
for  several  layered  systems. 


1.  INTRODUCTION 

Nanoacale  and  microacale  layered  materials  can 
exhibit  unprecedented  nMchanical  property  profiles: 
stiffness,  tensile  strength,  notdi  strength,  creep 
strength,  fatigue  resistance,  etc.  Furthermore,  possi¬ 
bilities  for  qmtial  tailoring  exist,  especiaUy  whra  the 
materials  are  produced  by  vapor  deposition.  Alter¬ 
nating  layers  of  brittle  and  ductile  materials  have 
particular  interest,  because  the  disparate  properties  of 
the  constituents  provide  the  id^  onwrtunity  for 
achieving  novel  property  profiles.  Among  this  group 
are  metal/oeramic  and  metal/intermetallic  systems. 
Sudi  materials  provide  a  focus  for  the  present  article. 

A  substantial  theoretical  and  experimental  back¬ 
ground  relevant  to  layered  systems  of  this  type  exists 
in  the  followiiig  fiekb  0)  pearUte  [1],  (ii)  ceramic 
fiber-reinforced  metals  {2,3],  (iii)  m^-toughened 
ceramics  [4,3]  and  intermetallics  [6-9].  However, 
some  unique  crack  growth  features  expected  in 
layered  systems  are  emphasized  in  this  study.  The 
objective  is  to  provide  a  mechanics  framework  for 
predicting  the  crack  growth  resistanoe  of  ductile/ 
brittle  layered  materials,  in  terms  of  constituent 
material  properties  (including  the  interfaces),  as  well 
as  the  layer  thicknesses.  Two  predominant  interface 
re^Kmaes  ate  considered,  (a)  A  well-bonded  interface 
subject  to  aUp  by  plastic  tow  in  the  metal,  (b)  An 
int^ace  that  debcmds  and  splits  in  a  controlled 
manner. 

X  EXPERIMENTAL  BACKGROUND 

Experimental  results  on  crack  growth  have  been 
presented  for  layered  metal/ceramk  and  metal  inter- 
metallic  systems  produced  using  a  variety  of  process¬ 
ing  tech^ues:  diffusion  bonding  (DB)  [10, 1 1], 
directional  solidification  (DS)  [12],  thermal  process¬ 
ing  (TP)  [13]  and  physical  vapor  deposition  (PVD) 
[14].  However,  different  length  scales  are  involved. 


Diffusion  bonded  systems  have  layer  thicknem, 
h  ^20/im;  DS  materials  have  A  »  I  pm,  TP  ma¬ 
terials  have  A  « 0.1  pm  and  PVD  materials  have 
A  %  0.01-1  pm.  Experimental  studies  conducted  on 
these  systems  have  identified  the  existence  of  a  major 
fracture  mechanism  transition.  The  two  fractkm 
mechanisms  are  [10]:  (i)  Class  I  behavior  dominated 
by  a  single  crack,  (ii)  Class  n  behavior  involving 
multiple  microcracking.  The  conditions  that  dictate 
the  transition  between  these  mechanisms  have  not  yet 
been  explicitly  delineated.  Nevertheless,  it  is  apparent 
from  the  experiments  that  Class  I  behavior  is  most 
likely  when  both  the  metal  content  is  relativdy  low 
and  the  layers  are  relatively  thick  [10].  This  behavior 
is  emphasized  in  the  present  arti^  (Fig.  1). 

When  the  metal  layers  retain  good  ductility 
through  processing,  plastic  stretch  of  the  metal  layers 
accompanies  crack  growth,  resulting  in  a  fracture 
surface  morphology  having  the  characteristics  de¬ 
picted  in  Fig.  2.  Notably,  the  metal  layers  ru{rtute 
along  a  ru^e  [10],  When  this  occurs,  without  int^aoe 
debonding,  crack  growth  is  subject  to  a  leastance 
curve  having  the  characteristics  indicated  on  Fig.  3: 
(i)  An  initiation  resistanoe,  K„,  exceeding  that  of  the 
brittle  layer,  K,,  followed  by  a  rising  resistanoe.  (ii) 
When  the  metal  layers  are  thin  (A.  <  1  pm,  where  A^ 
is  the  metal  layer  thickness),  a  steady-state  fracttae 
resistance,  K,,  is  reached,  (iii)  Thicker  metal  layers 
(A.  >  10  pm)  may  result  in  a  continuously  rising 
resistance  caused  by  large-scale  bridging  (LSB) 
[15-17].  Generally,  both  Am  ^  increase  as  A^ 
increases  (Fig.  4)  [10]:  K,  a^  increases  as  the  metal 
yield  strength  Oo  aod  the  metal  volume  fraction, 
inoease. 

Interface  debonding  and/or  misaligned  layers  result 
in  reastanoe  curves  having  the  same  qualitative  fea¬ 
tures,  but  subject  to  quantitative  diffemoes.  Usually. 
interface  decohesion  eieoates  both  and  X,,  but  the 
fracture  morphology  is  more  intricate  [12]  (Fig.  S). 
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Fig.  I .  A  schematic  of  crack  growth  in  a  layered  material 
with  associated  resistance  curve. 

Misalignment  introduces  an  additional  level  of  com¬ 
plexity  though  effects  on  crack  path,  on  crack  trap¬ 
ping,  ligament  formation,  etc.  (13, 18, 19]  (Fig.  6). 
Notably,  a  crack  may  extend  along  a  low  fracture 
energy  plane,  within  a  colony,  having  layers  oriented 
normal  to  the  loading  axis.  It  then  encounters  a 
colony  with  obliquely  oriented  layer  planes.  At  this 
encounter,  the  crack  is  arrested  and  induces  a  series 
of  decohesion  and  deformation  events  that  dictate  the 
subsequent  behavior  (13, 18, 19). 

3.  THE  MECHANICS  OF  LAYERED  MATERULS 

Some  basic,  analytical  results  for  cracks  normal  to 
the  interfaces  in  elastically  homogeneous  bodies  are 
reviewed,  before  presenting  numerical  results  that 
address  specific  issues.  Asymptotic  solutions  for  semi¬ 
infinite  cracks  arrested  at  an  interface  provide  the 
information  summarized  in  Fig.  7  (20].  The  normal 
stresses,  a*,  in  the  brittle  layers  ahead  of  the  crack 
front  are  important,  since  these  layers  are  susceptible 
to  the  events  that  result  in  macroscopic  crack  growth. 
The  calculations  show  that  yielding  in  the  metal  layer 
at  the  crack  front  has  minimal  effect  on  a*,  except  for 
very  low  values  of  yield  strength,  Og  (Fig.  7(a)].  The 
essential  non-dimensional  parameter  is 

Cl  =  hJaJKf  (1) 

where  K  is  the  stress  intensity  factor.  Notably, 
reduced  values  of  <t*  only  arise  when  n<0.02; 
moreover,  when  Q  is  small,  the  following  limit  must 
obtain:  Q*-»0  as  (To“*0. 

When  the  interfaces  decohere,  the  normal  stress,  a* 
ahead  of  the  crack  can  be  dramatically  reduced  (20] 
(Fig.  7(b)].  In  particular,  there  is  a  strong  influence  of 
the  decohesion  length  L  on  a*,  when  L/fc„  exceeds 
~3.  Indeed,  when  10,  a*  is  about  half  the 


Al'AljO, 


h„  -  8  pm 

Fig.  2.  A  scanning  electron  fractograph  of  a  diffusion- 
bonded  AljOj/AI  material  indicating  plastic  stretch  of  the 
Al  to  a  ridge. 
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Fig.  3.  Resistance  curves  for  three  layered  materials, 
(a)  AljOj/Cu  with  h_«130/rm.  (b)  NiAI/Cr(Mo)  with 
«  I  /rm,  (c)  TiAl/Nb  with  %  SO  ^m. 


value  that  obtains  without  splitting.  Furthermore, 
(r*-»0  when  Li'h-*co,  and  is  negligibly  small, 
(<0.01)  when  Llh„  >  30.  Consequently,  splitting  has 
a  considerably  larger  effect  on  rr*  than  slip. 

To  address  effects  of  crack  size  on  crack  growth, 
numerical  results  for  both  splitting  and  slip  have  been 
obtained  using  finite  element  procedures  with  elastic 
homogeneity  assumed.  The  finite  element  mesh  is 
depicted  in  Fig.  8.  For  calculations  with  splitting,  the 
split  length  L  is  prescribed.  When  slip  occurs,  the 
shear  stress  on  the  interface  is  not  allowed  to 
exceed  the  shear  strength,  t  =  This  model 

approximates  the  effect  of  yielding  in  the  metal  layers. 
The  numerical  results  obtained  for  both  mechanisms 
(Fig.  9)  reveal  appreciable  effects  of  crack  size.  The 
trend  is  for  a*  to  increase  as  the  crack  size  decreases. 

In  some  cases,  the  crack  does  not  extend.  Instead, 
splitting  occurs  ahead  of  the  crack  (Fig.  6),  resulting 
in  ligament  formation.  This  process  is  governed  by 
the  stress.  Variations  in  this  stress  with  distance 
from  the  crack  front  (Fig.  10)  indicate  a  maximum. 
This  maximum  occurs  at  a  distance  ahead  of  the 
crack  v2L. 

4.  CRACK  GROWTH  PREDICTION 

The  preceding  mechanics  must  be  coupled  with  a 
crack  growth  criterion  in  order  to  predict  the  crack 
growth  resistance.  It  has  been  proposed  that  the 
RKR  criterion  (21]  is  most  appropriate  when  layer 
cracking  is  the  operative  mechanism.  This  criterion 
states  that  fracture  proceeds  when  a*  attains  the 
fracture  strength  S  of  the  brittle  layersf.  The  magni¬ 
tude  of  the  tensile  stress  at  which  cracking  occurs  in 


fConsistent  with  the  behaviors  found  for  Fe/FesC  materials 

11,21). 
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Metal  Layer  Thickness  ,  h„  (um) 

Fig.  4.  Measurements  of  Kn  as  a  function  of  metal  layer 
thickness  tor  the  AljOj/Al  and  Al20j/Cu  systems. 
predictions  are  also  ^own. 

the  brittle  layer  is  subject  to  a  mechanism  transition. 
When  the  layers  are  sufficiently  thick  that  the  fracture 
flaws  are  smaller  than  the  layer  thickness,  the  layer 
strength,  S,  is  flaw  controlled  [10].  In  this  case,  5  is 
related  to  the  tensile  strength  of  the  material  (as 
qualified  by  statistical  issues  associated  with  the  stress 
gradient  and  the  layer  thickness).  When  the  layers  are 
thin,  relative  to  the  flaw  size,  the  layer  strength  is 
controlled  by  tunnel  cracking  [22].  For  this  cracking 
mode,  the  fracture  toughness  and  the  layer  thickness 
have  a  dominant  influence  on  5  (Fig.  11).  The 
strength  controlled  by  tunnel  cracking  is  given  by 

5  =  Z(a:,/V\)  (2) 

where  h^,  is  the  thickness  of  the  brittle  material  and  I 
is  a  non-dimensional  parameter  of  order  unity  that 
depends  in  the  extent  of  debonding  and  sliding  [23]. 


5.  COMPARISON  WITH  EXPERIMENTS 

The  preceding  calculations  can  be  compared  with 
experiments  in  which  explicit  measurements  have 
been  made  of  the  toughness  of  the  brittle  constituents 
and  the  initiation  toughness  of  the  layered  system. 


NiAI/Cr(Mo) 


Fig.  5.  The  fracture  surface  for  a  NiAl/Cr(Mo)  layered 
material  indicating  splitting,  as  well  as  plastic  distortion. 
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TiAI/TisAI 


Fig.  6.  A  crack  within  a  layered,  colony  structure  exhibited 
by  the  system,  TiAl./TijAl. 


Such  results  exist  for  the  three  systems  summarized  in 
Table  1,  as  illustrated  in  Fig.  3.  In  other  layered 
materials,  inelastic  behavior  in  the  more  brittle  con¬ 
stituent  (e.g.  twinning  in  TiAl)  [13,24]  invalidates 
direct  comparison  with  the  present  calculations. 


Fig.  8.  Finite  element  mesh  used  to  evaluate  effects  of  slip 
and  spUtting. 


(a) 


R«iativ«  Oistanoe  from  Crack.  Q  -  hm(t  /  K)^ 


t 


Relative  Length,  L I  hm 

Fig.  7.  Asymptotic  solutions  for  the  effects  of  slip  and 
splitting  on  the  stress,  a*,  (a)  The  normal  stress  ahead  of  the 
crack  as  a  function  of  relative  distance  from  the  crack  with 
a  slip,  (b)  The  normal  stress  ahead  of  the  crack  as  a  function 
of  the  relative  slip  or  splitting  length. 


Inspection  of  the  results  reveals  that  the  initiation 
toughness  K,i  is  relatively  larger  for  systems  that 
exhibit  interface  splitting  (NiAl  and  TiAl),  in  quali¬ 
tative  accordance  with  the  calculations.  Furthermore, 
explicit  comparisons  can  be  made  for  each  material, 
(i)  In  AljOj/Al  and  Al20]/Cu,  there  is  no  interface 
debonding  [10, 25]  (Fig.  2).  Moreover,  for  the  systems 
tested,  the  AI2O3  layers  are  relatively  thick  and  have 
fracture  properties  in  the  flaw  controlled  regime. 
Using  independently  measured  value  of  the  ceramic 
tensile  strength  [10],  5,  and  metal  yield  strength,  a^, 
a  comparison  of  the  predicted  and  measured  values 
of  initiation  toughness  is  shown  in  Fig.  4,  for  a  range 
of  metal  thicknesses  and  volume  fractions  [10],  The 
good  correlation  validates  the  strength-based  (RKR) 
approach  [21],  at  least  when  the  interface  is  strongly 
bonded,  (ii)  The  NiAl/Cr(Mo)  system  exhibits  pro¬ 
fuse  interface  splitting  (Fig.  S)  [12].  However,  not  all 
interfaces  are  susceptible  to  spUtting.  When  spUtting 
occurs,  the  split  lengths  are  appreciably  larger  than 
the  layer  thickness  (L/A  k  10).  Moreover,  the  thin 
intermetaUic  layer  thickness  dictates  that  fracture 
proceed  by  tunnel  cracking,  such  that  equation  (2) 
applies.  Predictions  are  made  both  with  and  without 
spUtting,  as  indicated  on  Fig.  12.  The  correlation  with 
experiment  is  indicative  of  a  predominant  role  of  spUt 
interfaces,  (iii)  For  the  TiAl/Nb  system,  the  TiAl  is 
relatively  thick  and  is  expected  to  be  in  the  flaw 
controUed  regime  [6, 17].  Interface  spUtting  is  also 
evident  in  this  system  (L/h  %  2).  However,  indepen¬ 
dent  measurments  of  tensile  strength  for  TiAl  are  not 
available. 

The  calculations  assist  in  the  interpretation  of  a 
splitting  phenomenon  found  in  TiAl/Ti,Al  with  a 
lamellar  or  layered  colony  microstructure  [13, 18, 19] 
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Relative  Split  Length.  L/hm 
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0  10  20  30 


Relativ«  Slip  Length,  L/h„ 


Oislanca  From  Crack  Tip ,  x  /  L 

Fig.  10.  Tbe  in-pUne,  o„  xtms  ahead  of  a  crack  with  a  q>lit. 

be  made  about  crack  growth  in  layered  materials.  Tbe 
first  important  result  is  that  materials  with  thin  layers 
and  well-bonded  interfaces  have  an  initiation  tough¬ 
ness  exceeding  that  of  the  brittle  constituent,  but  only 
by  >/2x/a/(l  — /_).  Substantially  higher  values  of 
initiation  toughness  require  either  thicker  layers  or 
interfaces  that  exhibit  extensive  debonding  aadlm 
sliding.  Control  of  the  interface  has  greater  appeal, 
because  the  advantages  of  thick  layers  are  only 
manifest  at  thicknesses  in  the  10-100  pm  range. 
Interface  debonding  is  not  yet  predictable  from  fun¬ 
damental  principles,  but  some  empirical  guidelines 
exist  that  provide  useful  insight  [26]. 

While  interface  slip  is  not  as  effective  as  debonding 
in  enhancing  toughness  (Fig.  7),  slip  may  still  be  more 
attractive,  when  reasonable  transverse  properties  are 
required.  An  interesting  option  in  this  regard  is 
suggested  by  an  experimental  observation  that  a 
ductile  interface  layer  can  lead  to  high  toughness  [17]. 
Notably,  a  thin  interface  layer  with  low  yield  strength 
should  provide  high  initiation  toughness,  by  enabling 
the  slip  length  to  become  large  compared  with  the 


Fig.  9.  Effect  of  crack  size  on  the  stress  ahead  of  a  crack 
subject  to  (a)  splitting  or  (b)  slip. 

(Fig.  6).  In  this  material,  periodic  splits  occur  where 
the  crack  encounters  a  colony  with  the  layers  oriented 
normal  to  the  crack  plane.  There  is  no  coplanar 
cracking  of  the  TLAl  layers.  The  splitting  is  attributed 
to  the  <r„  stress  and  indeed,  occurs  where  this  stress 
has  a  maximum,  at  x/L»2  (Fig.  10).  However,  a 
criterion  for  predicting  the  onset  of  periodic  split 
cracking  would  requite  an  in-plane  strength  property 
for  the  TLAl  layers  (or  the  TiAl/Ti3Al  interface),  yet 
to  be  identified. 

6.  IMPUCATIONS 

The  above  connections  between  experimental 
results  and  the  analysis  allow  some  implications  to 


1  10  10*  10* 
Brittle  Layer  Thickness,  h 


Fig.  11.  A  schematic  of  the  trend  in  strength  with  brittle 
layer  thickness. 
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Tabk  I  MaicnaJ  (yiieras  invcMiiated 


System 

Layer  thicknett  Oim) 
Brittle  Ductile 

JC,  (MPs^m) 

AljOj/Al 

45-680 

8-250 

3.5 

AliO,/Cu 

480 

25-130 

3.5 

NiAI/Cr(Mo) 

0.75 

0.35 

5 

TiAi/Nb 

100-200 

50 

6-8 

layer  thickness.  Such  a  thin  layer  should  not  degrade 
the  propagation  toughness  associated  with  ductile 
phase  bridging. 


7.  CONCLUSION 

An  analysis  has  been  presented  that  predicts  the 
initiation  toughness  for  layered  materials  with  one 
brittle  constituent.  The  analysis  appears  to  be  consist¬ 
ent  with  experimental  results  for  several  ceramic/ 
metal  and  intermetallic/metal  systems  produced  by 
either  diffusion  bonding  or  directional  solidification. 
Two  important  implications  have  been  addressed, 
(i)  Ttun  layer  bimaterial  systems  with  well-bonded 
interfaces  are  not  conducive  to  substantial  toughen¬ 
ing.  (ii)  Higher  initiation  toughness  can  be  achieved 
with  thick  layers.  But,  a  mote  attractive  approach 
is  to  introduce  thin  interface  layers  that  allow 
extensive  (but  controlled)  inelastic  deformation, 
either  by  slip  or  debonding.  Among  these  two 
options,  slipping  interfaces  are  preferred  (where 
possible),  because  they  provide  superior  transverse 
cracking  resistance.  These  layers  can  be  produced 
either  by  reaction  between  the  bimaterial  constituents 
or  by  using  physical  vapor  deposition  to  produce  the 
multilayers. 

The  analysis  may  also  be  used  to  rationalize  behav¬ 
iors  found  in  lamellar  microstructures,  such  as  peri¬ 
odic  splitting.  These  splitting  effects  are,  in  turn, 
fundamental  to  the  high  toughness  exhibited  by  these 
materials.  Further  study  of  such  phenomena  may 
lead  to  a  fundamental  understanding  of  the  fracture 
properties  of  lamellar  systems. 
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Fig.  12.  Predictions  of  initiation  toughness  for  weakly 
bomted  layered  systems  with  and  without  splitting  and 
comparison  with  results  for  NiAl/Cr(Mo). 


Finally,  it  is  recognized  that  new  effects  may 
emerge  in  nanoscale  systems,  wherein  the  defor¬ 
mation  of  the  metal  layers  is  governed  by  the 
threading  of  individual  dislocations.  However,  the 
expectation  is  that  the  associated  enhancement  in  the 
resistance  to  plastic  flow  would  lead  to  lower  levels  of 
initiation  toughness  than  those  addressed  by  the 
present  analysis. 
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